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Kinetics of Iron Oxide Reduction 


Iron-oxide pellets were reduced in hydrogen over a vange 
of 0.07 to 0.97 atm pressure and 400° to 1050°C. The rate of 
reduction per unit area is found to be constant with time and 
directly proportional to the partial pressure of hydrogen. The 
enthalpy of activation for the temperature range 400° to 550°C 


is 14,900 cal per mole and for the temperature range 600° to 


1050°C is 15,300 cal per mole. 


Tue reduction of iron oxides and various iron ores 
has been investigated many times. However, there 
have been great differences of opinion in the litera- 
ture as to whether the reduction of iron oxide is 
controlled by a diffusion process or by a reaction 
process. Udy and Lorig’ believed that the reaction 
is probably controlled by diffusion of water vapor 
outward through a porous metal layer. In a dis- 
cussion article, Woods? stated that the diffusion 
through pores is controlling. Bogdandy and J anke® 
reported that reduction is controlled by diffusion 
through pores. On the other hand Stalhane and 
Malmberg’ reported that the growth of the metal 
layer is linear with time. This viewpoint was con- 
curred with by Wetherill and Furnas,’ and A. E. 
El-Mehairy.® The data of Joseph’ also indicate that 
the reaction is controlled at the oxide-metal inter- 
face. 

Iron oxide in the process of reduction forms a 
complex system. The reduction takes place through 
the series Fe,0;/Fe3;0,/FeO/Fe above the tem- 
perature (about 560°C) where Wiistite is stable. 
Below this temperature the reduction occurs 
through the series Fe,0,/Fe,0,/Fe. Edstrom and 
Bitsianes® have reported that the gas-solid type 
of reaction is found only at the FeO/Fe interface 
and that the internal reduction proceeds by diffu- 
sion of iron. During reduction, oxygen is trans- 
ferred to the gaseous phase only at the FeO/Fe 
interface. 

The fact that finite layers of FeO and Fe;0O, exist 
shows that the formation of these layers is a faster 
process than the reaction at the FeO/Fe interface. 
Kinetically, it is reasonable to consider iron ore in 
the process of reduction as a simple two-phase 
system, oxide/metal. 

However, the actual physical condition of the oxide 
affects the reduction rate. Cracks and pores, de- 
pending on their type, sometimes allow reduction to 
take place away from the external surface. Some 
cracks develop during reduction, thus continually 
increasing the available oxide surface. 

The reduction of iron ore by carbon monoxide and 
hydrogen under increased pressure was investigated 
by Diepschlag.® He studied reduction at pressures 
up to 7 atm and found reduction rates to be much 
greater as pressure increases. This result was 
confirmed by Tenenbaum and Joseph,*° who found 
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that increasing the hydrogen pressure materially 
increases the reduction rate. The fact that there 
is a strong pressure effect is an indication that the 
rate of reaction is controlled at the oxide/metal 
interface rather than by diffusion through the re- 
action product layer. 

If the hypothesis is made that the reaction is con- 
trolled at the oxide/metal interface, a rate equation 
can be derived"? that fits most reported data. Let 
us consider a sphere of iron oxide of initial radius 
ry, and initial density d,. Assume that the rate of 
formation of a uniform reaction product layer is 
proportional to the receding surface area A of the 
remaining oxide. If W is the weight of that part of 
the original material that has reacted, then: 
aw 
ae KA [1] 
where K is a proportionality constant having the 
dimensions ml72t7*. K is a function of temperature, 
pressure, and gas composition. From this, it fol- 


= Kt [2] 


where f is the ratio of the thickness of the reduced 
layer to the initial radius. Eq. [2] states that at the 
oxide/metal interface the amount of oxide reacting 
per unit area per unit time is constant, or that the 
reaction interface advances at a constant rate. 

The fractional reduction R is defined as the weight 
of oxygen removed, divided by the total weight of 
oxygen originally present as iron oxide. The frac- 
tional reduction R bears the following geometrical 
relationship to the fractional thickness /f. 


[3] 
Substituting this value for f into Eq. [2]: 


Tag (1—R)*] = Kt [4] 


The same equation would apply to a cube whose side 
equaled 27v,. The reduction rate for any particle 
whose shape is similar to a sphere or a cube can be 


approximated by Eq.[7]. Equations can also be de- 
rived to fit other shapes. 


MATERIAL 


The materials used in these experiments were 
analyzed for ferrous and ferric iron. In all cases 
the ferrous iron was less than 0.1 pet. The results 
of the analyses are as follows: 
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Raw Material Piet 
in Pellets of Pellets 
Ferric Oxide, C.P. 99.5 5.0 gm/cm? 
Taconite Fines 82.4 3.9 
Specular Hematite 99.0 0.2 
Hard Taconite Pellets 89.0 3.5 
Venezuelan Ore Fines 96.7 4.2 


The hard taconite pellets were kiln fired and had 
a porosity of about 30 pct. The size range was from 
0.6 to 2.5 cm in diam. The specular hematite sam- 
ples were rough natural crystals. 

The ferric oxide, taconite fines, and the Venezue- 
lan ore fines were all treated in the same manner. 
Very fine powder was moistened and hand-rolled 
into spherical pellets. The pellets were dried, 
heated slowly to 1370°C, and allowed to cool slowly. 
The heating and cooling were done under a stream 
of either air or oxygen. The final product was 
crystalline hematite and very hard. The taconite 
pellets had quartz particles scattered throughout. 
The size range of the prepared pellets was from 
0.5 to 1.8 cm in diam. 


EXPERIMENTAL PROCEDURE 


The reduction of the samples took place ina 
kanthal wound vertical tube furnace. A 1°*/,-in. ID 
Zirco combustion tube was placed in the furnace. 
The tube was 42 in. long and the furnace 25 in. long. 
The kanthal winding was in three sections which 
gave a uniform temperature zone of about 6 to 7 in. 
To hold the sample, a basket was made of 150-mesh 
nickel screen, 1 in. in diam by 7, in. deep. The 
wire supporting the wire basket extended through 
a capillary opening in a glass bulb on top of the 
furnace tube. The gas was introduced through a 
mercury seal at the bottom of the tube and left 
mainly through a large opening in the glass bulb at 
the top. A chromel-alumel thermocouple was placed 
in the center of the tube about ’/, in. from the sample 


to obtain sample temperatures. The control thermo-— 


couple for the furnace was at the center of the fur- 
nace winding. 

At the beginning of a test, the Zirco tube was 
heated to the proper operating temperature, then 
flushed with nitrogen. The sample, a single pellet, 
was weighed and measured, then placed in the nickel 
screen basket. The basket and supporting wire were 
attached to the automatic balance and suspended in 
the furnace. The basket hung freely in the center 
of the furnace tube. Nitrogen was sweeping the fur- 
nace during the placement of the sample. Nitrogen 
continued to flush the furnace until all air was re- 
moved and the sample reached the proper tempera- 
ture. The gas atmosphere was then adjusted to the 
proper hydrogen-nitrogen mixture by the method of 
Darken and Gurry.’’ The time record was started 
when the first weight loss was detected shortly after 
the reducing atmosphere was admitted. The weight 
loss was determined initially by a Mettler automatic 
balance. Readings were made at periodic intervals. 
The final runs were made with an Ainsworth auto- 
matic recording balance which gave a continuous 
record of the weight change. At the conclusion of 
the test the hydrogen flow was stopped, the system 
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flushed with nitrogen, and the sample removed. The 
hydrogen flow ranged from 4.0 liters per min at 
1050°C to 1.0 liters per min at 400°C. 


RESULTS 


Reduction tests were made in the furnace on a 
variety of raw materials. The tests covered a 
temperature range of 400° to 1050°C and a hydrogen 
partial pressure range of 0.07 to 0.97 atm. 


Linear Reduction—If the reduction of an iron-oxide 
pellet is controlled at the oxide/metal interface, the 
relation between fractional reduction and time shown 
in Eq. [4] should apply. If 7,d)[1 — (1— is 
plotted against time for linear reduction data, a 
straight line should result. The slope of this straight 
line is the reduction rate. Fig. 1 shows the experi- 
mental data for an iron-oxide sphere made of re- 
agent grade ferric oxide reduced in hydrogen at 
750°C. The experimental points plotted using Eq.|[ 4] 
fall on a straight line with a slope or reduction rate 
of 0.0476 g per sq cm per min. It is found that in 
this temperature range most reduction tests give 
such linear plots to about 97 to 98 pct reduction. For 
comparison, the percent reduction has also been 
plotted in Fig. 1; this type of curve is similar to 
that commonly reported by others.”*? 

Reduction tests were also made on rough grains 
of specular hematite in hydrogen at 800°C. The re- 
duction was linear and a rate of 0.043 g per sq cm 
per min was obtained which compares with a rate 
of 0.071 g per sq cm per min for iron-oxide pellets 
under the same conditions. 

Three pellets of radius 0.290, 0.500, and 0.841cm, 
respectively, of sintered Venezuelan ore were re- 
duced in hydrogen at 811°C. The percent reduc- 
tion as a function of time is shown in Fig. 2. When 
the same data are plotted according to Eq. [4], all 
of the data fall on the same straight line, as shown 
in Fig. 3. The rate for this ore was 0.0889 g per 
sq cm per min. 

Kiln-fired hard taconite pellets up to 2.5 cm in 
diam were reduced in hydrogen and also showed the 
same linear reduction. The reduction rate at 1050°C 
in hydrogen was 0.249 g per sq cm per min, which 
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Fig. 1—Reduction of iron-oxide sphere at 750°C in hydro- 
gen. 
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Fig. 2—Reduction of sintered spheres of Venezuelan ore at 
811°C in hydrogen. 


compares with a rate of 0.271 g per sq cm per min 
for iron-oxide pellets under the same conditions. 
Low-Temperature Cracking—Pellets of compa- 
rable size and density made of sintered taconite 
fines were reduced at 550°C and 750°C in hydrogen. 
The percent reduction data are shown in Fig. 4. The 
pellet at 550°C was completely reduced in 160 min 
while it took 260 min to reduce the pellet at 750°C. 
When the samples were removed from the furnace 
for examination, it was found that the sample re- 
duced at 550°C was badly cracked while the sample 
reduced at 750°C was not cracked at all. The later 
stages of the reduction at 550°C actually show 
weight-loss data from a number of small fragments 
rather than a single large pellet. Other samples of 
pelleted taconite fines were examined after partial 
reduction at various temperatures. Cracking was 
found to progress as reduction proceeded at tem- 
peratures below 700°C. Because of low-temperature 
cracking it was not possible to obtain linear reduc- 
tion rates on pellets of sintered taconite fines at 
temperatures below 700°C. It was possible to ob- 
tain linear rate data on iron-oxide pellets made of 
reagent grade ferric oxide at low temperatures. 
During reduction of the iron-oxide pellets the crack- 
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Fig. 4—Comparison of normal reduction curve at 750°C 
and reduction curve at 550°C showing low-temperature 
cracking. 
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Fig. 3—Reduction of sintered spheres of Venezuelan ore at 
811°C in hydrogen. Linear plot of data from Fig. 2. 


ing did not begin until 80 pct reduction at 700°C and 
50 pct reduction at 400°C. In all cases, an increase 
in apparent reaction rate was observed when crack- 
ing began. When a sample starts to split or crack 
during the course of the reduction, fresh oxide sur- 
face is exposed to the attacking hydrogen. Since the 
reduction rate depends on the exposed surface area, 
the weight-loss rate increases over that normally 
expected although the reduction rate per unit area 
presumably remains constant. 

Hydrogen Starvation—The rate of hydrogen con- 
sumption varies greatly depending on the tempera- 
ture, concentration of hydrogen, and the size of the 
pellet. For example, a pellet of 1 cm diam initially 
requires about 700 cc per min at 1050°C in pure 
hydrogen. The same pellet requires 0.4 cc per min 
at 400°C in 10 pct H. In addition, a considerable 
excess over actual reaction requirements is neces- 
sary to maintain proper reduction equilibrium. If 
the amount flowing past the sample is too small this 
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Fig. 5—Reduction of iron-oxide spheres 400° to 550°C. 
Rate vs partial pressure hydrogen. 
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can readily be recognized by examining the weight- 
loss data. A normal reduction curve of the type 
shown in Figs. 1 and 2 shows continually decreasing 
weight losses per unit time as the reduction pro- 
ceeds. If the supply of hydrogen is inadequate, the 
weight loss per unit time remains constant for some 
period. When this happens, the hydrogen flow is 
controlling the reduction rate, and the weight loss 
is, in effect, a measurement of the amount of hy- 
drogen flowing past the sample. Using Eq. [4] as 
a criterion, it is quite easy to recognize and avoid 
the effect of hydrogen starvation. The data re- 
ported here were all obtained with excess hydrogen. 
Effect of Hydrogen Partial Pressure—The effect 


of the hydrogen partial pressure on the reduction ~__ 


rates of iron oxide pellets made of reagent grade 
ferric oxide was determined through a range of 
0.07 to 0.97 atm for temperatures from 400° to 
1050°C. The reduction rate is directly propor- 
tional to the hydrogen partial pressure throughout 
the entire pressure and temperature ranges cov- 
ered. This is shown in Figs. 5 and 6 for the low- 
and high-temperature ranges, respectively. The 
plots show that the reduction of iron oxide is first 
order with respect to the hydrogen concentration 
and that the diluent nitrogen does not affect the 
reaction. 


DISCUSSION 


The problem of a chemical reaction taking place 
on a surface™* is formally the same as adsorption, 
the initial state being a molecule in the gas phase 
and the activated state an adsorbed molecular spe- 
cies. The activated complex is regarded as being 
in equilibrium with the initial reactants in the gas 
phase, so that the rate of reaction can be expressed 
in terms of the latter. 

According to the theory of absolute reaction 
rates,“ the rate of a reaction taking place on a sur- 
face can be expressed by the following equation: 


Ry = Ky(m;C,)K' [5] 


where R, is the reaction rate; K, is a constant con- 
taining the number of active sites, the surface 
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Fig. 6—Reduction of iron-oxide spheres 650° to 1050°C. 
Rate vs partial pressure hydrogen. 


roughness factor, possibly a temperature dependent 
adsorption term, and conversion factors; (7;C;) 
represents the products of the concentrations of the 
reacting species; and K’ is the specific rate con- 
stant. The specific rate constant K’' is defined as: 


RT R [6] 


where «x is the transmission coefficient (usually 
taken to be unity); k is Boltzmann’s constant; h is 
Planck’s constant; A Hf? is the enthalpy of activation, 
and AS# is the entropy of activation. 

For the case of hydrogen reduction of iron oxide 
since the rate is directly proportional to the hydro- 
gen concentration, it follows that (7,C;) is propor- 
tional to the hydrogen concentration for pressures 
up to 0.97 atm. 


(1;C;) = 
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where the hydrogen concentration [Hz] is expressed 
in moles per liter. Therefore, the rate of reduction 
of iron oxide by hydrogen will be: 

Ry [Hal e Rr eR [8] 


1 

The data fall on two straight lines with a break oc- 
curring at the temperature below which Wiistite 


(FeO) is no longer stable. The interface in the high- 
temperature range is FeO/Fe and in the low-tem- 
perature range is Fe,O,/Fe. The equations for the 
two ranges are: 


R 
Fig. 7 shows a plot of log THe] against 
2 


15,300 


High Temp. R, 
- 14,900 
Low Temp. R, = 9.12T[Hz]e *%? g/cm?/min [10] 


The data show that the rate of reduction of iron 
oxide is controlled at the oxide-metal interface and 
is directly proportional to the hydrogen concentra- 
tion. The enthalpies of activation were found to be 
14,900 cal per mol and 15,300 cal per mol for the 
low- and the high-temperature zones, respectively. 
Considering the scatter of the data, it is not possible 
to determine whether this small difference in acti- 
vation enthalpies is significant or not. 

Before the mechanism of reaction can be deter- 
mined, further experimental work is necessary. 
Determining reaction rates at higher pressures and 
under different gas compositions will be helpful in 
this respect. A possible mechanism suggested by 
the experimental data to date would be chemisorp- 
tion of hydrogen on active sites at the oxide/metal 
interface. This mechanism is consistent with the 


e/cm?/min [9] 


activation enthalpies and the first order rate de- 
pendence on the hydrogen concentration. Another 
possible mechanism would be collision of hydrogen 
molecules with an active oxide surface. 


SUMMARY 


1) The reduction of iron oxide by hydrogen is 
shown to be controlled at the oxide-metal interface. 

2) The reduction rate is found to be directly pro- 
portional to the hydrogen partial pressure in the 
range 0.07 to 0.97 atm. 

3) The enthalpies of activation for the low-tem- 
perature zone (400° to 550°C) and the high-temper- 
ature zone (600° to 1050°C) are found to be 14,900 
and 15,300 cal per mol, respectively. 
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High-Temperature Chlorination of TiO, 


Bearing Minerals 


A study of the chlorination rates of several TiO, bearing 


minerals has been made. 


The chlorination rates investigated 


were for gaseous systems, CO + Cl, and COCI,. The role of 
HCl in chlorination of iron from the minerals is discussed. 
Chlorination rates with CO + Cl, varied more than an order 

of magnitude. A relationship with the initial iron content was 
found. The rate is proportional to the weight of TiO >, and to 
the partial pressure of CO and Cl3. The activation energy of 
the reaction is 20.9 kcal. Chlorination with COCI, is consider- 
ably faster than with CO + Clz,. However, the decomposition 

at 600°C causes an anomaly in its behavior. The chlorination 
vate rises with temperature, passes through a maximum, falls 
toa minimum, and then rises with temperature as the. CO + Cl2 


reaction dominates. 


Cu orination of titanium ores and slags is the 
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source of TiCl,, intermediate between ore and 
metal. A number of chlorinators are operating in 
the United States using a wide diversity of ores. 
These chlorinators vary in design to accommodate 
the ore source, but all use chlorine and carbon. 
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Fig. 1—Fluidized chlorination reactor. Insulation and 
heater windings are not shown. Three separate 20-ft 
windings of nichrome wire, 3/32 in. flat, 0.844 ohms/ft 
were used to allow control of bed, top, and side arm tem- 
peratures. 


It is the purpose of this paper to discuss one type 
of TiO, chlorination reaction and its relation to 
chlorinator operation. This is the reaction of a gas 
phase containing both chlorinating and reducing 
agent with a TiO2 surface. This reaction is an 
important one in a chlorination system because a 
product of the reaction of carbon, chlorine and TiO; 
is carbon monoxide. Thus in the final stages of a 
chlorinator, operating with complete utilization of 
the chlorine, the carbon monoxide-chlorine reaction 
is a major participant in the attack on the TiO, sur- 
face. A related reaction, chlorination with COCl2, 
has also been studied over a wide temperature 
range. 


LITERATURE SURVEY 


Chlorination of oxides is an old chemical reaction. 


Carbon and chlorine were used in 1826 by Dumas. 
This work was followed by Demarcy reporting the 
use of CCl, and Riban using CO + Cl, in the 1880's. 
Chauvenet used COCI, in 1911. A comparison of 
CO + Cl, and phosgene as chlorinating agents was 
made by Venable and Jackson in 1920." The tem- 
perature at which attack begins, and rate of chlo- 
rination with both Cl, and Cl, + C, are reported by 
Wasmuht. In 1937 a study was made by Pamfilov 
and Shikher? of the reaction of CO and Cl, on TiO;:. 
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Rowe and Opie*® presented temperature dependence 
data for C + Clz chlorination of rutile in 1955, and 
compared it with data of Pamfilov and Shikher. 

The data which have been presented to date have 
not been directed toward engineering design of 
chlorinators, but ratner are descriptive data to 
indicate the reactions present and their order of 
magnitude. 

W. J. Kroll* discusses the chlorinator reactions 
rather briefly in his review of the pyrometallurgy 
of halides and concludes that the reactions involved 
are very complex. Except for the work of Rowe and 
Opie there has been little attempt to elucidate the 
situation. Even the question of the origin of CO, 
and CO has not been studied since it is influenced 
by the Boudouard equilibrium which attempts to 
assert itself simultaneously. The question is not 
one to be neglected since it determines the heat 
balance of the reactor, a matter of great economic 
importance. 


VOLUME 218, FEBRUARY 1960-7 


6 TEMP: 


Lal 


+ 


\ 

\ 


40 160 200 240 


120 
MINUTES 


Fig. 3—Chlorination of beneficiated ilmenite with CO+ Cl). 


Ten grams of beneficiated ilmenite charged. Operating 
temperature of the fluidized bed was 900°C. Gas feed 50 
pet CO, 50 pct Cl». 


EXPERIMENTAL PROCEDURE 


Figs. 1 and 2 show the experimental apparatus 
used to study chlorination of TiO,. Two reactor 
concepts are involved but, in general, results are 
comparable. The fluidized reactor gives better 
temperature uniformity and is preferred where the 
ore can be fluidized. The studies reported were 
conducted so that there were substantially constant 
reactant concentrations in the ambient gas. This 
minimizes the effect of gas by-passing in fluidiza- 
tion, data. 

The fluidized reactor uses a porous silica disc 
to obtain uniform gas distribution. Entrained solids 
are filtered from the gas leaving the reactor by a 
similar disc mounted in the disengaging space. 
Quartz or silica is an excellent material of con- . 
struction for laboratory chlorination reactors and 
showed no deterioration in 500 runs. It has been 
operated at 1100°C without failure. 

Mass balance checks upon dumping the reactor 
are easily accurate to 1 pct provided that no bed 
sticking occurs. Heat-up and cooling is rapid, so 


that about four cycles may be accomplished in 1 day. 


The electrical input is controlled by a recording 
controller and a Pt-Rh thermocouple. 

Products are collected in the condenser and the 
exit gas scrubbed with ‘‘Perclene’’ (CHCl2-CHCI,). 
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The volume of perclene ought to be sufficient to 
absorb the Cl, passed to reduce loss of TiCl, by 
diffusion resistance in the gas phase of the bubble. 
After removal, bubbling Nz will strip out the Cl, 
and transfer TiCl, to the HCl phase which can be 
separated for analysis. The condenser is washed 
with perclene and HCl. This wash fraction is added 
to the trap before bubbling with N2. 

Methanol is an excellent solvent for halides but 
should not be used because of the explosive hazard 
with Cl, in the presence of U.V. radiation. 

Fig. 2 shows a fixed bed reactor employing down 
flow. Condensing techniques are similar. Where 
there are iron and other chlorides as a product, 
washing of the condenser with 6 N HCl is used. The 
fixed bed reactor may also be used to study chlo- 
rination rates of particles which do not bubble well, 
e.g., brick fragments, materials which form liquid 
chlorides and particle compacts. There is no 
particle-particle attrition in a fixed bed, as occurs 
in fluidization of partially chlorinated particles. 

The ores used in this study were beneficiated with 
Cl, + CO to remove the bulk of the Fe present. It is 
easily possible in this manner to make a product 
from ilmenite which is 97 to 98 pct TiOz. In all 
cases the iron content was lowered to the point 
where the Fe did not consume an appreciable amount 
of reactant during the run and hence disturb reactant 
concentrations within the particle. 

Beneficiation of these ores took place at tem- 
peratures between 900° and 1000°C. The fluidized 
reactor ore feed was beneficiated from 60 by 80 
Florida ilmenite, sized, and retabled on a Deister 
Plat-O 48-in. table. A narrow cut from the middle 
of the table was selected. This was retreated mag- 
netically at 0.75 amp on a Carpco Laboratory Dry 
Magnetic Separator. 

In spite of this treatment, three distinct ilmenite 
types were noted in partially beneficiated samples. 
Approximately equal amounts of these three were 
present and ranged from completely beneficiated to 
slightly beneficiated in three distinct stages. 

Ilmenite in 50 to 100 g amounts was beneficiated 
with pure Cl, at 900° for 2 to4 hr. Addition of CO 
to shift the equilibrium will increase Cl, efficiency. 
Reactivity varied slightly with beneficiation tem- 
perature, decreasing with increased temperature, 
up to the highest temperature, 1200°C. Iron was 
reduced to 0.6 pct, TiO, was 97 pet. 

Beneficiation of the other ores was ‘‘in situ.’’ 
This consisted in stripping out the iron with Cl, 
and CO prior to attack on TiO,. Australian rutile 
did not beneficiate, retaining its color at 900°C. 
The particle size was 60 by 200. 

The Canadian Slag sample was from material 
produced at Sorel prior to 1951. It contained the 
natural distribution of —-60-mesh particles after 
crushing. 


RESULTS 


Chlorination of a beneficiated Florida ilmenite 
with CO + Cl, yields the curve shown in Fig. 3. 
The semilogarithmic relation between amount re- 
maining unchlorinated and reaction time is quite 
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Fig. 4—Effect of bed depth on chlorination rate of benefi- 
ciated ilmenite. Fluidized bed reactor at 900°C with 50 
pet CO, 50 pet Cl, gas feed. (Ordinate corrected linearly 
for gaseous reactant concentration change.) 


general in chlorination work. Since the reaction . 
occurs at the ore surface, and this surface is con- 
tinually being destroyed, we should expect that the 
rate of chlorination would decrease with time. Ge- 
ometrical considerations show that the two-thirds 
power of the weight should be proportional to the 
surface area provided geometrical similarity pre- 
vailed. Actually, the particle is more like a sponge 
with high internal surface. Preferred chlorination 
of protuberances reduces the surface faster than 
would be expected. This leads to a surface/weight 
relationship of 1.0 and the observed semilogarith- 
mic time dependence follows from integration of 
the rate equations. 

The data of Fig. 3 were taken to illustrate the 
decline in rate with weight of TiO, which results 
in a semilogarithmic relation. The two initial points 
were taken with the reactor in unstable operation. 
Temperature was stabilized after about 20 min and 
the run continued at 900°C for 160 min with constant 
slope. TiO, was removed at the rate of 2.5 pct per 
min. 

The effect of bed depth on this reaction is shown 
in Fig. 4. As would be expected, increased amounts 
of material subjected to the attack of the ambient 
gas phase show a linear increase in chlorination 
rate. Here the history of the particle is not in- 
volved. The rates were corrected for reactant con- 
centration changes which became noticeable in the 
deep beds. The equimolar mixture of CO and Cl, 
was fed at 1 atm to the fluidized reactor operated 
at 900°C. 

A study of the temperature effect using gas mix- 
tures of 35 pct Cl; and 11 pct Clz in CO is shown in 
Fig. 5. The inverse absolute temperature plot can 
be used to obtain an activation energy for the re- 
action of 20.9 kcal. Similar activation energies are 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


\ 


2 20.9 KCAL ENERGY 
OF ACTIVATION 


10 


x 108 
Fig. 5—Effect of temperature on chlorination rate of ben- 
eficiated ilmenite. A fixed bed reactor was used, benefi- 

ciation was accomplished ‘in situ,” prior to beginning of 

the run. Gas feed Cl, + CO with no diluent gas. 


obtained for other beneficiated titanium ores studied. 
Fig. 6 shows a direct temperature plot of these ores. 

These ores differ widely in chlorination rate. 
There. is a 10-fold rate difference between Austral- 
ian rutile and Florida ilmenite. Canadian slag has 
an intermediate rate. 

The effect of concentration of both CO and Cl; is 
linear as is shown in Fig. 5 and Fig. 7. Fig. 7 shows 
the rate dependence upon the CO concentration with 
N2 as diluent and constant partial pressure of Clo. 

These concentration and temperature dependences 
may be combined in an equation which describes the 
rate of chlorination of TiO, with CO + Cl2. 


_ 20,900 


The partial pressures are in atmospheres, 7 is the 
rate of chlorination in pct per min and k a constant 
which depends upon the type of beneficiated ore used. 

Fig. 8 is a correlation of the rate constant ‘‘k’’ 
with the initial iron content of the ores tested. There 
is undoubtedly a relation between the iron removed 
from the lattice and the surface created. Whether 
such a simple correlation will stand up over the 
wide range of known ilmenites and rutiles is not 
certain. It is very probable that other factors will 
be found which also influence the rate. 

The effect of COCl1, 0n TiO, is more complex. 
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Fig. 6—Chlorination rates of several TiO, Ores. A fixed 
bed reactor used with 65 pct CO, 35 pct Cl, gas feed. 
Beneficiation performed ‘in situ.” 


Phosgene tends to decompose at high temperatures 
and approach the CO + Cl, behavior. Fig. 9 shows 
the weight loss of a beneficiated ore, beneficiated 
under high temperature conditions, over a wide 
temperature range. Considering the low-temper- 
ature portion of the curve first, it is apparent that 
COCl1, is a very powerful chlorinating agent. How- 
ever, it has a temperature anomaly in the region 
from 600° to 800°C. Here the rate falls with tem- 
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Fig. 8—Dependence of TiO, chlorination rate constant 
upon original iron content. 
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Fig. 7—Effect of carbon monoxide concentration on TiO, 


chlorination rate. Fixed bed reactor used with CO + Cl, 
as indicated. N» used as diluent gas. 


perature as the phosgene decomposes to CO + Clg. 
This has been noticed in the chlorination of other 
oxides also. Addition of COC12 to a high-tempera- 
ture reactor in some cases will produce higher 
chlorination rates than a 50-50 mixture of CO+Cl2, 
indicating that the decomposition rate is not in- 
stantaneous. 

Fig. 10 shows the effect of COC1, upon benefici- 
ated ilmenite. The temperature anomaly is clear. 
At 940°C the attack is better than at 900°C, but both 
are inferior to the attack at 800°C. 


HCl is an excellent beneficiating agent although it 
has an unfavorable equilibrium with iron oxides. It 
can serve as a catalyst for the Cl, + C beneficiation 
to increase the rate of iron removal, but it is not 
effective in catalyzing the TiO2 chlorination at high 
temperatures, Fig. 10. 


DISCUSSION OF RESULTS 


The carbon monoxide-chlorine chlorination has 
been shown to take place at chlorinator tempera- 
tures in the range of operation. It is quite certain 
that it must be considered in formulating the oper- 
ating equations which govern reactor operation. 
The most important feature of this reaction is that 
it produces CO,2 which influences heat balance 
profoundly. 

Reaction of O2 with carbon in the presence of 
chlorine or chlorides produces carbon monoxide 
and dioxide in a ratio which depends only upon tem- 
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Fig. 9—Effect of temperature on chlorination rate of 
ilmenite under COCl, attack. Weight loss is shown as the 
measure of chlorination rate. Selective iron removal not 
observed in COC], attack at low temperatures. Fixed bed 
reactor used. 


perature, not upon concentration or surface quali- 
ties of the carbon. This was shown by J. R. Arthur® 
in an investigation of the kinetics of coal combus- 
tion reactions. At the temperatures of chlorinator 
operation the reaction kinetics favor formation of 
CO over CO; by a ratio of 3/1. If this relationship 
holds for chlorinator conditions, then it is the re- 
action of CO with the ore that produces CO;. It can- 
not be produced by equilibrium between CO, COz2, 
and C since the gas would tend toward a very high 
CO/CO, ratio under the influence of this equilib- 
rium, nor is it produced by primary combustion of 
O, with carbon. Hence, we conclude that the CO; is 
mainly produced by the reaction 


TiO, + 2CO + 2Clz,—-2CO2 + TiCl,. 


‘The ready chlorination of iron from the ilmenite 
particle leaves a sponge-like particle of large sur- 
face and easy accessibility of gas to that surface 
through channels. This surface is involved in the 
chlorination of the ore particle by CO and Cl2. Both 
gases are directly involved in the reaction as is 
evidenced by the linear concentration dependences. 
Reasoning from the conclusions of Arthur, one con- 
cludes that both gases are probably involved at the 
surface since the gas phase rate of the oxidation of 
CO is quite low. There is still the possibility that 
with rates lower than those encountered in the car- 
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Fig. 10—Chlorination of beneficiated ilmenite with COCI, 
in a fluidized reactor. 


bon combustion work there may be a mechanism of 
gas phase CO combustion which operates in a Cl, 
atmosphere and which is large enough to account 
for the rates found in chlorination of TiO,. Further 
work will be needed to settle this point. 

The rapid chlorination rates of COCl; are not due 
to energy or thermodynamic effects but are due to 
improved kinetics. The presence at the surface of 
both a chlorinating agent and a reducing agent si- 
multaneously is very effective in destroying the 
crystal lattice and volatilizing Ti as TiCl,. Dif- 
fusion is not a barrier because iron removal has 
left easy access to the surface. The attack is so 
powerful that an ilmenite particle is not beneficiated, 
as happens with C + Cl,, but iron and TiO; are re- 
moved together by the action of COC1,. 

The catalytic effect of HCl is believed to be due 
to the ease with which it diffuses into the ilmenite 
particle. It acts as the carrier of chlorine which 
takes it to the site of the beneficiation. Here again 
we note the effectiveness of a gaseous molecule con- 
taining both reducing and chlorinating functions. It 
chlorinates the iron in either oxidation state to iron 
chlorides and the H2O formed diffuses out with the 
chlorides to the gas phase. Here the Deacon re- 
action restores the HCl and the reducing agent, 
either carbon or CO, removes the oxygen to shift 
the equilibrium. 


CONCLUSIONS 
1) The rate of chlorination of a beneficiated ti- 
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Fig. 11—Effect of HCl addition in beneficiating TiO. 
Fluidized reactor used, operating at 950°C with CO + Cl). 
Charge was 10 g of ilmenite, gas flow 50 m mols Cl,, 
50 m mols CO per min. HCl addition was at the rate of 
10 m mols per min. 


taniferous ore is proportional to the weight of TiOz 
in the reactor. The surface under chlorination is 
far larger than the geometrical surface. 

2) Chlorination with CO + Clz depends upon tem- 
perature and has an activation energy of 20.9 kcal 
for all TiO,2’s studied. 

3) A linear dependence of chlorination rate with 
both CO and Cl, has been demonstrated. 

4) COCI1, is a better chlorinating agent than 
CO + Cl, but exhibits a temperature anomaly caused 
by its thermal decomposition at 600°C. 

5) Ores of varying types have chlorination rate 
constants which depend upon the amount of iron ini- 
tially present. 
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Graphical Technique for Multistaged Fluidized Bed 
Operations As Applied to lron-Ore Reduction 


A graphical method is proposed for determination of the 
performance of a staged countercurrent system wherein re- 
actions such as the direct reduction of iron ores occur. This 
method is a modification of the McCabe-Thiele method used 


in distillation calculations. Some small scale operating data 


H. P. Meissner 


on tron reduction are presented, and methods for incorporating 


these data into the graphical calculations are included. 


C ounTERCURRENT staged processes involving 
chemical reactions between solid and gas streams 
are becoming more common. Such operations are 
generally carried out in a series of fluidized beds 


H. P. MEISSNER is Professor of Chemical Engineering, Massachu- 
setts Institute of Technology, Cambridge, Mass. FRANK C. SCHORA, 
Associate Member AIME, is with Arthur D. Little, Inc., Acorn Park, 
Cambridge, Mass. 

Manuscript submitted February 27, 1959. ISD 


12-VOLUME 218, FEBRUARY 1960 


Frank C. Schora 


with each bed acting as a stage. Fig. 1 is a sche- 
matic illustration of a series of stages located in 
a single column, with a solid stream moving down 
through this column from stage to stage counter to 
a rising gas stream. The reduction of iron oxides 
with hydrogen and carbon monoxide is one of the re- 
actions which can be advantageously carried out in 
such a countercurrent system. 

Calculation of the performance of a countercur- 
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rent system rapidly becomes more complex as the 
number of stages increases. The first purpose of 
this paper is to describe a time-saving graphical 
technique for calculating column performance, using 
the gaseous reduction of iron oxides in fluid beds as 
an illustration. The perspective on performance 
obtained from these graphs is difficult to obtain 
otherwise. This technique is an adaptation of the 
widely used graphical methods for distillation opera- 
tions pioneered by McCabe and Thiele, well de- 
scribed in standard texts.* The second purpose here 
is to show how operating data on iron-ore reduction 
in fluid beds can be used in this computation method. 
The following discussion may be divided into five 


parts: 1) consideration of fluid beds as stage con- 


tacts; 2) iron-oxide reduction equilibria to be used 
in the illustrative calculations; 3) the proposed 
graphical techniques as applied to theoretical sys- 
tems; 4) operating data on fluid bed systems, and 
5) utilization of these operating data in graphical 
techniques. 


I, FLUID BEDS AS STAGE CONTACTS 


The term “‘stage,’’ as used here, refers to any 
continuous operation in which two streams, such as 
a gas stream and a solid stream, are thoroughly 
mixed and then separated. The mixing must be 
extensive enough so that no countercurrent action 
occurs within the stage. Use of a fluid bed repre- 
sents one possible method for bringing a solid 
stream and a gas stream into intimate contact. Such 


a fluidized bed may be considered a stage contact 

in view of the vigorous solids mixing which occurs. 
The excellence of this solids mixing is obvious from 
the remarkable rapidity with which small additions 
of tracer solids can be observed to mix into a fluid 
bed. Moreover, simultaneous samples of solids 
taken from various parts of a bed all show substan- 
tially the same analysis. Considerable gas mixing 
also occurs within a fluid bed.? 

A “theoretical stage’’ contact is defined as one 
from which the gas stream and the solids stream 
leave in equilibrium. From the viewpoint of thermal 
equilibrium, any actual, well-fluidized bed qualifies 
quite well as a theoretical stage, since gas and 
solids entering such a bed attain bed temperatures 
almost instantaneously. Temperatures are always 
constant (or very near so) throughout any actual 
fluidized bed, and the leaving solid and gas streams 
are consequently at the same temperature.° This is 
true regardless of whether the gas and solid streams 
entering the bed are at temperatures very different 
from the bed, and whether chemical reactions are 
occurring which involve large heat effects. 

In a fluid bed acting as a theoretical stage, reac- 
tion rates are assumed to be fast enough so that 
each particle of solid in the bed is in chemical equi- 
librium with the gas leaving this stage. However, 
while thermal equilibrium is always substantially 
attained in fluidized beds, as just pointed out, chem- 
ical equilibrium is not necessarily attained. A dif- 
fusion controlled reaction, such as the combustion 
of carbon in air in a fluid bed® will normally reach 
equilibrium even in a very shallow bed, but when a 
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relatively slow chemical reaction rate is control- 
ling, then there is often insufficient residence time 
for the gas in the bed to permit equilibrium to be 
reached. In consequence, a fluid bed often does not 
represent a theoretical stage from the viewpoint 

of chemical equilibrium. 

In the graphical technique to be discussed it will 
be assumed that a fluidized bed is a stage contact, 
in which thermal equilibrium (but not necessarily 
chemical equilibrium) is attained. Initial discussion 
will be limited to theoretical stages, in which both 
thermal and chemical equilibrium are attained. 


II. IRON-OXIDE REDUCTIONS 


Since the calculational technique under discussion 
will be illustrated with the reduction of the iron 
oxides, the relevant chemical equilibria,’ which are 
presented graphically in Fig. 2, deserve brief dis- 
cussion. The so-called reduction isotherms, also 
named isothermal equilibrium lines, can be con- 
structed with the help of Fig. 2. For illustrative 
purposes, the reduction isotherm at 820°C is pre- 
sented in Fig. 3 for the system CO-CO;-iron oxides. 
The ordinate Y on this graph refers to the gas phase, 
and is defined as: 


[1] 


while the abscissa X refers to the solid phase, and 
is defined as: 


atoms oxygen [2] 
atoms iron 


With reference to Fig. 3, the solid phases which 
may exist over the various segments of this equilib- 
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riu.a line are as follows: metallic iron over the line 
from a to 6; a mixture of metallic iron and Wiistite 
from b to c; Wiistite from c to d; a mixture of 
Wiistite and magnetite from d to e; magnetite from 
e to f; and, a mixture of magnetite and ferric oxide 
from f tog. Obviously, X is 1.5 for FeO, at point 
g on Fig. 3, 1.33 for Fe,O, at point e, 1.06 and 1.105 
for Wiistite at points d and c, respectively, and 0 for 
pure metal at point a. The value of X is not quite 
the same at points c and d, because the equilibrium 
composition of Wiistite varies a trifle depending on 
the value of Y. As a further illustration of the in- 
terpretation of the abscissa, consider a mixture 
containing 2 mols of Fe, ,,,O and 3 atoms of iron. 
The value of X for this mixture would obviously be 
(2)/(2X0.947 + 3) or 0.41. 

Inspection of Fig. 2 shows that at 820°C, the iso- 
therm for the reduction of the various iron oxides 
with hydrogen happens to be identical with that for 
the reduction with carbon monoxide. At any other 
temperatures, however, the reduction isotherms for 
these two gases differ. At 820°C, therefore, Fig. 3 
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Fig. 3—Reduction isotherm at 820°C, applying either to 
the Fe-CO-CO,, Fe-H,-H,O, or Fe-CO-CO»,-H»- 
H,0%). 


14-VOLUME 218, FEBRUARY 1960 


1200 1400 


applies without change to the system iron oxides- 
hydrogen-water. For this system, Y refers to the 
gas phase, and is defined as follows: 

H,O 


Pio + Pa 


Va 


The abscissa X again refers to the solid phase, and 
is defined as above. 

In industry, it is often cheaper to produce a mix- 
ture of hydrogen and carbon monoxide, than to make 
either component pure. At 820°C, Fig. 3 obviously 
applies without modification to any mixture of hy- 
drogen and carbon monoxide, regardless of the ratio 


of these two components, when defining Y as follows: 


12 + 13] 

At any other temperature than 820°C, a reduction 
isotherm for any mixture of hydrogen and carbon 
monoxide can be constructed from the individual 
isotherms at this new temperature for the hydrogen 
system and the carbon monoxide system. The exact 
location of the equilibrium lines for such a mixture 
at any given temperature depends upon the ratio of 
hydrogen containing components to the carbon con- 
taining components in the gas. None of these re- 
duction isotherms is affected by the total pressure, 
or by the presence of an inert like nitrogen in the 
reducing gas mixture, in that there is no change in 
the number of moles in the gas phase during the 
reactions involved (see Fig. 2 for reactions). 

In the discussion which follows, most of the il- 
lustrative examples refer to reduction at 820°C. 
At this temperature, as just pointed out, hydrogen, 
carbon monoxide, or mixtures of these two can be 
used interchangeably on Fig. 3. One such readily 
generated reducing gas mixture is obtained by par- 
tial combustion of methane with oxygen to form 
hydrogen and carbon monoxide. If air is used in 
this combustion, then the mixture theoretically ob- 


ye 
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tained analyses 41 pct H,, 38.5 pct Nz, and 20.5 pct 
CO. Such a gas is referred to in later paragraphs 
as ‘‘standard gas.’’ It will be noted later that the 


iron reduction isotherms for standard gas vary little 


with temperature over the range of 700° to 900°C. 


Il. GRAPHICAL TECHNIQUE—ISOTHERMAL 
COLUMN 


The graphical technique to be proposed will be 
developed first for a column containing ‘‘n’’ the- 
oretical stages, each stage comprising a bed of 
fluidized solids. Operations are continuous, solids 
flowing down through the stages counter to a rising 
gas stream. Bed depths are kept constant by use 
of suitable overflow pipes, or their equivalent, as _ 
shown in Fig. 1. Contact is assumed to exist be- 
tween gas and solid streams only within the flu- 
idized beds, but not as these streams travel be- 
tween beds. 

The stages in this column are numbered, starting 
with the bottom stage as number one. The compo- 
sition of the streams leaving a stage are designated 
by an appropriate subscript; thus, gas rising from 
stage 2 has a composition Y, while solids falling 
from stage 2 have the composition X,. Similarly, 
the solid stream entering the top of a column of 1 
stages has the composition X,,,, while the entering 
gas into the column below the bottom stage will 
have the composition Y,. Stream flow quantities are 
designated by the symbols S and G. The symbol S 
denotes the pound atoms per hour of the iron con- 
tained in the solid feed to the top of the column. 
Similarly, G denotes the sum of the pound mols of 
Hz, H20, CO, and CO, (but not Nz) entering the 
bottom of the column. It is important to note that, 
in these iron reduction reactions with hydrogen and 
carbon monoxide, both G and S are constants up 
through the column for any given steady state 
operation. 

I) Equilibrium Relations—Since a theoretical 
stage is defined as one from which the leaving 
streams are in equilibrium, then if operations are 
820°C, the compositions Y,, X, for stage 1 charac- 
terize a point lying on the equilibrium line of Fig. 3. 
Similarly, Y2, X2 for stage 2 determine another 
point on this line, as do all other pairs of values 
such as Y,, X, for streams leaving any stage n. 


Thus, there is an equilibrium relation for each stage 


of the form, 


[4] 
f (Xa) [5] 
Y =f&,) [6] 


At 820°C, these equations are expressed graphically 
by the equilibrium line of Fig. 3. 

II) Material Balances—Material balances can be 
written around each stage, based on the fact that the 
gain of oxygen atoms by the gas stream equals the 
loss of oxygen atoms from solid stream. For the 
various stages: 


Stage 1: G(Y, — Y,) =S(X2- X,) [7] 
Stage 2: G(Y2— Yi) = S(X3— X2) [8] 
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Fig. 4—Column of three theoretical stages at 820°C. Y) = 
0, X4 = S/G = 


Stage m: G(Y,— Y,_,) = Xn) [9] 


For a column of » stages, where z is specified, 
there are n equilibrium relations of a form similar 
to Eqs. [4] through [6], and 7 material balances of a 
form similar to Eqs. [7] through [9]. Thus, there 
are 2n independent relations in all, while it can be 
seen by inspection that there are (2m + 4) variables* 


*These (2n + 4) variables are as follows: (n+ 1) values of Y; (n + 1) 
values of X; G, S. 


involved in these equations. It follows that if any 
four of these variables are arbitrarily assigned 
numerical magnitudes, then all the other variables 
are fixed. Typically, the variables fixed might be 
the quantities and compositions of the entering 
streams, namely G, S, and X{top.* Alternatively, 


= 
For a column of n stages, 2 Goes isX ay 


it might be preferable to fix the solid product com- 
position rather than the gas rate, in which case the 
four variables fixed are S, Yo, X,, and Xtop. 

An oxygen balance around any number of stages 
p, starting from the column bottom, is as follows: 


Eq. [10] will be recognized as the equation of a 
straight line when plotting on coordinates such as 
used in Fig. 3, namely Y and X. This straight line, 
which obviously must pass through the points Y,, 
Xi; Y,, X2; Y2, X,, and so forth has the slope 

S/G. It is worth noting that the reciprocal of this 
slope, namely G/S, is the gas utilization expressed 
as pound mols of reducing gas (excluding inerts) per 
pound atom of total iron (regardless of oxidation 
state) in the product. 

Graphic Representation—Before discussing meth- 
ods for constructing these graphs, an illustrative 
example is presented in Fig. 4. This is a graphical 
representation of Eqs. [4] through [10] for a typical 
column of three stages, assumed to operate with 
standard gas, hence Fig. 4 shows the same equilib- 
rium line as in Fig. 3. The straight line running 
from Y,, X; to Y;, X4 is the operating line, and is 
a graphical representation of Eq.[10]. Since the 
standard gas feed to the column is assumed to con- 
tain no CO, or H20, Y, is zero. The bottoms product 
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has a value of X, = 0.775, hence by Eq. [2], 73.4 pct 
of the iron in the product is Feo,,,0, the remainder 
being metal. The solid feed to the top plate of the 
tower is Fe,03, since X is 1.5. The composition of 
the gas leaving the top plate is such that Y is 0.80. 
The slope of the operating line is readily determined 
from Eq. [10], and for this case is (0.80 — 0)/(1.5 

= .0:775) or 1.1: 

It is further evident from the diagram that each 
stage may be represented by a “‘step,’’ as shown by 
the dotted lines. The dotted lines forming these 
steps cross back and forth between the operating 
line and the equilibrium line. The horizontal part 
of each step terminates at the equilibrium line at 
the left, and at the operating line at the right. The 
important features of this construction are as 
follows: 

1) The operating line is straight, with slope S/G. 

2) The lower left hand end of the operating line is 
determined by the composition of the streams en- 
tering and leaving the bottom of the column, namely 
Y, and X,. The upper right-hand end of the oper- 
ating line is determined by the composition of the 
streams entering and leaving the top of the column, 
namely Y, and X,;,. Since a three-stage column is 
described, m is 3 in this example. 

3) The operating line never crosses the equilib- 
rium line, although in some special cases the oper- 
ating line can touch the equilibrium line, as further 
discussed below. Crossing the equilibrium line 
would mean exceeding equilibrium conditions within 
the column, which is, of course, impossible. 

4) Each stage forms a step on the diagram. The 
left-hand end of each horizontal step line terminates 
at the equilibrium line, and represents compositions 
within that stage. The right-hand end of each hori- 
zontal step line terminates at the operating line, 
and represents compositions between stages. 

5) While Fig. 4 refers to the use of standard re- 
ducing gas, it applies equally well at this tempera- 
ture of 820°C without change to pure Hz, or pure 
CO, or any mixture of these two gases, for the 
reasons already discussed. 

It is obvious that the composition of gases and 
solids anywhere within the column can be deter- 
mined from Fig. 4. This procedure applies, re- 
gardless of whether inerts (such as nitrogen in the 
gas stream or gangue material in the solid) are 
present or not. 

Graphing Procedure— Construction of a diagram 
like Fig. 4 for a column operating at a given tem- 
perature (820°C in this case) and with a stipulated 
number of stages (three stages in Fig. 4) can be 
undertaken after fixing the compositions and flow 
rates of the entering streams, namely Y,, Xtop» 

G, and S. Note that, as pointed out above, fixing 
these four variables fixes tower performance 
throughout. Procedure for preparing this dia- 
gram is then by graphical trial and error, as 
follows: 

1) On a graph having the coordinates Y and X, as 
in Fig. 4, first draw the proper equilibrium line for 
the system under study at the temperature in ques- 
tion. 

2) Assume a value for the composition of the solid 
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product from the tower, namely X,. The correct- 
ness of this assumption will now be tested. 

3) Locate the point Y,, X,, and draw the opera- 
ting line through this point with the slope S/G. 

4) The value of Y,, namely the top gas compos1- 
tion, is tentatively determined from the point on this 
operating line where X has a value corresponding to 
the composition of the solid feed. 

5) Step off the desired number of stages, starting 
at Y,, X,. This is done by drawing a vertical line 
from Y,, X, to the equilibrium line, which is reached 
at point Y,, X,, representing conditions on the first 
plate. Now draw a horizontal line from here back 
to the operating line, which it intersects at Y,, X2, 
representing compositions between stages 1 and 2. 
Now proceed with further vertical and horizontal 
lines, back and forth between the equilibrium and 
operating lines, as shown in Fig. 4, until three steps 
are completed. If the last horizontal line meets the 
operating line at the point Y;, X, as tentatively de- 
termined in step 4, then the material balance and 
equilibrium Eqs. [4] to [10] are obviously satisfied, 
and the assumed value of X, in step 2 above is 
therefore shown to be correct. If this is not the 
case, then a new value for X, must be assumed, and 
the foregoing procedure repeated, starting with 
step 2 above, until a solution is obtained. 

The construction procedure for Fig. 4, as just 
outlined, is perfectly general, and can be applied 
to any theoretical column. Moreover, it is evident 
that there is only one position of the operating line 
which will yield a solution. Space limitations make 
it impossible to discuss here all possible situations 
which might arise in iron reduction, but a few key 
cases are presented below. 

Varying Stage Number--The effect of changing the 
number of stages upon column performance is read- 
ily explored graphically. Assume in each case dis- 
cussed below a column operating at 820°C with the 
same gas and solid feed rates and composition as in 
Fig. 4. For all these operations, therefore, Y, is 
zero, Xtop is 1.5, and S/G is 1.1. Proceeding as 
described above: 


a) One-stage column. This case is shown in 
Fig. 5(a), in which a single stage has been con- 


- structed by the method just described.’ The solu- 


tion to this case yields a value of 1.07 for X, and 
0.45 for Y,. 

b) Two-stage column. This case is shown in 
Fig. 4(b), in which two stages are stepped off. The 
value of X, is found to be 0.83 and of Y2 to be 0.74. 

c) Three-stage column. This case was pre- 
sented in Fig. 4, and has already been discussed. 

To simplify comparison with Figs. 5(a) and 5(d), 
Fig. 4 is reproduced in Fig. 5(c). X, is now 0.775, 
and Y; is 0.80. Comparison of Figs. 5(a), 5(b), and 
5(c) shows that as the number of stages increases, 
the fraction of the reducing gas converted to CO; 
and H2O increases, and the amount of oxygen left 
in the solid product diminishes. 

d) Column with an infinite number of stages. This 
case is presented in Fig. 5(d). Inspection shows that 
such an addition of many more stages to Fig. 5(c) 
causes the operating line to move to the left until 
it touches the equilibrium line. Most of the stages 
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are located at the point where the ‘‘pinch’’ occurs 
between the operating and equilibrium lines, namely 
at the point where these lines touch. These two 
findings are typical of a column containing a very 
large number of stages, namely first that the op- 
erating and equilibrium lines touch at some point 
and second that most of the stages are located at 
the ‘‘pinch’’ point. Stages located here accom- 
plish only an infinitesimal change in composition 
of the gas and solid streams, hence act as inactive 
ducts or stages. 

Inspection of Fig. 5(d) shows that a column having 
an infinite number of theoretical stages does little 
better than the three-theoretical stage tower of 
Fig. 5(c). For this case, X, is 0.76 and Ytop is 
now 0.814. 

Stipulating Product Composition—If product com- 
position is stipulated, then graphical construction 
procedure requires minor modification. That is, for 
this case, the following four variables are fixed: Yo, 


1.06 1.105 1.33 1.5 ie} 1.06 {105 1.33 15 


x x 


X,,Xtop, andS. General procedure involves assum- 
ing a value for G, which gives a trial value for the 
slope S/G. This trial operating line is now con- 
structed on the diagram, and the plates are stepped 
off, exactly as before. If the top horizontal step line 
meets the end of the operating line at the proper 
value of Xo), then the trial has been successful. If 
not, a new value of G must be assumed, and the op- 
eration repeated. 

Assume now that a pure metal product is to be 
produced, hence X, must be zero. Standard reducing 
gas is used, hence Y, is zero. Ore feed is again 
Fe20,, hence Xtop is 1.5. 

a) One plate, maximum S/G. Inspection of the 
equilibrium line of Fig. 6(a@) shows that the greatest 
attainable value for Y, (the composition of the gas 
off the top plate) must correspond to 0.33. Thus, 
the upper end of the operating line for this case 
must terminate at Y, = 0.33; X2,= 1.5. The lower 
end still passes through the point Yo = 0, X, = 0, 
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Fig. 6—Column operations at 820°C with 
Yo = 0, Xtop = 1.5, and =0. Perform- 
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Fig. 7—Column operations at 820°C for 
one and two theoretical stages, with Yo = 
0, Xtop = 1.5. For the single stage S/C = 


0.245, and for the two stage column S/G = 
0.355. 
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and so the value of S/G for this case is (Y; — Yo)/(X2 
— X,) = (0.33 — 0)/(1.5 — 0) or 0.22. When operating 
with only one plate and for the stipulated conditions 
at the bottom of the tower, namely Y, = 0, X, = 0, it 
is obviously impossible to draw an operating line 
having a greater slope than 0.22. This represents 
the maximum solids to gas ratio attainable while 
still making pure iron (X, = 0) as the product. Thus, 
gas utilization for this case, namely (G/S), is 1/0.22 
or 4.55 pound moles of H2 plus CO in the tower feed 
gas per pound atom iron reduced.* 


*Note: If more plates are added to this tower, keeping all other things 


unchanged, then these plates will obviously add to the pinch point ¥%, X,. 


In other words, only the top plate of such a tower will be active, while 
all lower plates will serve merely as ducts. 


b) Two stages, maximum $/G. Performance of a 
column of two theoretical stages is shown graph- 
ically in Fig. 6(0). To make pure metal, the opera- 
ting line must again go through point Y, = 0, X, = 0. 
Even with maximum possible slope, the operating 
line does not quite touch the equilibrium line in this 
case, as is clear from Fig. 6(b) and insert. The 
value for S/G for this case is 0.307. Thus, the con- 
sumption of Hz plus CO per unit metal made, namely 
G/S, is 1/0.307 or 3.3 pound moles reducing gas per 
pound atom of iron produced. 

c) Infinite number of stages, maximum S/G. The 
steepest operating line which can be drawn now 
touches the equilibrium line at Y,, X2, as shown 
in Fig. 6(c) and has a slope of 0.31. The bottom 
stage of any multistage column operating with this 
value of S/G will obviously function much as stage 1 
in case b) above. The intermediate stages will 
‘‘pinch’’ at Y, , X2 as shown in the insert of Fig. 6(c). 
Thus, this column having an infinite number of 
stages can do a very little better than a column of 
only two theoretical stages. 


1.0 F Xa 
Y 
1.06 1.105 1.33 15 


Fig. 8—Reduction of Fe,03 to Fe3O, in a one stage column 
with S/G of 5.9 at 820°C. 


18-VOLUME 218, FEBRUARY 1960 


d) One-stage column, small $/G. It might be 
noted here that if S/G is deliberately made less than 
the maximum value of 0.22, as calculated in Case a) 
above, then pure metal can still be made with one 
stage. This case is illustrated in Fig. 6(d), for a 
slope of S/G arbitrarily chosen to be 0.11. The off- 
gas composition Y, is obviously 0.165 for this situ- 
ation. Gas consumption per unit of metal made, 
however, will be higher than in Case a). Thus, for 
this case, G/S is 1/0.165 or 6 pound moles reducing 
gas per pound atom iron produced. 

Thus, it can be concluded from these diagrams 
that in a theoretical column at 820°C with the indi- 
cated reducing gas, pure metal can be made only 
if S/G is no greater than 0.31. 

The graphical analysis of a column of 7 theoretical 
stages operating on standard gas and Fe,0, as solid 
feed, and producing a mixture of Fe and FeO, will 
now be presented. In this case, X, lies somewhere 
between zero and unity. Procedure is entirely anal- 
ogous to that described above for a pure iron 
product. 

The first of several cases of interest is shown in 
Fig. 7(a), in which is presented an operation of one 
theoretical stage producing a solid product having 
X, = 0.15 with maximum S/G. In such a solid prod- 
uct, 85.8 pct of the iron is present as metal, the rest 
as Fey,,,O. The value of S/G for this case is (0.33 
—0)/(1.5 — 0.15) or 0.245; hence, moles Hz and CO 
consumed per atom iron in product is 4.1. Similarly, 
Fig. 7(b) shows a two-stage operation with maxi- 
mum S/G. The slope S/G for this case is (0.33 — 0) 
/ (1.08 — 0.15) or 0.36, hence the moles of Hz plus 
CO needed in the feed gas per pound atom iron in 
product are G/S, or 2.8. As before, the addition of 
more plates to the column of Fig. 7(b) results in only 
a small improvement in performance. These dia- 
grams illustrate the ease with which perspective 
can be obtained on the theoretical performance of 


Table |. Chemical and Screen Analysis of Feed Ore 


Chemical Analysis Screen Analysis 


Feed 
Wt Pct ; Mesh Material 

Iron 64.5 +8 Trace 
Water 5.4 10 3.2 
SiO, 0.86 14 9.3 
S 0.06 20 15.5 
Mn 0.07 28 21.6 
CaO 0.95 35 28.4 
MgO 0.07 48 34.5 
Al,0, 0.58 65 45.2 
Pp 0.12 100 56.0 
150 67.0 
200 75.0 
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the systems being discussed. That this graphical — 
procedure applies over the entire range of possible 
solid product compositions should now be evident. 
Thus, if it were desired to make magnetite from 
Fe2O,; using the ‘‘standard’’ gas at 850°C, then only 
one theoretical plate would be required, as is evi- 
dent from Fig. 8. Moreover, the value of S/G for 
this case is obviously (Y, — Y,)/(X2—Xi) = 

(1 — 0)/(1.5 — 1.33) or 5.9. Thus, moles of H, and 
CO needed per pound atom of iron produced, namely 
G/S, is only 0.17. 


IV. OPERATING DATA ON FLUIDIZED IRON 
REDUCTION 


The degree to which a fluidized bed functions as a 
theoretical stage with respect to attainment of chem- 
ical equilibrium was explored experimentally. Cerro 
Bolivar ore having an analysis and particle size 
distribution as in Table I was fluidized in an exter- 
nally heated reactor 4 in. inI.D. Preheated stand- 
ard gas was fed to the reactor. Hot gas velocities 
up through the tube were 3 ft per sec, expanded bed 
depths were 3 ft, and pressure drops through the 
bed were of the order of 2 lb per sq in. Pressures 
at the top of the bed were substantially atmospheric, 
and test showed any given bed to be substantially 
isothermal. 

Both batch and continuous runs were made. In 
the batch runs, a charge of ore was placed in the 
reactor, fluidized with nitrogen, and brought up to 
temperature. When the desired operating temper- 
ature was reached, preheated reducing gas was 
passed up through the apparatus in place of nitro- 
gen. At suitable intervals, simultaneous samples 


x 


of bed solids and off-gases were taken and analyzed. 

A continuous run, during start-up, was identical 
with a batch run. After carrying out batch reduc- 
tion to bed compositions expected in the continuous 
runs, iron ore was added to the bed at a constant 
predetermined rate. Solid product was simultane- 
ously withdrawn by means of an over-flow pipe open- 
ing into the top of the bed. In this way, bed depth 
was kept constant, and steady state operating con- 
ditions were attained. 


Bed Efficiency-Batch Runs—The average lines 
drawn through experimentally determined compo- 
sitions of the off-gases obtained in the batch runs 
just cited are presented graphically in Fig. 9. Re- 
sults are presented in this figure for the range of 
X values only between zero and unity. With the ap- 
paratus available, it was not feasible to make 
measurements at values of X higher than unity 
because of the rapidity of the reduction. However, 
for the temperatures studied, the evidence indi- 
cated that the off-gases were in substantial equi- 
librium with the bed when the bed composition in- 
volved X values lying in the range of 1.05 and 1.5. 
Further inspection of the data shows that, below an 
X value of unity, the degree to which equilibrium 
is reached is strongly dependent on temperature. 
At 900°C, it can be seen that equilibrium is rather 
closely attained over a wide range of X values, 
whereas at lower temperatures, attainment of 
equilibrium is incomplete at best and becomes 
poorer at low values of X. Data points are pre- 
sented for operations at 850°C in the 3-ft bed in 
Fig. 10. It is to be expected that, other variables 
being held constant, the degree of attainment of 
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equilibrium in these off-gases would be benefited 
by increased bed depth. Similarly, the positions of 
these performance lines must be a function of ore 
composition, density, particle shape, size and size 
distribution, gas velocity, bed diameter, and related 
variables. 

Bed Efficiencies, Continuous Runs—The degree to 
which equilibrium is attained in continuous runs can 
be plotted in a fashion similar to that just described 
for batch runs. In these continuous runs, the feed 
to the stage is Fe,0,. Results available at 850°C 
are again presented in Fig. 10, along with those for 
the batch runs at this temperature. It is interesting 
that the continuous run efficiencies are significantly 
better than for the batch runs at this temperature. 
It should be noted that these efficiency curves are 
analogous to the Murphree plate efficiencies used 
in distillation. 


V.. GRAPHICAL TECHNIQUE—ACTUAL 
PERFORMANCE 


Isothermal Operation—The actual performance 
of a multi-bed contercurrent system, operating 
isothermally, can now be predicted by graphical 
means from data such as are presented in Fig. 9. 
Calculation procedure is exactly the same as with 
theoretical stages, described in section III of this 
paper, excepting only that a stage efficiency curve, 
such as Fig. 9, is substituted for the equilibrium 
line, when counting plates. That is, it is now recog- 
nized that the gas and solid streams leaving a stage 
will not reach complete equilibrium with each other, 
but proceed only as far as these efficiency curves 
allow. It is, of course, necessary to use the ap- 
propriate efficiency curve, reflecting the temper- 
ature, bed depth, tower diameter, and so forth. 

A group of three cases, the first two of which 
correspond to those of Figs. 7(a) and 7(b), are pre- 
sented in Fig. 11. In all these cases, the ‘‘stand- 
ard’’ gas is again fed to the reactor, with a zero 
value for Yo. Solid feed to the top plate is to be 
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umn with actual stages, with Yy = 0, X4= 
0.15, and X,., = 1.5. Performance with 
1, 2 and 3 stages shown in Figs. (a), (b), 
and (c) 


133 15 


Fe2Os (Xo) = 1.5), and the bottoms product is to 
have a value for X, of 0.15. To illustrate the method, 
operations are assumed at 850°C, and bed depths 
are taken at 3 ft. To be conservative, the perform- 
ance curves of Fig. 9 for batch operations are as- 
sumed to apply. It will be remembered that for each 
case, Yo is zero, X; is 0.15, and the ore fed to the 
top plate is Fe,0,, making Xtop) = 1.5. 


Fig. 11(a) shows operation with one bed. The 
value of S/G in this case must clearly be 0.148 and 
Y, for the off-gases is 0.20. The pound moles of 
reducing gas needed per pound atom iron in the 
product, namely G/S, is therefore 6.75. Fig. 11(b) 
shows operations with two beds. The value of S/G 
is found to be 0.245 and off-gas composition from 
the top plate is such that Y2= 0.33. Gas consump- 
tion per pound atom of iron, namely S/G, is now 
4.1 mols. Considerable improvement over the one- 
plate operation of Fig. 11(a) is evident. Fig. 11(c) 
shows operations with three plates. It is assumed 
here that, because of the high reaction rates ob- 
served, off-gas compositions will correspond to 
equilibrium compositions in beds having values for 
X in excess of 1.05. The value of Y, is now U.48, 
and S/G is 0.35, hence G/S is 2.8 mols per atom 
of total iron in the product. 


It should be evident that performance is very sen- 
sitive to location of the bed efficiency curves. An 
improved efficiency curve could be obtained by op- 
erating with deeper beds, or with higher tempera- 
tures. It is further evident that, even with efficien- 
cies such as are used in Fig. 11, an increase in the 
number of actual plates beyond three can yield little 
further improvement in operation. 

The application of this graphical technique to 
other isothermal cases is obvious. Its utility lies 
in the speed with which calculations can be made, 
and in the perspective it affords on how column con- 
ditions will change when terminal conditions are 
varied. 

The discussion has so far been devoted to iso- 
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thermal operations. Actual operations would not 
be isothermal, for three reasons: 

1) Heat losses from the reaction vessel walls. 

2) Sensible heat requirements. A cold solid feed, 
for example, would inevitably cool down the top beds. 
3) Heats of reaction. Temperatures will change 

from plate to plate in an adiabatic system, depend- 
ing on whether exothermal or endothermal reactions 
occur. 

It is obvious that the graphical technique discussed 
here applies to all cases of iron reduction regard- 
less of whether operations are isothermal or not. 
However, in nonisothermal operations, a different 
reduction isotherm and isothermal efficiency curve 


must be used for each plate, depending upon its tem=— 


perature. Such plate temperatures are found by 
adding ‘“‘heat balances’’ to Eqs. [4] through [10]. The 
graphical technique described here is still a great 
convenience when used in conjunction with such heat 
balances. * 

*A generalized graphical technique for dealing with the heat balance 
in addition to Eqs. [4] through [10] will be presented shortly. 

It is interesting to note that the multistage coun- 
tercurrent system described here, when operated 
with standard gas, can come close to being isother- 
mal. First, heat losses from insulated reaction 
vessels tend to become insignificant in larger-scale 
operations. Thus, any actual large-scale column 


operation tends to be adiabatic. Second, sensible 
heat effects are minimized when (as appears de- 
sirable) fuel gas and solids feed to the column are 
both preheated to column temperature. Third, heats 
of reduction of the iron oxides with either hydrogen 
or carbon monoxide tend to be small, and are fur- 
ther reduced when mixtures of these gases are used. 
That is, the reduction of iron oxides by hydrogen 
gas is endothermal, while these same reactions are 
exothermal when using carbon monoxide. The stand- 
ard gas discussed here falls a little short of the 
proportions needed for a zero heat of reaction. 

Finally, it is evident that this graphical technique 
for calculating the behavior of any staged counter- 
current system in which chemical reaction occurs 
is not restricted to the iron reduction reactions. It 
is applicable without modification to any reaction 
between solids and gases in which there is an equal 
number of mols of gas on the left and right side of 
the reaction equation. 
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The Relationship Between the Boundary Area and 


Hardness of Recrystallized Cartridge Brass 


By employing a simple linear intercept counting method, the 
grain and twin boundary areas of recrystallized cartridge brass 
were determined independently and related to the measured Brinell 


hardness number. It was found that hardness is not a simple func- 


W. J. Babyak 


tion of either the grain boundary or twin boundary area alone, but is 


a linear function of the sum of the grain and twin boundary areas. 


Ir has long been supposed that, regardless of the 
mechanism by which grain boundaries increase the 
hardness of a ductile metal, the effect should be 
linearly proportional to the grain boundary area. 
At the present time two methods for determining 
grain boundary area in an isotropic aggregate are 
available. The first, derived by Angus and Sum- 
mers,’ presumes that the grain boundary area is 
equal to 3Vm, where n is the number of grains per 
sq mm in a random section through the metal. This 
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estimate is based upon the assumption that the 
grains are equivalent to cubes whose faces cor- 
respond with the grains as observed in the micro- 
section. Measurements on copper, bronze, and 

a brass showed that a nearly linear relation ex- 
ists between 3Vm7 and hardness. This is illustrated, 
for the case of brass, in Fig. 1. 

The second method, developed independently by 
Smith and Guttman? and by Duffin, Meussner, and 
Rhines,’ is absolute and employs a simple linear 
intercept count for measuring grain boundary area. 
It involves no assumptions with respect to the shape 
and distribution of the grain boundaries. The total 
surface in unit volume is 2N;,, where N; is the 
number of intercepts between grain boundary and 
unit length of a test line passed randomly through 
the sample. In practice, N, , the average number 
of grain boundaries intercepted by unit length of 
traverse across a prepared microsection, is ob- 
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Fig. 1—Hardness of recrystallized cartridge brass as a 
function of the “grain boundary area, 3V .” After Angus 
and Summers.! 


tained by grain boundary counts totalling at least 
500 intercepts on a multiplicity of randomly directed 
traverses. 

Using both methods, the present investigators 
found that neither method produced a linear rela- 
tionship between grain boundary area and the hard- 
ness of cartridge brass in the range of large grain 
sizes, Fig. 2 and Table I. Since the present meas- 
urements were made with great care and produced 
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Fig. 3—The relation between two methods of measuring 
boundary area. 
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GRAIN BOUNDARY AREA (CM2/CM® ) 
Fig. 2—Hardness of recrystallized cartridge brass as a 


function of the grain boundary area determined by two 
methods. 


smooth curves, it appears likely that the experi- 
mental scatter in the results of Angus and Summers 
led them to draw a straight line which conceals a 
real deviation from linearity. That the error in- 
curred by assuming the grains to be cubes increases 
as the magnitude of the grain boundary area in- 
creases is shown by comparing the results of the 
two methods as plotted in Fig. 3. 


The present investigation was initiated in an at- 
tempt to determine the reason for the nonlinearity 
exhibited in Fig. 2. Using the intercept method, the 


Table |. Data on the Variation of Hardness with Grain Boundary 
Area Measured by Two Methods. Material: Cartridge Brass 


Brinell Hardness 2N 3V n 
Number Cm?/Cm3 Cm?/Cm? 
55.0 554 832 
415 608 
46.9 296 290 
42.0 146 188 
36.6 66 32 
33.5 25 12 
Table II. Data on the Development of Various 
Grain Sizes in Cartridge Brass 
Grain Twin Av. 
Boundary Boundary Grain 
Speci- Area Area Diameter 
men Heat Treatment BHN Cm?/Cm* Cm?/Cm*> (mm) 
1 50 pet CW, 875°C, 1 hr 36.6 66 60 0.274 
50 pct CW, 600°C, 1 hr 52.3 415 268 0.045 
3 50 pct CW, 790°C, 1 hr 42.5 157 133 0.118 
4 50 pct CW, 700°C, 1 hr 46.9 296 179 0.064 
5 50 pct CW, 500°C, 4 hr 55.0 554 164 0.034 
6 50 pctCW, 900°C,:1 hr 33.5 25 26 0.775 
if 50 pet CW, 725°C, 1 hr 45.5 246 202 0.076 
8 5 pet CW, 700°C, 1 hr 40.9 134 80 0.141 
9 10 pct CW, 700°C, 1 hr 42.0 146 134 0.128 
10 20 pct CW, 700°C, 1 hr 44.3 192 189 0.122 
il 35 pet CW, 700°C, 1 hr 41.5 142 124 0.133 
12 65 pet CW, 700°C, 1 hr 42.5 136 126 0.138 
13 80 pct CW, 700°C, 1 hr —_ 137 130 0.137 
14 80 pct CW, 700°C, 5 min = 86 83 0.217 
15 10 pct CW, 600°C, 1 hr, 
45 pet CW, 650°C, 2 min 52.3 420 242 0.045 
16 10 pct CW, 600°C, 1 hr, 
45 pct CW, 650°C, 1 hr 47.4 239 193 0.079 
17 10 pct CW, 600°C, 1 hr, 
45 pct CW, 650°C, 1 min 59.0 603 297 0.030 
18 10 pct CW, 600°C, 1 hr, 
45 pet CW, 650°C, 2 hr 55.0 503 242 0.037 
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grain and twin boundary areas of recrystallized 
cartridge brass were determined independently and 
related to the measured Brinell hardness number. 
Neither the grain boundary area nor the twin bound- 
ary area alone was found to be a simple function of 
hardness, but the sum of the grain and twin bound- 
ary areas is a linear function of hardness, Fig. 4. 

This observation derives added support from the 
finding that two samples (5 and 18 in Table II) that 
had nearly identical totals of grain and twin bound- 
ary area, but which differed by more than 50 pct in 
their ratio of grain to twin boundary area, had 
identical hardness. 

Obviously, the failure to find the expected linear 
relationship between grain boundary area and hard- 
ness was the result of excluding the twin boundary 
area. The influence of the twin boundary upon hard- 
ness appears, within the precision of these meas- 
urements, to be quantitatively the same as that of 
the grain boundary. This comes as a surprise, be- 
cause it had been supposed that the greater struc- 
tural complexity of the grain boundary would make 
it an obviously more effective barrier to plastic 
flow. 
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In order to avoid complications that might arise 
from the intrusion of impurity phases, a very high 
purity cartridge brass was selected for this study. 
Various grain sizes were produced by cold-rolling 
the brass followed by annealing. During annealing 
the brass was protected from zinc loss by packing 
it in chips of like composition in a closed iron cap- 
sule. Although series in which a variation in grain 
size were produced with constant annealing condi- 
tion and, alternately, with a constant amount of prior 
cold work, all samples of the same total grain plus 
twin boundary area had the same hardness, regard- 
less of how the grain size was produced. The con- 
ditions of prior deformation, annealing temperature, 
and annealing time that were employed are listed 
in Table II, together with the resulting area meas- 
urements and hardness. 
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The Morphology of Brittle Fracture in 


Pearlite, Bainite and Martensite 


The morphology of brittle fracture in pearlite, bainite and 
martensite of an essentially plain carbon steel (0.55 pet Cc, 1.30 
pct Mn) broken at —196°C was studied with the electron micro- 
scope. It was noted that the fracture facet size varied with the 
type of structure. It was much larger in the pearlite and upper 
bainite than that in the lower bainite and martensite. The mar- 
tensitic structure which is known to have a greater resistance 
to brittle fracture showed the finest fracture as well as the finest 


structural unit. It is suggested that further decreasing the struc- 
tural unit size in the martensite might increase the toughness. 


Ir is a well-known fact that martensitic steels 
show a greater resistance to brittle fracture than 
do pearlitic and bainitic steels. It was, therefore, 
thought worthwhile to investigate the mode of brittle 
fracture with respect to structure by studying the 
effect of various austenite decomposition products 
on the propagation of brittle fracture in steel by 
means of electron microscopy. Newly developed re- 
plication techniques together with the advantages of 
the electron microscope such as great depth of field, 
available high magnification and easy adaptation to 
stereophotography make electron microscopy very 
suitable for fracture studies. 


EXPERIMENTAL PROCEDURE 


An essentially plain carbon steel containing 0.56 
pet C, 1.30 pct Mn, 0.02 pct P, 0.03 pct S and 0.22 pct 
Si was used in this investigation. The following table 
gives the heat treatments used to obtain the various 
austenite decomposition products: 

The resulting austenite grain size from the 870°C 
austenitization treatment was about an ASTM No. 7 
grain size. The specimens which were 2 in. long, 
1/4-in. diam bars were austenitized in a tube furnace 
through which argon gas was blown. The tube was 
not, however, air-free and the specimens were not 
completely oxide-free. Isothermal treatments were 
done in a lead bath. 

With the exception of the fully hardened specimen 
and the one as-isothermally transformed at 300°C 
the heat treated specimens were notched in the fol- 
lowing fashion with a jeweler’s saw. A cut about 
0.08 in. deep was made perpendicular to the length of 
the bar. The specimen then was rotated about 45 deg 
and another cut about 0.08 in. deep was made. In the 
case of the hard martensitic and bainitic specimens, 
only one cut was made and the depth was not con- 
trolled. The design of the two-cut notch caused frac- 
ture to initiate at the point of intersection of the two 
saw cuts. 

The specimens were broken at —196°C in a Charpy 
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impact testing machine. In order to hold the speci- 
mens securely in the impact machine two square 
pieces of mild steel were made about 5/8 in. long 
having the same cross section as that of a standard 
Charpy specimen but containing a hole 1/4 in. diam 
through the center of the cross-section. These 
adapters were slipped over the ends of the test 
specimen which was then secured tightly by means 


of set screws in the adapters. The specimen with the 
adapters was cooled to —196°C in liquid N2, then 
placed in the impact machine and broken within 3 
sec. 

One half of the broken specimen was used for the 
electron microscope study of the actual fracture sur- 
face. The other half was nickel-plated and a cross 
section through the notch and fracture was polished 
for electron microscope examination. Carbon repli- 
cas of the fracture specimens for the electron mi- 
croscope study were made essentially according to 
Bradley’s evaporation technique.* Both direct carbon 
and two-stage carbon replication techniques were 
used. 

In the case of the direct carbon technique, a thin 
layer of carbon was evaporated first at an angle of 
about 45 deg to the mean fracture surface and then 
another film of carbon was evaporated normally to 
the fracture surface. The carbon replica was freed 
electrolytically’ The specimen was made an anode in 
a 10 pct Nital polishing solution. It was etched inter- 
mittently by shutting off the power now and then. The 
freed replica was washed in 40 to 50 pct water solu- 
tion of nitric acid for 10 min or so, then washed in 
water and picked up on a screen for examination. 

The two-stage carbon replication technique in- 
volved first making a primary replica of cellulose 
acetate from which a carbon replica was then made. 
One side of a strip of cellulose acetate wet with 
acetone was pressed lightly against the surface of the 
specimen, allowed to dry and then stripped. Prior to 
the deposition of carbon, which was done at 90 deg to 
the cellulose acetate replica surface, chromium was 
evaporated at 45 deg. After the carbon evaporation 
the cellulose acetate was dissolved in acetone ac- 
cording to the Jaffe method® leaving the carbon 
replica preshadowed with chromium for examination. 
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Fig. 1—Fracture surface of pearlitic sample showing 
transcrystalline fracture. Direct carbon replica of as- 
broken specimen. (Fracture radiates from upper left as 
indicated by river pattern of cleavage steps). X10,000. 
Reduced approximately 32 pct for reproduction. 


A Philips 100 kv electron microscope was used. 
Taking stereo-pairs was very simple since the 
specimen holder could be rotated over a small angle 
about its axis without disturbing the vacuum. Thus, 
two micrographs were taken of the specimen in suc- 
cession, differing only in that the electron beam 
passed through the specimen at somewhat different 
angles. These photographs when viewed in a stereo- 
scope fused to give a three-dimensional picture. 
The photographs of the fracture surfaces were taken 
as stereo-pairs which were very helpful in studying 
the path of fracture. However, since the stereo ef- 


Fig. 3—Fracture surface of pearlitic sample showing in- 
tercolony fracture. Two-step carbon replica of as-broken 
specimen. X15,000. Reduced approximately 32 pct for re- 


production. 
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Fig. 2—Cross section through nickel-plated fracture edge 
of pearlitic sample showing cleavage facet crossing sev- 
eral pearlite colonies in former single austenite grain. 
Etched in 2 pct Picral. Two-step carbon replica. X10,000. 
Reduced approximately 32 pct for reproduction. 


fect is difficult to obtain by many people without a 
stereo viewer, and because of space considerations, 
only single photographs are given here. 


DESCRIPTION OF THE FRAC TURES—EXPERIMEN- 
TAL RESULTS 


A) Fracture in Pearlite—The microstructure of 
the fractured specimens consisted of pearlite colo- 
nies and some proeutectoid ferrite. The average 
pearlite colony diameter was measured by the 
straight line intersection method to be ~ 3.8X 107°, 
cm and the pearlite spacing to be ~ 1.0 — 1.6 x 10° A. 
The spacing agrees fairly well with that estimated 
from the data of Pellissier e¢ al. on pearlite spacing* 
for this temperature of transformation. Fracture in 
the pearlitic sample was predominantly transcrystal- 


Table | 
Austenite De- 
composition 
Product Heat Treatment R, Hardness 
Pearlite 1600°F (870°C) 1% hr 


1100°F (593°C) 20 min, Oil Qu. 25 


1600°F (870°C) 1% hr 


Upper Bainite 
550°F (288°C) 5 sec 


752°F (400°C) 30 min, Oil Qu. 36 
same as above plus 
1040°F (560°C) 1 hr, Oil Qu. 26.4* 
Lower Bainite 1600°F (870°C) 1% hr 
572°F (300°C) 30 min, Oil Qu. 50.2 
same as above plus 
1040°F (560°C) 1 hr, Oil Qu. 28.6* 
Martensite 1600°F (870°C) 1% hr, Oil Qu. 62 


same as above plus 
1100°F (593°C) 1hr, Oil Qu. 28.7% 


*These tempering temperatures were used so that all three struc- 
tures would be at approximately the same strength level as that of 


the pearlite. 
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Fig. 4— Etched fracture surface of sample 
ing characteristic mottling of the ferrite. Etched in sat- 
urated aqueous picric solution. Direct carbon replica. 
X15,000. Reduced approximately 32 pct for reproduction. 


line showing relatively large cleavage facets. The 
fracture path did not appear to favor the proeutectoid 
ferrite. It seemed to prefer more often than not to 
cross pearlite colonies at various angles to the 
cementite plates. A river-like cleavage step pattern 
was visible on the fracture surface, Fig. 1. There 
were often jogs in the cleavage steps at ferrite- 
cementite interfaces; thus, the pearlite was more or 
less delineated in the unetched transcolony fracture 
not smoothly but in a jagged fashion. The fracture 
path often changed direction at a colony boundary to 
pass around or through the next colony but at times 
it continued on, often in a single cleavage facet, 
across a number of pearlite colonies extending over 


Fig. 6— Fracture surface of upper bainitic sample show- 
ing delineation of carbides on cleavage surface. Direct 
carbon replica of as-broken specimen. X10,000. Reduced 
approximately 27 pct for reproduction. 
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Fig. 5—Cross section through nickel-plated fracture edge 
of upper bainitic sample showing single cleavage facet 
crossing several bainite grains. Etched in 2 pct Picral. 
Two-step carbon replica. X10,000. Reduced approximately 
43 pet for reproduction. 


part or, in some cases, the whole of one former 
austenite grain, Fig. 2. Intercolony fracture, Fig. 3, 
occurring at either former austenite grain bound- 
aries or ordinary pearlite colony boundaries was 
characterized by a relatively smooth surface show- 
ing a rounded outline of the cementite. No cleavage 
step pattern typical of transcrystalline fracture was 
apparent on the intercolony fracture surface. 

Preference for fracture in the ferrite or at the 
ferrite-carbide lamella interface was shown only 
occasionally when fracture ran parallel to the lamel- 
lae. Because of the radial growth of pearlite the 
lamellae were not continuous across the colony and 
imparted a stepped appearance to the crack. Frac- 
ture at the ferrite-carbide interface was character- 
ized by unusual smoothness with occasional stria- 
tions. 

The fracture surface on etching in a saturated 
aqueous solution of picric acid for 1 min showed a 
mottling that looked like a fine precipitate, Fig. 4. 
This mottling effect has been observed on other 
fracture surfaces” but was not seen on the polished 
and etched cross section. The distribution of the 
pearlite on the etched fracture looks not unlike that 
of a polished and etched random cross section. 

B) Fracture in Upper Bainite Isothermally Trans- 
formed at 752°F (400°C)—One sample was broken as 
transformed, another after tempering (1040°F - 
560°C) toa 26. 4 R- hardness to correspond to the 
hardness level of the pearlitic sample. 

The microstructure was typical of upper bainite 
consisting of long carbide stringers lying parallel 
to the longer dimension of the bainite ‘“‘grain.”’ 
Where the longer dimension was sectioned trans- 
versely, the carbides appeared randomly dispersed. 
Since the bainite grain boundaries were not always 
clearly delineated and because the grains usually 
were longer in one direction than another, no attempt 
was made to obtain an average grain size. There was 
no major difference between the microstructures of 
the as-isothermally transformed and the tempered 
samples. The grain boundaries appeared to be 
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Fig. 7—Fracture surface of tempered upper bainitic sam- 
ple showing some intergranular fracture (e.g. upper left- 
hand corner). Direct carbon replica of as-broken speci- 
men. X10,000. Reduced approximately 25 pct for repro- 
duction. 


somewhat more clearly delineated in the tempered 
sample and carbides slightly larger. 

The fracture in both samples was again predomi- 
nantly transcrystalline showing cleavage facets 
equally as large as those occurring in the pearlitic 
fracture. Here too, the fracture path could be devi- 
ated by a grain boundary (bainite) to pass around or 
through the next grain but it very often continued on 
in a single cleavage facet across a number of bainite 
grains probably across the entire former austenite 
grain boundary, Fig. 5. The carbides of the bainitic 
structure were made visible in the fracture surface 
by steps and jogs on the cleavage surface, Fig. 6. 

It could not be decided whether the small amount 
of grain boundary fracture occurred along former 
austenite boundaries or along the boundaries of new 
bainite grains. Just as in the case of intercolony 
fracture in the pearlite, the intergranular fracture 
surface was relatively smooth with outlined carbide 
particles and free of river patterns, Fig. 7. There 
seemed to be a slight increase in grain boundary 
fracture in the case of the tempered sample. 

C) Fracture in Lower Bainite Isothermally Trans- 
formed at 572°F (300°C)— Two specimens, one as 
transformed and another after tempering (1040°F - 
560°C) to a hardness level to correspond approxi- 
mately (28.6 R-) to that of the pearlitic sample, were 
fractured. 

The microstructure of the untempered isothermally 
transformed sample was typical of bainite formed at 
lower temperatures, consisting of long narrow bainite 
needles with small parallel carbide platelets inclined 
at an angle to the needle axis. The ferrite background 
was rough indicating the presence of a very fine con- 
stituent. Tempering produced a pronounced struc- 
tural difference. The ferrite matrix became smooth 
with a clearly resolved fine carbide precipitate. The 
preexisting carbide dispersion showed some coars- 
ening. 

The as-transformed specimen fractured pre- 
dominantly transcrystallinely, the cleavage facet 
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Fig. 8—Fracture surface of lower bainitic sample show- 
ing long narrow cleavage facets. Direct carbon replica of 
as-broken sample. X10,000. Reduced approximately 25 
pet for reproduction. 


size being controlled to a great extent by the bainite 
needle, thus the many long narrow cleavage facets on 
the fracture surface, Fig. 8. The structure unit, the 
bainite needle, seemed to be a more effective control 
of cleavage facet than either the pearlite colony or 
the upper bainite grain. Thus, the fracture unit in the 
lower bainite was relatively finer. The carbide 
structure was not as clearly visible on the fracture 
surface as it was on the previously described frac- 
tures because of its fineness, but the many fine jogs 
and steps on the cleavage facets were undoubtedly 
caused by the carbides. The short large parallel 
transverse steps (deep river pattern) in Fig. 9 were 
probably associated with the parallel carbide plate- 
lets lying laterally to the needle axis. 

Some austenite grain boundary fracture also oc- 
curred. This grain boundary fracture was consider- 


‘ing short parallel transverse steps on long narrow cleav- 
age facets. Direct carbon replica of as-broken sample. 
X7500. Reduced approximately 31 pct for reproduction. 
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i initi e show- 
Fig. 9—Fracture surface of lower bainitic sampl 


Fig. 10—Fracture surface of tempered lower bainitic 
sample showing some fracture at boundaries of very fine 
ferite grains (upper left-hand corner). Direct carbon rep- 
lica of as-broken sample. X10,000. Reduced approximately 
25 pet for reproduction. 


ably rougher on a very fine scale than that of the 
grain boundary fracture occurring in the pearlite and 
upper bainite. It also showed occasional coarse 
jagged portions. 

The tempered specimen also broke mainly trans- 
crystallinely, the cleavage facet again controlled to a 
large extent by the bainite needle. The cleavage in 
the tempered sample was smoother, having fewer 
steps and markings than that of the cleavage in the 
as-transformed specimen. Also, the larger car- 
bides could be more clearly seen on the cleavage 
surfaces. 

There was also some grain boundary fracture in 
the tempered specimen, Fig. 10, but this occurred 
along tiny (~ 2.0 X107° cm) ferrite grains formed 
apparently on tempering. This fracture was char- 
acterized by tiny smooth curved surfaces containing 
outlines of carbides particles. It became the pre- 


Fig. 12—Cross section through nickel plated fracture edge 
of tempered martensitic sample showing typical micro- 
structure and fracture. Etched in hydrochloric picral 
etchant. Two-step carbon replica. X10,000. Reduced ap- 
proximately 33 pct for reproduction. 
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Fig. 11—Cross sections through nickel-plated fracture 
edge of as-quenched martensitic sample showing typical 
microstructure and fracture. Etched in 2 pct Picral. 
Two-step carbon replica. (a2) X3000. Reduced approxi- 
mately 43 pet for reproduction. (4) Reduced approximately 
32 pet for reproduction. 


dominant mode of fracture in tempered martensite. 

D) Fracture in Martensite— An as-quenched sam- 
ple and a sample quenched and tempered (1100°F - 
593°C) to a hardness level (28.7 R,) corresponding 
approximately to that of the pearlite were fractured. 

The samples exhibited typical martensitic struc- 
ture, Figs. 11 and 12. Approximately 50 pct of the 
as-quenched martensite fracture was highly jagged, 
Fig. 13, and in this portion, the average fracture 
facet or unit was relatively small, being apparently 
controlled by the martensite needle size as shown 
in Fig. 11(0). 

The remaining portion of the fracture occurred 
along former austenite grain boundaries. The grain 
boundary fracture, although relatively smoother 
than the interacicular fracture, showed occasional 
jagged portions and outlines of carbides. These 
latter may have been carbides undissolved during 
austenitization or possibly carbides from a small 
amount of high-temperature transformation product 
which was visible occasionally near inclusions. 


The fracture in the tempered martensite uniformly 


showed the smallest fracture unit of all the frac- 


tures, Fig. 14. A large part of the fracture occurred 


at the tiny ferrite grain boundaries and the rest was 
a cleavage fracture through one or several of these 

ferrite grains. The latter showed the usual cleavage 
river pattern whereas the former was fairly smooth 
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Fig. 13—Fracture surface of as-quenched martensitic 
sample showing some highly jagged fracture (left side) 
and some austenite grain boundary fracture (right side). 
Direct carbon replica of as-broken specimen. X10,000. 
Reduced approximately 32 pct for reproduction. 


with outlined grain boundary carbides. The polished 
section through the fracture specimen etched in 
hydrochloric picral etchant to delineate grain bound- 
aries shows the relation between fracture path and 
fine ferrite grains of the tempered martensitic 
structure, Fig. 12. 

E) General Comments—The structure unit of the 
various austenite decomposition products does have 
an effect on the propagation of brittle fracture in 
steel. This is evident from the outlining of the struc- 
ture unit to a greater or less degree on the fracture 
surfaces of these structures: the nodules of pearlite, 
the fan-shaped bainite grains of upper bainite, the 
long narrow acicular grains of lower bainite, the 
needles of the as-quenched martensite and the fine 
ferrite grains of tempered martensite. The former 
austenite structure unit in addition to the indirect 
effect brought about by the determination of the rela- 
tive unit size of the various decomposition products 
may have a more direct effect on the fracture propa- 
gation in these structures. In the case of the pearlite 
and upper bainite, fracture often proceeds through 
several colonies or grains across the entire former 
austenite grain. In the case of the as-transformed 
lower bainite and as-quenched martensite, part of the 
fracture occurs along the former austenite grain 
boundaries. The fracture along the tiny ferrite 
grains in the tempered martensite and to a lesser 
degree in the tempered lower bainite may in effect 
be controlled by the austenite if the ferrite grains are 
inherited from the austenite subgrains as some in- 
vestigators have proposed.° It is interesting to note 
in this connection that data obtained in an investiga- 
tion with a 3340 martensitic steel tempered at 
1100°F showed no significant change in ferrite grain 
size with a change in austenite grain size from 1 mm 
diam to 0.01 mm diam. Other investigators have 
found the same result.” 

Fracture occurs mainly in the ferrite—i.e. along 
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Fig. 14— Fracture surface of tempered martensitic sam- 
ple showing fracture along boundaries of very fine ferrite 
grains with some cleavage fracture. Direct carbon rep- 
lica of as-broken sample. X10,000. Reduced approximately 
25 pet for reproduction. 

cleavage planes and grain boundaries of the ferrite. 
In the case of grain boundary fracture, parting oc- 
curs at interfaces between the ferrite and carbides 
but in the case of cleavage, the fracture proceeds 
through the carbide, but usually it makes a jog at 
each ferrite-carbide interface. Because of the large 
cleavage facets in the pearlite and upper bainite ex- 
tending over several colonies, it is deduced that the 
ferrite is lined up over several pearlite and bainite 
units derived from a single austenite grain. na 
similar manner, it can be deduced that the lower 
bainitic and martensitic structure possess greater 
orientation differences among the ferrite units de- 
rived from a Single austenite grain. This could be 
due, in part, to the fact that there are more units per 
austenite grain. However, the lattice relationships 
existing between the ferrite of the various austenite 
decomposition products and the parent austenite al- 
so lead to greater orientation differences being 
present in the lower bainite and martensitic struc- 
tures. The Kurdjumov-Sachs’® relationship for mar- 
tensite and lower bainite gives twenty-four orienta- 
tions, whereas the Mehl-Smith’ relationship for 
pearlite and the Nishiyama’® relationship for upper 
bainite gives only sixteen and twelve, respectively. 
No data are available on the relative orientations of 
the fine ferrite grains within a single former austen- 
ite grain in the tempered martensite structure. The 
work to establish the relationship between martensite 
and former austenite was all done with the as- 
quenched tetragonal product. 

No impact energy measurements were made on 
these samples so no quantitative data as to relative 
toughness can be reported. However, if one con- 
siders the fractures of only the samples containing 
structures of approximately the same hardness 
level, i.e., the pearlite, tempered upper bainite, 
tempered lower bainite and the tempered martensite, 
one would expect the toughness to increase with de- 
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creasing fracture facet size. In the case of the 
pearlitic and upper bainitic specimens, the fracture 
unit or facet varied between 3.8 x 10 “cm (average 
pearlite colony diameter) and 3.2 X10 > cm (average 
austenite grain diameter). The smallest average 
facet size was found in the martensitic structure 
where the fracture went around the tiny ferrite 
grains (about 2.0 x 107° cm diam). These facts are in 
keeping with experimental and service observations 
concerning the ductility and toughness characteris- 
tics of steels. Steels containing high-temperature 
transformation products show less toughness than 
martensitic steels. This study indicates then that 
further increase in the toughness in steels may be 
effected by further decreasing the structure unit in 
the martensitic steels. 
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The Solubility of Copper in Ferrite 


The solubility of copper in a-iron between 698° and 841°C 
has been determined by a direct method of saturation and chemi- 
cal analysis; iron and copper (containing silver) were equilibrated 
using todide carrier in sealed Vycor capsules. The composition 
of a-iron in equilibrium with iron-saturated copper can be repre- 


sented by the equation, 
log (%) Cu) = 4.335 — 4499 (= 


X-vay measurements of ferrite lattice dilation by copper have 


H. A. Wriedt 


been used to explain most of the discrepancy between the newly 


determined solubility and the previously accepted solubility values. 


Tre constitution diagram of the iron-copper sys- 
tem derived by Daniloff* exhibits, at the iron-rich 
end, phase fields similar to those of the iron-carbon 
diagram. At 1484°, 1094°, and 850°C there are, re- 
spectively, a 6-y-L peritectic, a y-e-L peritectic, 
and a a-y-e eutectoid. The phase designated e is 
copper-rich, containing 4 pct Fe or less according to 
the temperature. 

The composition of copper-saturated ferrite (a- 
solid solution) has been determined previously only 
twice as a function of temperature. By electrical 
conductivity measurements, Buchholtz and Késter” 
found 3.4 pct Cu in ferrite at a eutectoid temperature 
of 810°C. They represented the composition of satu- 
rated ferrite by the equation, 


log (% Cu) = 4.32 — 4125 (2 

Gregg and Daniloff* reported that Késter later modi- 
fied his opinion, raising the indicated eutectoid tem- 
perature to 833°C and the copper content of eutectoid 
ferrite to 3.7 pct. The literature contains several in- 
dications*~’ that the work of Késter and his co- 
workers is not reliable. Norton,® using an X-ray 
method, found that 1.4 pct Cu dissolved in ferrite at 
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the approximate eutectoid temperature of 850°C and 
that the solubility decreased to about 0.3 pctat 700°C. 
Below 700°C his experimental data show almost no 
change in solubility. These findings, although incon- 
sistent with the work of Ruer and Goerens* and of 
Smith and Palmer,’ have been used generally since 
their publication. 

In investigations involving the observation of ar- 
rests in temperature during continuous heating or 
cooling the precise location of the eutectoid tempera- 
ture has been obscured by a large hysteresis. The 
more reliable work””® where the results are not 
effected by this hysteresis indicates a eutectoid tem- 
perature between 840° and 850°C. 

The foregoing discrepancies, along with a few ob- 
servations in this Laboratory relating to the precipi- 
tation of copper from ferrite, prompted us to rein- 
vestigate the lower temperature portion of the Fe-Cu 
system. 

In this investigation the solubility of copper in 
ferrite was obtained by the chemical analysis of 
high-purity iron equilibrated with copper-silver 
alloys. This method eliminated the necessity for re- 
taining by a quench the physical state of the speci- 
men exiSting at the equilibration temperature. 


EXPERIMENTAL 


The reaction of the iron with the copper alloy was 
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Table I. Analyses of Purified lrons 


Amount of Impurity, Ppm 


Iron Ag Al As B Be (e Ca Cd Co Cr Cu Ga Mg Mn Mo 
S 
<10 <10 240 <10 <10 220 <50 <100 
B <20 30 50 EGS) <5 N.D. 50 1 <5 .N.D. 20 5 50 <50 N.D. 2 8 10 


Amount of Impurity, Ppm 


N Pp Pb Pt Sb Si Sn Ti Vv W Zn 
B 1 46 50 2-10 10 10 


N.D. denotes “Not Detected” 


carried out in evacuated ‘‘Vycor’’ capsules, each of impurities in the iron is discussed in Appendix II. 
which yielded one experimental point. Equilibrium The dilution of the copper by silver complicates the 
was considered to exist when, in a time series at thermodynamic calculation of solubility only slightly. 
constant temperature, the copper content of the iron Materials—A purified iron (B) obtained from 
did not increase with time. Battelle Memorial Institute was used in all but one 
To facilitate the transport of copper and iron be- series of the experimental runs. The analysis of this 
tween the solid phases, volatile cuprous iodide was iron and of the one other grade (S) from the Sulfide 
added to the charge in the capsule. The reason for Ore Process Co. is given in Table I. Sheet of thick- 
the choice of cuprous iodide as a vapor transport ness 0.001 in. was used at reaction temperatures 
medium is discussed in Appendix I. The copper- above 750°C and, to compensate for the lower dif- 
silver alloys were used instead of pure copper as a fusion rates of copper in iron at lower temperatures, 
precaution against indeterminacy in the end point of sheet of thickness 0.0005 in. was used below 750°C. 


the absorption of copper by iron. This indeterminacy In most runs, the iron was charged in the condition 
which may arise from the effects of trace amounts of as cold-rolled from a 1/2-in. thick slab. To examine 


Table I. Data on Experimental Runs 


Final Composition by Analysis 


3 Copper Alloy, Copper Alloy** Iron Sheet 

Specimen Source and Condition Nominal Silver Time of : 

Number of Iron Charged* Content, Pct Run, Hr Temp., °C Pct Ag Pct ‘Cu 
1 S—CR 2 48 800.1 1.18 
2 S-—CR 2 119 800.3 1.81 
3 S—CR 2 EM 800.6 1.33 
4 B—CR 2 22 802.1 0.93 
5 B—CR 2 46 801.8 1.20 
6 B—CR 2 118 801.9 1532: 
a B—CR 2 213 801.3 1.37 
8 B—CR 2, 452 801.4 1.54 1.39 
9 B—CR 2 94 841.2 : 2.00 

10 B—CR 2 233 841.1 1.95 

Tt: B—CR 2 400 841.4 1.63 2.03 

12 B-—CR 2 400 841.4 1.63 2.07 

13 B-—CR 2 116 759.8 0.826 
14 B-—CR 2 232 759.5 0.928 
15 B—CR 2 404 759.4 0.960 
16 B—CR 567 758.8 0.957 
17 B—CR 2 567 758.8 1.35 0.992 
18 B—CR 2 38 698.2 0.222 
19 B—CR 2 84 697.4 0.270 
20 B-—CR 2 159 697.3 0.341 
21 B—CR 2 255 697.8 0.429 
DP) B—CR 2 421 697.4 1.36 0.424 
23, : B—CR 2, 355 698.0 1.70 0.360 
24 B—Ann 2 355 698.0 1,91 0.388 
5 B-—CR 5 355 698.0 4.67 0.375 
26 B—Ann 2 355 698.0 2.06 0.387 
27. B-—Cr 5 355 698.0 4.86 0.367 
28 B—Cr 2 332 726.0 1.53 0.747 
29 B—Ann B 376 698.1 1.58 0.383 
30 B—CR 5 376 698.1 4.64 0.393 
31 B—Ann 2 980 698.1 1.66 0.451 
32 B-—CR 5 980 698.1 4.58 0.483 
33 B-—CR 2 692 727.9 0.674 
34 B—CR 5 692 727.9 4.28 0.684 


*“S” and “B” denote the sources of iron. “CR” and “Ann” denote cold-rolled and annealed. : 
**The sink for the silver lost from the copper alloys was presumably the iodide phases. The amount of silver lost was always less than the 


amount stoichiometrically equivalent to the iodine present. 
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the effect, if any, of cold work, other runs were 
made with the same iron annealed in wet hydrogen 
at 1040°C. Specific information on particular runs 
is given in Table II. 

Two copper-silver alloys, nominally 2 and 5 pct 
Ag, were prepared by melting silver (99.99 pct) and 
copper (99.99 pct) together in graphite crucibles. The 
alloys, after chill-casting in a heavy copper mold, 
were converted by turning into chips 0.015 in. thick. 
Samples taken from the chips analyzed 1.98 and 
5.37 pct Ag in the respective alloys. 

The cuprous iodide was a ‘‘chemically-pure’’ 
grade. 

The charge in a capsule consisted of 4 g of Fe, 1 to 
1.5 g of Cu alloy and 0.025 g of cuprous iodide. The 
cuprous iodide and copper-alloy chips were first 
placed in the bottom of a length of 17-mm ‘‘Vycor’’ 
tubing closed at one end. The sheets of iron foil, 
dimpled with a blunt point to reduce strip-to-strip 
_ welding and to provide passages for the flow of iodide 
vapor between the layers, were coiled together and 
inserted above the copper alloy. With the loaded por- 
tion cooled in water, the tube was necked using an 
oxy-hydrogen flame; the tube was then evacuated for 
10 min on a Cenco ‘‘Hyvac’”’ pump and sealed. The 
sealed capsule was 2 to 3in. in length. 

Equipment and Procedure— The experimental runs 
were made in a tube furnace. To secure uniformity 
of temperature a massive copper block was located 
inside the furnace winding, with the charge capsules 
lying within chambers drilled in this block. The 
furnace temperature was controlled automatically 
with a Weston ‘‘Celectray’’ actuated by the electro- 
motive force of a thermocouple with its hot junction 
between the winding and the block. 

Platinum/platinum-rhodium thermocouples, cali- 
brated at the melting points of gold and zinc, were 
used for temperature measurements. By use of a 
set of thermocouple wells in the copper block, it was 
found that there was less than 1°C variation along 
each capsule. In each time series, the temperature 
drift at any fixed position in the block was less than 

As many as five capsules were charged to the 


furnace at the beginning of a time series. After hold- 
ing for a predetermined time at a constant tempera- 
ture, the whole group of capsules was quenched in. 
water. The finished capsule was detached from the 
assembly and the unfinished capsules were then re- 
charged. 

Before analysis, the individual iron sheets were 
separated, their edges were trimmed and all visible 
particles of copper were removed. Each iron sam- 
ple was washed with ammonium hydroxide to remove 
copper salts and leached with concentrated potassium 
cyanide solution to remove any copper particles 
which escaped the hand picking. Copper in the iron 
was determined by the standard electrolytic deposi- 
tion method. 

Small pieces of iron from each of several equi- 
librated capsules plus pieces of cold-rolled B iron 
and annealed B iron were reserved for X-ray exami- 
nation. Each piece was sealed in a separate 5-mm- 
diam ‘‘Vycor’’ capsule, which had been evacuated by 
a Cenco ‘‘Hyvac’’ pump and gettered with titanium. 
Each specimen was given a 1-hr solution treatment 
at 850°C and was brine-quenched before examination 
in a General Electric XRD-3 instrument. 


Results— The experimental data, summarized in 
Table II, have been plotted in Figure 1 so as to show 
the approach to equilibrium at each temperature. 
The curves were drawn using diffusivities of copper 
in ferrite estimated from the nonequilibrium runs*. 


*The rate-determining step in the reaction was not determined. An 
assumption that the diffusion of copper in iron is rate-determining is 
consistent with most of the experimental data and such an analysis at 
least yields minimum values for the diffusivity of copper in ferrite. 
The values are 1.7 x 107** at 698°C, 2.9 x 10-*? at 759°C, 6.4 x 107? 
at 801°C, and greater than 9.6 x 107’? cm? sec at 841°C. 
Saturation of the iron with copper was reached in 
even the shortest run at 841°C, but only in the runs 
of longer duration at 801° and 759°C. At 728°C, 
where thinner iron sheet was used, two runs of 692 
hr duration yielded concordant values for the equi- 
librium copper content. The result from the run of 
332 hr which should also have reached equilibrium 
exhibits considerable experimental error. At 698°C, 
the apparent establishment of saturation at 0.43 pct 


Table Ill. Saturation of Ferrite with Copper 


a-Phase €&Phase 
Specimen Source and Condition Pct Cu, by Solubility of Copper 
Number of Iron Charged Temp., °C Analysis Nee by Ref. 10 Nag by Analysis in o-iron, Wt Pct 
31 B—Ann 698.1 0.451 0.006 0.010 0.46 
52 B—CR 698.1 0.483 0.006 0.027 0.50 
33 B-—CR 727.9 0.674 0.007 0.007 0.68 
34 B—CR 727.9 0.684 0.007 0.026 0.70 
15 
16 B-—CR | 759.0 0.970 0.008 0.009 0.98 
17 B—CR 
3 S-—CR 800.6 1.33 0.010 0.009 (est.) 1.34 
7 B—CR 
me CR } 801.4 1.38 0.010 0.009 1.39 
9 B—CR 
10 B—CR 
841.3 2.01 0.012 0.010 2.03 
12 
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Fig. 1—Time dependence of copper absorption by iron. 


Cu in the series numbered 18 to 22 was shown sub- 
sequently to be misleading. The runs numbered 31 
and 32 of 980 hr duration are believed to have ef- 
fected saturation of the iron with copper. 

The equilibrium data are summarized in Table III. 
Sets of results have been averaged only where the 
temperature and the charge in the capsules were 
identical for the whole group. In order to compute 
the compositions of copper-saturated ferrite in the 
strictly binary iron-copper system, it was necessary 
to correct the analytical results of equilibrium runs 
for the very small effect of silver in the copper-rich 
e-phase. Dilution of the e-phase with silver de- 
creases the copper activity relative to that in silver- 
free e-phase. Assuming that Henry’s law is applica- 
ble to copper in solid-solution in ferrite, the amount 
of copper dissolved in a-phase in equilibirum with 
€-phase is directly proportional to the copper activ- 
ity. Since €-phase contains only small amounts of 
silver and iron, the ratio of copper activity in iron- 
saturated copper of the binary system to copper 
activity in the experimental copper alloys can be 
computed by the application of Raoult’s law. Thus, 
this ratio is (1—Np,)/(1—- Ne. Nag) where Nre 
denotes the atom fraction of iron in copper saturated 
with iron and Nx, denotes the atom fraction of silver 
in the copper alloy. The solubilities in the final 
column of Table III were obtained by multiplying the 
direct results of analyses (column 4) by the activity 
ratio. 

To determine whether impurity effects of the type 
discussed in Appendix II were present and whether 
the use of cold-rolled* instead of annealed iron af- 

*The iron charged in the cold-worked condition was fully recrystal- 
lized after runs at even the lowest experimental temperature (698°). 
This was established by the metallographic examination of iron speci- 
mens from reacted capsules. It was also observed that almost every 
grain passed completely through the cross section of a sheet and that 
the thickness of sheets was much less at grain boundaries. This thin- 
ning at the grain boundaries was so severe at the higher temperatures 
that perforations visible to the naked eye were formed. 
fected the results, the nature of the charge was 
varied. At 801°C, changing the grade of high-purity 
iron gave an experimental difference of 0.05 pet Cu 
in 1.39 pct. At 728°C, raising the silver content of 
the copper alloy produced an increase in the apparent 
solubility amounting to 0.02 pct Cu in 0.70 pet. This 
increase in solubility is the reverse of the predicted 
effect (of raising the silver content) on an ‘impurity 
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Fig. 2—Solubility of copper in ferrite. 


type’’ error. At 698°C, where the effect of using iron 
as cold-rolled instead of as annealed should be most 
readily observed, runs 31 and 32 differed both in iron 
and in copper alloy. The difference in apparent 
solubility was 0.04 pct Cu in 0.50 pct. The tests show 
that the effects of impurities and lattice imperfec- 
tions are not large enough to be separable from other 
experimental errors. 

The results in Table III, distinguished according to 
experimental conditions, are plotted in Fig. 2. The 
straight line best representing the limit of the a-field 
and shown in Fig. 2 is given by, 
log (% Cu) = 4.335 — 4499 (7 
Values for copper solubility in ferrite calculated with 
this equation are compared in Table IV with values 
obtained by smoothing Norton’s experimental data in 
a plot of log solubility vs reciprocal temperature. In 
Fig. 3, a portion of the iron-copper phase diagram 
published by Daniloff,* slightly modified to conform 
to the recalculated Norton data in Table IV, is shown 
with the present data. In the range from 700° to 


850°C the new solubility figures are consistently 


about 55 pet higher than the solubility found in Nor- 
ton’s experiments. 

The experimental data of Table III can also be used 
to calculate equilibrium constants for the distribution 
reaction 


Cu (€) = Cu(a) 


Table IV. Copper Content of Ferrite in Equilibrium with lron- 
Saturated Copper, Smoothed Values 


Wt Pct Copper in Ferrite 


Temp. °C This Investigation* Norton 
550 (0.07) - 
600 (0.15) - 
650 (0.29) - 
700 0.52 0.33 
750 0.87 0.56 
800 1.39 0.90 
850 DAS 1.38 


*Values in parentheses involve extrapolation well outside the ex- 
perimental range. 
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The use of the atom fraction of copper in e-phase for 
activity is a good approximation but the use of weight 
per cent copper in ferrite for activity is question- 
able. If, in view of the low concentrations involved, 
this reservation is ignored, 


log K = 4.359 — 4520 FI 


and the heat of solution of copper in ferrite is 20.7 
keal. 

The value of K at the temperature of the 6-7-L 
peritectic can be computed with the foregoing equa- 
tion and also from the compositions of phases co- 
existing at the peritectic. For the latter computation, 
in evaluating the activity of copper referred to pure 
solid copper, it was necessary to combine the 
peritectic liquid composition with an extrapolation of 
the data for copper activity in liquid iron-copper 
alloys*' and an estimate of the free energy difference 
between liquid and solid copper derived from 
Kelley’s tables.” A comparison of the K values 
computed by the independent methods was made for 
each of two different sets of data for the 6-)-L 
peritectic.**’** The agreement is poor: the value of K 
computed from the equation is 3.9 times the K value 
computed from Hellawell and Hume-Rothery’s data’ 
and is 4.6 times the value computed from Maddocks 
and Claussen’s data.** The discrepancy is felt to be 
due mainly to very large departures from conformity 
to Henry’s law in the behavior of copper in ferrite at 
the temperatures of the present measurements. 
These departures are possibly associated with the 
proximity of the Curie point. 

X-Ray Results— Fig. 4 shows the dilation of the 
ferrite unit cell edge by dissolved copper. In the " 
present investigation, an expansion of 0.94 x 10°°A 
per wt pct Cu was found. Two of Norton’s experi- 
mental points,® at 0.25 and 0.31 pct Cu, agree well 
with this line; however, he apparently disregarded 
these points in favor of those at 0.44 and 0.75 pct Cu 
when he drew his line to show a dilation of 1.38 
x 10° Aper wt pet Cu. According to the newer X- 
ray measurements, the slope of Norton’s dilation 
line is in error by 46 pct. 
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Fig. 4—Dilation of the ferrite lattice by copper. 


In the method of measuring solubility used by 
Norton, the amount of alloying element dissolved in 
a saturated solid solution is determined by compar- 
ing the lattice parameter of the solution with a pre- 
determined ‘‘calibration’’ line that shows lattice 
parameter as a function of the solute content. A 
solubility obtained in this way is subject to a sys- 
tematic error equal in percentage to the error in 
the slope of the ‘‘calibration’’ line. Thus, 46 pct out 
of the 55 pet discrepancy between Norton’s and the 
present solubility results has been accounted for. 


CONC LUSIONS 


1) The composition of a-iron in equilibrium with 
iron-saturated copper can be represented by the 
equation 
log (% Cu) = 4.335 — 4499 (2) 
based on measurements in the temperature range 
from 698 to 841°C. 

2) The apparent heat of solution of copper in a- 
iron is 20.7 kcal. 

3) The unit cell edge in the ferrite lattice is 
dilated 9.4 x 10°*A per wt pct Cu. | 

4) The X-ray results provide an explanation for 
most of the discrepancy between the present data and 
the previously-accepted solubility. 
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APPENDIX I 


The Use of Iodide Vapor as a Mass Transport 
Medium— For equilibrium to be attained in a sealed 
system, such as each specimen capsule of this in- 
vestigation, matter must be exchanged between the 
phases present. Moreover, practical considerations 
require that the equilibrium be attained within a rea- 
sonable time. In the case at hand, iron and copper 
could move between the iron sheets and copper- alloy 
turnings both by diffusion in the solid state through 
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solid-solid interfaces, and by diffusion in the metal 
vapors. However, elementary consideration of the 
diffusion coefficients in the solids and of the vapor 
pressures of iron and copper suggested that in the 
temperature range from 970° to 1115°K the fore- 
going transport mechanisms were inadequate. The 
argument of this Appendix is directed toward finding 
conditions favorable to the rapid transport of matter 
between the solid phases. 

To facilitate the exchange between phases it was 
necessary to provide a fluid medium in which there 
could exist diffusion rates much higher than those in 
the solids or pure metal vapors. A gaseous medium 
is Suitable and of the relatively volatile compounds 
of iron and copper which might be satisfactory the 
choice was confined at the outset to the halides. A 
desirable property of the halogens is that, having 
almost zero solid solubility in the metallic phases, 
they would not affect significantly the equilibrium 
distribution of copper and iron between the solids. 

For any particular halogen, both copper halide and 


iron halide are present in the vapor. Since the trans- 


port mechanism involves the back and forth circu- 
lation of halogen atoms the overall rate of exchange 
is limited by the slower diffusing halide. For this 
reason, the concentration gradient of each halide in 
the vapor had to be as high as possible at any stage 
in the equilibrating process. The problem of select- 
ing a particular halogen was thus reduced to one of 
maximizing the vapor pressure of the less concen- 
trated halide, whether of iron or copper, existing in 
a capsule. 

The initial step in maximizing the vapor pressures 
is to add sufficient halogen to a capsule for some 
molten halide, and hence a saturated vapor mixture, 
to be present. The partial pressure of each halide is 
determined both by the vapor pressure of the pure 
liquid halide and by the activity of this pure liquid 
halide in the mixture of molten salts. 

If the approximation is made that only ferrous 


and cuprous halides will occur, the chemical reaction 


of interestis 
2 Cu (s) + FeX, (Jl) = Fe (s) + 2 CuX (1) 


where X represents any particular halogen. From 


tables by Brewer ef al.” and Glassner,”° the standard 


free energies of the reaction at 1000°K can be com- 

puted as +39,000, +7,500, +2,500 and —4,000 cal for 

fluorine, chlorine, bromine and iodine, respectively. 
In the equilibrium constant 


2 
4Fe 


2 


the values of a,, and 4, are substantially unity and 
therefore 


2 
Foux 


Neglecting for the moment the relative vapor pres- 
sures of the pure halides as a function of halogen 
species, the most desirable situation is for K to be 
close to unity; that is, for the standard free energy 
of reaction to be close to zero. The choice is there- 


fore restricted to either bromine or iodine. Since the 
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vapor pressures of the pure halides, both of copper 
and of iron, increase in the sequence from fluoride 
to iodide, the foregoing choice is confirmed. 

Iodine was finally selected instead of bromine for 
two reasons. First, iodides of copper and iron have 
higher vapor pressures than the corresponding 
bromides and second, ferrous iodide has a higher 
vapor pressure than cuprous iodide. This latter 
point is important because, according to free energy 
considerations, the activity of cuprous iodide (re- 
ferred to pure liquid cuprous iodide) will be greater 
than the corresponding activity of ferrous iodide in 
the molten salt mixture and the higher vapor pres- 


___ Sure of pure ferrous iodide will compensate for this 


inequality. 

The foregoing argument has been, in effect, a 
description of the solution of a design problem. It is 
not rigorous inasmuch as the effect of anticipated de- 
partures from ideality in a mixed halide melt has not 
been considered. The validity of choosing iodine was 
confirmed by the experimental success of the capsule 
‘‘design.”’ 


APPENDIX II 


Indeterminacy in Solubility Determinations— When 
a Solubility is being determined by the chemical 
analysis of a saturated solid solvent, it is important, 
self-evidently, to exclude from the analyzed speci- 
men particles of solute not dissolved at the tempera- 
ture of the experiment. Apart from mechanical en- 
trainment, there is one other source of serious error 
which may be easily overlooked. This error arises 
from the trace amounts of impurities in the solvent 
raw material. 

The most harmful impurities in the high-purity 
iron sheets are those that are almost insoluble in 
iron but soluble in copper; any other combination of 
solubility and insolubility in iron and copper can be 
shown to be less harmful. An example of the most 


—~ undesirable type of impurity is silver. 


Suppose that a capsule to be equilibrated contains 
pure copper chips and purified iron sheets with a 
trace of insoluble impurity. Since it cannot dissolve, 
the impurity will not diffuse to the iron surface and 
be absorbed in the copper chips. As equilibrium is 
approached, the copper will become iron-saturated, 
the ferrite will become copper-saturated and, in 
addition, the impurity phase will absorb copper until 
the copper activity is the same here as in other 
phases. The impurity phase can reach equilibrium 
with the pure copper chips only by becoming pure 
copper itself through the absorption of an infinite 
amount of copper.* Since chemical analysis of the 

*Iron saturates both the copper chips and the impurity phase. As the 
impurity phase approaches pure copper, the concentration of iron dis- 
solved in the chips and in the impurity phase is the same. Its effect 
can therefore be ignored in this argument. 
iron sheets does not distinguish between the copper 
that was dissolved in the ferrite at the experimental 
temperature and that in the impurity-bearing phase, 
gross errors will result. There will be no meaning- 
ful end point in a time series. 

The temperature fluctuations in the system also 
have an important effect. In a perfectly isothermal 
system, as the impurity-bearing phase approached 
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pure copper in composition, the rate of absorption 
would decrease because the activity gradient had 
decreased. The temperature fluctuations in a real 
system exert a ‘‘pumping’’ effect which promotes the 
absorption. On an upward temperature fluctuation 
the ferrite phase, saturated at the mean temperature, 
dissolves more copper. On the following downward 
fluctuation this excess copper tends to be precip- 
itated and the impurity phase is a Sink of infinite 
capacity for this precipitate. Thus the ferrite itself 
provides a mechanism for continuously supplying 
copper to the impurity phase at a rate determined 
more by the magnitude of the fluctuations than by the 
activity gradient between copper chips and impurity 
phase. 

The remedy for this indeterminacy effect is to use 
alloyed copper chips instead of pure copper for the 
charged source of that element. If an alloy containing 
X atom fraction of silver, which cannot enter the 
iron in appreciable amount, is used, the activity of 
copper is about (1 — X) instead of unity in the chips.* 


*For simplicity, Raoult’s law is assumed in this argument. 


In the impurity phase, copper saturation will be 
reached after finite absorption, when the impurity 
content has been diluted to X atom fraction. The 
atom fraction of copper in the equilibrated impurity- 
bearing phase will be (1— X). Suppose X is 0.02, 
then (1 — X) is 0.98, and only 49 atoms of copper per 
atom of original impurity can be absorbed into the 
impurity phase. When X is 0.05, the ratio is 19. 


This ratio may still appear large, but it means that 
0.001 pct impurity (considered to have the same 
atomic weight as copper) can now give rise toa 


maximum error of only 0.019 pct Cu in the solubility. 


With unalloyed chips the magnitude of the error is 
not restricted. Furthermore, the magnitude of the 
impurity effect can be determined by comparing the 
apparent solubilities of copper in the same iron 
when two different compositions of copper chips are 
used. After appropriate correction to unit activity of 
copper in each case the difference in the solubilities 
can be attributed to a difference in the dilution of 
impurities. 
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Prediction of Elastic Constants of 


Multiphase Materials 


The energy theorems of elasticity theory are used to find 
upper and lower bounds on the elastic moduli in tension and 
shear for two-phase materials. A ‘‘strength of materials’’ 
type of approximate solution is also given. Comparison with 
experimental data for a particular alloy system shows good 
correlation for the approximate solution, with the scatter band 
bounded by the predicted limits. It is shown that the method 
may also be used for more general multiphase systems, and 
to predict temperature dependence of the elastic constants of 


the composite material. 


Notation 

E Young’s modulus 

G Modulus of elasticity in shear 

V Poisson’s ratio 

(0,, Tay...) Stress components 

(Ex, +--+, Strain components 

G, € Uniaxial macroscopic stress and strain 


B. PAUL is Assistant Professor, Division of Engineering, Brown 
University, Providence, R. 1. Research sponsored by the Office of 
Naval Research under Contract Nonr-562(19). 

Manuscript submitted February 20, 1959. IMD 


36-VOLUME 218, FEBRUARY 1960 


B. Paul 


Volume 

Strain energy 

Fraction by volume of matrix 
(material 1) 

Area 

Axial coordinate 

Subscripts denoting particular phase 


< 


1. INTRODUCTION 


It is known that the elastic modulus of a metal 
may be considerably increased by dispersing 
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throughout the volume finely divided particles of 

an alloying material which has a higher elastic mod- 
ulus than the base metal. The rational ‘design of 
such alloys requires some knowledge of the rela- 
tionship between the elastic constants of the con- 
stituent materials and those of the composite ma- 
terial. Some experimental data do exist which 
give Young’s modulus for particular combinations 

of materials, such as in Ref. 1 and 2. 

It is the purpose of this paper to establish some 
general relationships which will facilitate the pre- 
diction of Young’s modulus, Poisson’s ratio, and 
shear modulus for a composite material which is 
assumed to be uniform and isotropic in the large. 

It will also be assumed that the constituents are 
distinct and capable of separation by purely me- 
chanical means (e.g., not solid solutions). 

If E,, Ez, and E denote respectively the elastic 
modulus in tension for the matrix material, the 
dispersed material and the composite material, 
it would be desirable to find a functional rela- 
tionship between these material constants and f, 
the fraction of matrix material in the alloy. Any 
such relationship must satisfy the condition that 
E = E, when f = 1, and E = E, when f = 0. 

Perhaps the simplest relationship satisfying these 
conditions is that which results when it is assumed 
that both constituent materials contribute to the 
composite stiffness in proportion to their own stiff- 
ness and fractional volume. That is: 

E = E,f + E2(1- f) [1] 
It will be shown that Eq. [1] does in fact provide an 
upper bound on the elastic modulus F£ in those cases 
where both constituent materials have the same 
value of Poisson’s ratio. ‘4 

Since not only the stiffness EF, but also the compli- 
ance, (1/E), must agree with that of the constituent 
materials at the limits f = 0 and f = 1, a second 
simple relationship of the desired type may be ob- 
tained by a linear interpolation between the extreme 
that 

Eq. [2] has been proposed by MacDonald and 
Ransley* on different grounds, and provides, as 
will be shown, a lower bound to the equivalent 
elastic modulus E,. 

In Section 2 upper and lower bounds on £ will be 
developed on the basis of two well-known elastic 
energy theorems. In Section 3 an approximate 
solution is derived which in general is neither an 
upper or lower bound on E but which may be ex- 
pected to give realistic results. In Section 4 the 
theoretical results will be compared with experi- 
mental data. In the following section formulas will 
be derived for the equivalent shear modulus G of 
the composite material, and consideration will be 
given to finding approximate values for v, the 
Poisson’s ratio of the composite material. Con- 
clusions are stated in Section 6. 


2. LOWER AND UPPER BOUNDS ON YOUNG’S 
MODULUS 


Both the matrix (material 1) and the dispersed 
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particles (material 2) are assumed to be linearly 
elastic and isotropic and to obey Hooke’s law in 
the form* 

Vv 


E E 
NT oan) (ex + + + and 
so forth [3-a] 


; and so forth [ 3-b] 


E 
where similar equations may be obtained by cyclic 
interchange of (x, y, z); v denotes Poisson’s ratio, 
and the notation for stress and strain is that of 
Timoshenko.* It will also be assumed that continu- 


_ity of displacement is always maintained at the in- 


terface of the two materials. 

The elastic modulus for a composite material 
may be determined experimentally by means of a 
simple tension (or compression) test. It will be 
assumed that the test consists of an application of 
uniaxial stress which may be considered uniformly 
distributed over a volume which includes a great 
many inclusions. Such a stress distribution will be 
referred to as a macroscopically uniform distribu- 
tion of stress. In the immediate neighborhood of 
an inclusion, the local nonhomogeniety of the ma- 
terial prohibits the possibility of a truly uniform 
stress distribution. However, a suitably averaged 
value of normal stress over a sufficiently large 
area must equal the value of the macroscopic uni- 
form stress which will be designated as o. Simi- 
larly, the strain distribution must be nonuniform 
in the small but essentially uniform in the large. 
The normal strain component (parallel to the axis 
of applied force) averaged over a sufficiently large 
area will equal the macroscopic uniform strain de- 
noted by €. It is the ratio of the macroscopic quan- 
tities o and € which is measured in an actual test, 
and it is their ratio which defines the equivalent 
elastic modulus of the composite material, 7.e., 


[4] 
The strain energy U absorbed by the specimen 
is given by 


= $5 (Ox by + Oy Ey + + Try Yay + Tyz We 


where V is the volume of the test specimen. Since 

o is the only nonvanishing component of macroscopic 
stress, Eq. [5] may, with the help of Eq. [4], be re- 
cast into either of the following forms: 


[6-a] 


[6-b] 


A lower bound on E may be obtained by using the 
theorem of least work (Ref. 4, p. 166), which for 
our purposes can be formulated as follows: 

Theorem 1—Let the tractions be completely 
specified over the surface of a body, and let 
Gs one ..., and so forth, be a state of stress 
which satisfies the stress equations of equilibrium 


VOLUME 218, FEBRUARY 1960-37 


[5] 
= 
u-(\@ | 


SA ( 
A 
| 


Fig. 1—Unit cube with inclusion of arbitrary shape. 
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and the specified boundary conditions. Define U e 
as the strain energy computed from the state 

o,, ..., and so forth, by means of Eqs. [3] and [5]. 
Then the actual strain energy U in the body due to 


the specified loads cannot exceed U, 7.e., 
Uae [7-a] 


An upper bound on EF may be obtained by using the 
theorem of minimum potential energy (Ref. 5, p. 171) 
which for our purposes is most conveniently formu- 
lated as follows: 

Theorem 2—Let the displacement components be 
completely specified over the surface of a body 
(except where the corresponding component of trac- 
tion vanishes), and let €,*, ..., and so forth, be any 
compatible state of strain which satisfies the speci- 
fied displacement boundary conditions. Define U* 
as the strain energy computed from the state 
€,*, ..., and so forth, by means of Eqs. [3] and [5]. 
Then the actual strain energy U in the deformed 
body cannot exceed U*, i7.e., 


U < U* [7-b] 


LOWER BOUND 


In order to find a lower bound on £, the tensile 
specimen is assumed to be loaded by the normal 
stress o over its two end faces and to have zero 
stress on its lateral surface. A stress field suit- 
able for the application of Theorem 1 to this prob- 
lem is given by 


The strain energy for this system of stress is 
0 0 
0 Ox Ox dV 


where the integration is performed over the vol- 
ume V. Introducing the fractional volume quantity f 
into Eq. [9], results in 


Upon substitution of Eqs. [6-a] and [10] into In- 
equality [7-a], there results: 


[10] 


1 


Inequality [11] shows that MacDonald and Ransley° 
have actually given a lower bound on E, 
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UPPER BOUND 


In order to find an upper bound on £, it is noted 
that the tensile specimen elongates by amount éL, 
where L is the length of the specimen. A suitable 
strain field consistent with this displacement bound- 
ary condition is given by 

[12] 
where m is an unspecified constant. Substitution of 
Eq. [12] into Hooke’s law, Eq. [3] defines the fol- 
lowing set of stresses: 


cE(1— v —2vm) 
(i—v — 2v2) 


= 6, = €F Vins = 0 


ox = 


[13] 
Eqs. [5], [12], and [13] may be used to formulate the 
strain energy as follows: 


2 (1—v—4um + 2m* 
1—v-—2p? 
vi-—4vim + 2m?)fE1 
(1 2v 2) 


(1— + 2m?) | 


)pav 


[14] 


Utilizing Eqs. [14] and [6-b] in Inequality [7-b] re- 
sults in the following upper bound for E. 


1—11 + 2m(m — 21) E,f 
1 


1—y,-—2v¢ 


E< 


1 — vo+ 2m(m — 2vz2) 


Although Inequality [15] is valid for any choice of m, 
the best results will be obtained when U* is mini- 
mized. Using the well-known fact that v < /s, it is 
easy to see that 0*U*/am?> 0. Therefore, U* has 
a relative minimum where dU/dm = 0, and since U* 
is quadratic in m with positive values for very large 
positive or negative values of m, the relative mini- 
mum is also an absolute minimum and occurs at 


E2(1—f) 


m= 


vi(l + v2)(1 — 2v2)f + ve(1 + 211)(1 — f 


(1+ v2)(1— 2v2)fE, + 1+ — — 


It should be noted that in the limiting cases where 
f approaches 1 or 0, m approaches py, or v2, re- 
spectively, as it should. In the special case where 
V1 = V2= V, it follows from Eq. [16] that m = v. For 
this special case Inequality [15] reduces to 


Es fE,+(1-f)Ez 


[17] 


3. APPROXIMATE SOLUTION FOR E 


Because of the uniformity in the large of the com- 
posite material, it is plausible to assume that the 
macroscopic stress and strain are reproduced in 
some average sense in a typical unit volume which 
consists of a single particle of material 2 imbedded 
in a cube of the matrix material. This typical cube 
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Fig. 2—Unit cube | 
(a) with prismatic 


inclusion. 


(b) 


will be assumed to ke loaded over two opposite faces 
by the force F = (o)(1) as shown in Fig. 1. 

In the spirit of strength of materials, it will be 
assumed that cross sections originally normal to 
the axis of applied force remain plane and normal 
to the axis, and each fiber parallel to the axis un- 
dergoes simple tension in the direction of applied 
force. 

A cross section of the cube, at a distance x from 
an end face, intersects an area A, of matrix material 
and an area A; of dispersed material, as shown in 
Fig. 1. Since the strain is uniform over sucha 
cross section, the normal stress on area A, will be 
E,e and that on Az will be E2¢ where é is the nor- 
mal strain at the cross section. The total force on 
the cross section must equal the total applied force 
F, therefore 


F = + E2£A2= + E,)Az| [18] 
The total elongation of the cube is given by 6, where 


at BY dx [19] 
5 = e(x)dx = EDA; 
Defining E as the ratio F/6 for the unit cube, it fol- 
lows that 
dx 
Bo Ey + E,)A2(*) 
For any particular distribution of the imbedded ma- 
terial A,(x) is a well defined function of x, there- 
fore, Eq. [20] gives an approximate value for £ for 


[20] 
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Fig. 3—Unit cube 
with slab-like 
inclusion. 


any assumed distribution of the inclusion. 
In particular, if the inclusion is of a cubic shape 
it may easily be verified that Eq. [20] predicts 


2 

(Ee Fi) 
BE, + E,)g 


where g = 1— f is the fractional volume of 
material 2. 

It is of interest to note that if the inclusion is in 
the form of a prism of any cross section, which ex- 
tends the entire length of the unit volume, as shown 
for example in Fig. 2(a) and 2(b), Eq.[20] predicts 
a linear relationship between E and f. The value of 
E is precisely the upper bound given by Ine- 
quality [18] for the special case when inclusion and 
matrix both have the same Poisson’s ratio. This is 
to be expected since a prismatic distribution of the 
inclusion would make Az = constant, and therefore 
Eq. [18] would predict a uniform strain distribution 
throughout the volume. Further, the absence of 
transverse stress implies 1; = v2. Therefore, the 
assumed conditions coincide with those hypothesized 
in deriving the upper bound on E£. 


Similarly, it may be verified that if the inclusion 


[21] 


takes the form of a slab of uniform thickness in the 


direction of x (see Fig. 3), the distribution of stress 
will be uniform throughout the specimen, and the 
value of E predicted by Eq. [20] will coincide ex- 
actly with the lower bound given by Inequality [12]. 


4. COMPARISON WITH EXPERIMENT 


Fig. 4 shows experimental data reported by 
Nishimatsu and Gurland,* and Kieffer and Schwartz- 
kopf,* for an alloy system of tungsten carbide and 
cobalt. 

In order to predict the behavior of the alloy ana- 
lytically, it is necessary to know the elastic con- 
stants of the constituents. The following values are 
taken from Ref. 1: E, = 30-10° psi, Ez = 102 -10°psi, 
v, = 0.3, v= 0.22. The use of these values for E, 
and E2 in Inequalities [11] and [15] leads to the upper 
and lower bounds shown in Fig. 4. It should be noted 
that the upper bound differs very little from the 
straight line which would be predicted by Inequal- 
ity [17] if v, were equal to v,. The deviation of the 
more rigorous upper bound from the straight line 
is in fact so small that it is imperceptible on the 
scale of Fig. 4. This indicates that the upper bound 
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Fig. 4—Comparison of theory with ex- 
periment. 
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given by Inequality [15] is quite insensitive to the 
influence of Poisson’s ratio. 

The middle curve shown in Fig. 4 gives the ap- 
proximate value for E predicted by the ‘“‘strength 
of materials’’ type of formula, Eq.[21]. This latter 
equation also ignores the effect of Poisson’s ratio 
and seems to correlate the experimental data quite 
well, in view of the scatter. It should be noted that 
the scatter band is bounded by the upper and lower 
limits predicted by the energy theorems. 


5. EQUIVALENT SHEAR MODULUS AND 
POISSON’S RATIO 


Analogous reasoning to that employed for deter- 
mining E could be used to determine the equivalent 
modulus of elasticity in shear G from a knowledge 
of the constituent shear moduli G, and G2. The 
only significant difference is that the test specimen 
of the composite material should be thought of as 
being subjected to a macroscopically uniform sim- 
ple shear stress 7 which produces the macroscop- 
ically uniform shear strain y. It then follows that 
analogously to Inequalities [11] and [15] one finds 


1 


where both inequalities are correct irrespective of 
the values of v, and vz. Similarly, one may formu- 
late a ‘‘strength of materials’’ type of approxima-. 
tion to G by merely replacing E, E,, and E; by G, 
G,, and G2, respectively, in Eqs. [20] and [21]. 
Having determined approximate values for G and 
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E, one may then approximate v by the well-known 
relationship 


y = ()- 1 [22] 


6. CONCLUSIONS 


The energy theorems of elasticity theory have 
been utilized to formulate upper and lower bounds 
on the elastic moduli in tension and shear for finely 
dispersed two-phase particle strengthened alloys. 
These bounds are independent of the shape of the 
dispersed particles. 

Experimental values of Young’s modulus, obtained 
by several investigators, show a certain degree of 
scatter, which is, however, bounded by the upper 
and lower bounds obtained in this paper. 

An approximate value of elastic modulus, which 
is neither an upper nor lower bound, has been de- 
rived, and at least for the particular alloy system 
studied this approximation fits the experimental 
data very well. For this alloy system the effect of 
v, and vz on FE seems negligible. 

It may perhaps be of interest to note that the de- 
pendence of the elastic moduli of composite mate- 
rials on temperature may be determined by the 
results of this paper if the temperature dependence 
of the elastic constants is known for the constituent 
materials. 

The methods of this paper may be extended to 
multiphase alloys with more than two components. 
For example, if FE; and f, refer to the elastic mod- 
ulus and fractional volume of the ith component, 
Inequalities analogous to [11] and [17] may be 
written: 
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Similarly, Eq. [20] may be rewritten as 
j dx 
E.A, [24] 


where A; (x) is the area occupied by the ith compo- 


nent in the cross section of a unit cube located at 
section x. 
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Vapor Pressure and Thermodynamic Properties 


of Zn-Zr and Zn-U Alloys 


Standard free energy, enthalpy, and entropy of formation 
for the compounds in the Zn-U and Zn-Zr systems were de- 


termined from zinc vapor pressure data. Relations for the 
zinc vapor pressure and free energy as a function of tempera- 


ture are presented. 


In the study of zinc-zirconium’ and zinc-uranium? 
systems, vapor-pressure measurements were made 
in order to establish the equilibrium phase diagrams 
for a pressure of 1 atm. In each of these systems, 
only zinc has an appreciable vapor pressure over 
the temperature range investigated. The zinc pres- 
sure was measured over a sufficiently wide tem- 
perature and composition range to permit calcula- 
tion of the standard free energy, enthalpy, and: 


entropy of formation for the compounds ZrZn, ZrZn,, — 


ZrZn3, ZrZne, ZrZnis , and U2Zniz, In these calcula- 
tions the compounds were treated as line compounds. 
Although the exact composition range was not de- 
termined, metallographic and thermal data indicate 
that the solubility range for these compounds is 
small. It is to be noted that the compound initially 
reported to correspond to the formula UZn,” has 
been shown by the crystal structure work of Makarov 
and Vinogradov’ to correspond to the formula U,Zn,,. 
The crystal structure is similar to that for the com- 
pounds Th,M,, investigated by Florio,* et al; here M 
represents iron, cobalt, or nickel. Therefore, 
thermodynamic calculations are based on the formula 


U,Zn,,. 


EXPERIMENTAL 


The dew-point method employed to measure the 
vapor pressure of zinc over uranium-zinc alloys has 
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been described previously.” The same procedure and 
apparatus were used in measuring the zinc pressure 
over zinc-zirconium alloys. In the case of alloys in 
the two-phase region consisting of @ zirconium and 
the compound ZrZn, the Knudsen effusion method was 
employed to obtain a few values in the temperature 
range 600° to 560°C. In most cases, tantalum cru- 
cibles were used to contain the zirconium alloys. 


THERMODYNAMIC PROPERTIES OF U,Zn,, 


A least-squares treatment of the vapor-pressure 
data obtained for 35 and 65 wt pct U alloys in the 
temperature range 650° to 940°C gave 


+ 6.33 


Here, as in following equations, T represents de- 
grees kelvin and P represents the zinc vapor pres- 
sure in atmospheres. The probable errors for the 
two constants were calculated to be 60.68 and 0.0563, 
respectively. This relation represents the equi- 
librium dissociation pressure for the reaction 


2U(s) + 17Zn(v) 


The solubility of zinc in solid uranium is negligible 
and the only additional information required to cal- 
culate the free energy of formation of U2Zn,, is the 
free energy of vaporization of pure zinc. K. K. 
Kelley® gives the relations, 


AF° = 30,902 + 6.03T log T + 0.275 X 10° °T* 


— 45.03T [?] 


VOLUME 218, FEBRUARY 1960-41 


| 


Table I. Thermodynamic Properties of U,Zn,, 


-AF° ~AH° —AS° 
Temp., Keal Kceal Cal per Probable Error 
°K per Mole per Mole °C Mole AF° 
298 25 67.4 69.7 (ed 3.4 4.7 4.4 
773 500 54.0 111.8 74.6 1.4 4.7 4.4 
973 700 38.1 122.3 86.5 0.62 4.7 4.4 
1073 800 28.9 127.6 92.0 0.45 4.7 4.4 
and 
AF° = 31,392 + 0.647 log T + 1.35 
3 
31.17T [3] 


for the free energy of vaporization of liquid and 
solid zinc, respectively. For the dissociation of 
U.Zn,, into solid uranium and zinc vapor we can 
write 


AF = RTInK = 17(2.303) + 6.33] [4] 


Consequently from Eqs. [2] and [4] we obtain for the 
reaction 


2U(s) + 17Zn(1) U,Zn,,(s) 
the relation 
AF® = 17[-4,385 + 6.03T log T + 0.275 x10°°T? 
16.07] [5] 


This relation is valid, within experimental error, 
over the temperature range for which Eq. [1] was 
determined, namely, 650° to 940°C. 

If it is assumed that Eq. [1] can be extrapolated to 
room temperature, then it is possible to calculate the 
standard free energy of formation of the compound at 
room temperature by properly combining Eqs. [3] and 
[4]. In this case we consider the reaction 


2U(s) + 17Zn(s) — U,Zn,,(s) 


for which 
AF° = 17[-3,895 + 0.647 log T + 1.35 x 107°7? 
2.217] 
= AH? = 17[- 4,385 2.6187 - 0.275 x 


[7] 


for temperatures above the melting point of zinc and 
the corresponding relation 
AH°= 17[- 3,895 - 0.278T — 1.35 x 10°77] 


for temperatures below the melting point. The 
entropy of formation can be obtained by differentiat- 


Table II. Zinc Vapor Pressure as a Function of Temperature for 
Five of the Solid Two-phase Regions of the Zinc-zirconium 
System log P = aT + 


Equilibrium Temp. Range, 
Phases a Pa b Lig °K 

Zr, ZrZn -12,918 122 9.603 0.116 800-1180 

ZtZn, ZrZn, -8,440 95 6.401 0.086 940-1225 

ZtZn,, ZrZn, -8,792 71 7.053 0.067 900-1200 

ZtZn,, ZrZn, -7,448 88 6.488 0.096 850-1200 

ZtZn,, ZrZn,, -7,171 6.441 0.094 750-820 
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Fig. 1—Plot of log vapor pressure of zinc over alloys con- 
taining 12.24, 19.0, and 25.0 wt pct Zr against 1/T. 


ing the respective relations for AF° with respect to 
T or from the relation 


AF= AH—- TAS 


The results of several calculations are presented : 
in Table I. The probable errors for AF° were de- 
termined from a consideration of the probable errors 
for the constants in Eq. [1] and the procedure out- 
lined by Beers.° 

The equation obtained is 


1/2 
Pyro = V1(2:308R) 27 / [8] 


where P, and P, represent the probable error in 
the intercept a and slope 0 respectively and Tay. 

is determined from the average value of 1/T for the 
measurements. The probable errors tabulated in 
Table I do not include possible errors in Kelley’s 
Eqs. [2] and [3]. 


THERMODYNAMIC PROPERTIES OF ZINC- 
ZIRCONIUM COMPOUNDS 


In order to determine the thermodynamic proper- 
ties of the five compounds formed in the zinc-zir- 
conium system, it was necessary to obtain vapor- 


950 
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1047 T 
Fig. 2—Plot of log vapor pressure of zine over alloys con- 
taining 19.0, 25.0, 35.0 and 50.0 wt pet Zr against 1/T. 
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Fig. 3—Plot of log vapor pressure of zinc over alloys con- 
taining 69.0 and 71.0 wt pct Zr against 1/7. 


pressure data for the five two-phase regions of the 
phase diagram involving equilibria between the solid 
phases, beginning with the Zr-ZrZn region. The re- 
sults of vapor pressure measurements are plotted in 
Figs. 1, 2, and 3. Assuming a linear relation between 
log P and 1/T, a least-squares treatment of the data 
for the temperature ranges involving solid phases 
only gave the results tabulated in Table II. The re- 
lationship between the measured vapor pressure and 
the free energy of formation of the compounds is 
made apparent from a consideration of the reactions 
occurring in the various two-phase regions. In the 
first region, Zr-ZrZn, for which the vapor pressure 
P, over the 69 and 71 wt pct Zr alloys is representa- 
tive, we can write 


Zr(s) + Zn(v) ZrZn(s) 
Zn(l) Zn(v) 
Zr(s) + Zn(l) ~ ZrZn(s) 


AF? = RTInP, 
AF° = RTInP® 
AF? = RTInP,/P° 


The letters in parenthesis (s, 7, v,) represent solid, 
liquid and vapor reference states, respectively. The 
standard free energy of vaporization of liquid zinc is 
given by Eq.[2]. Combining Eq. [2] with the expres- 
sion 


AF® = 2.303RT 22,018 + 9.603 | 


yields the relation for the standard free energy of 


formation of ZrZn. 
Similarly, to obtain the free energy of formation 
for ZrZn,, we consider the following reactions. 


ZrZn(s) + Zn(v) ~— ZrZ,(s) AF2 = RTInP, 
Zn(l) — Zn(v) = — RT1nP° 


Zr(s) + Zn(l) ~ ZrZn(s) AF? 


Zr(s) + 2Zn(l) ~ZrZn,(s) AF), = RTInP2/P° + AF? 
Consequently, from the measured vapor pressure 

P, over the ZrZn-ZrZn, (50.0 wt pet Zr alloy) re- 
gion, Eq. [2] and the free energy of formation of 
ZrZn, AF;, the free energy of formation of ZrZn, 
can be calculated. This same procedure was ap- 
plied to the other two-phase regions to obtain the 
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Table III. A Summary of the Relations for AF, AH?, and AS? as 
Functions of Temperature for the Compounds of the Zinc- 


Zirconium System AG? = A+ BT +C log T + DT log T + ET? 


Quantity A B G D E-10* 
AF? —28,198 1.096 6.03 2371S 
AF? -35,909 — 16.842 12.06 5.50 ZrZn, 
AFP -45,231 — 29.605 18.09 8.25 ZrZn, 
AFP -54,749 — 75.646 36.18 16.50 ZrZn, 
AF? -69,993 —200.150 84.42 38.50 ZrZn,, 
AH? —28,198 — 2.62 -— 2.75 ZrZn 
AH? -35,909 — 5.24 - 5.50 ZrZn, 
AH? 45,230 7.86 8.25 ZrZn, 
AH? —54,748 — 15.72 -16.50 ZrZn, 
AHP 69,990 36.68 -38.50 ZrZn,, 
AS? - 1.524 5.5-107* .— 6.030 ZrZn 
AS? 11.60 — 11.0-10-* -12.060 ZrZn, 
AS? 21.745 — 16:5-107* -18.090 ZrZn, 
AS? 59.926 — 33.0-107 -36.18 ZrZn, 
AS? 163.470 77.0-10-*  -84.42 


free energy of formation of the other three com- 
pounds. The enthalpy and entropy of formation 
were obtained by the procedure outlined above for 
Uz2Zni7. The relations for AF§ AH®, and AS° are 
summarized in Table III, and some calculated 
values for these quantities are presented in Table 
IV. 


The errors listed were calculated from a least- 
Squares treatment of the data and do not include any 
error in Kelley’s Eqs. [2]or [3] and do not include 
any possible error due to the assumption that the 
solubility of zinc in zirconium is negligible. At tem- 
peratures below the eutectoid temperature, 750°C, 
the solubility of zinc in zirconium is small, but 
apparently becomes appreciable above 750°C. 
Vapor-pressure data taken on zinc-rich alloys at 


-750° to about 925°C appear to fall on the same 


Table IV. Calculated Values for AF?, AH?, and AS? 
at 25°, 500°, 750°, and 900°C. 


Com- Temp., Kceal Kcal Cal Keal AH? Keal Cal 
pound °K Mole Mole,Mole%K f Mole f Mole f Mole K 
ZrZn 298) 723739 27.9)" 15.5 0.4 0.6 0.5 
Z1Zn, 298 4930.5 35.3 16.2 0.5 0.7 0.7 
ZrZn, 298 37.7 44.4 22.5 0.6 0.8 0.8 
ZrtZn, 298 44.7 53.0 28.0 1.0 1.4 
ZrZn,, 298 55.3 66.0 35.7 2.0 Sal 3.8 
ZrtZn 30:45 1974 0.15 0.6 0.5 
Z1Zn, 773 «31.5 67.9 47.1 0.31 1.4 1.5 
ZrZn,, 773 33.9 100.7 86.3 0.32 3.1 3.8 
ZrZn 1023.6. -+20:2 0.04 0.6 0.5 
ZrZn, 1023 15.4 41.8 25.8 0.07 0.7 0.7 
ZrZn, 1023 18.8 54.1 34.4 0.07 0.8 0.8 
Zr 19.0) 0253 0.20 1.4 1.5 
1173 31.67 20:7 0.07 0.6 0.5 
ZrZn, 1173 11.5 42.8 26.7 0.09 0.7 0.7 
059.6. "35.7 0.12 0.8 0.8 
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8.0 99 10.6 [| | | 13.0 14.0 180 


straight line for data taken at lower temperatures, 
as is evident in Fig. 3. 


DISCUSSION OF RESULTS 


The errors tabulated in Tables I and IV are prob- 
able errors calculated from a least-squares treat- 
ment of the vapor-pressure data. Systematic errors 
which might arise from thermocouple calibration, 
and so forth would be expected to introduce an ad- 
ditional error in the final results. Errors in the 
measurement of the temperature difference between 
the alloy sample and dew-point temperature, which 
might arise from thermocouple calibration or 
changes in the individual thermocouples, is esti- 
mated to be less than 1.0°C. An error of 1 deg will 
result in an error in the calculated standard free 
energy of formation for ZrZn ,, of 236 cal per mole. 
This error is of about the same magnitude as the 
probable error (320 cal per mole) at 773°K calcu- 
lated from the data. Consequently, the calculated 
values of AF? in this case are probable not better 
than + 500 cal per mole at temperatures near the 
average value of 1/T for the vapor-pressure data. 
Extrapolated values will of course be subject to a 
still larger error as indicated in Table III. 

The results of vapor-pressure measurements are 
consistent with the results of thermal and metal- 
lographic analyses. At 545°C, the peritectic de- 
composition temperature for the compound ZrZn,,, 
we have the reaction 


ZrZn,, = ZrZng + 8Zn(soln.) 


At the peritectic temperature, the free energy 


An Acoustical Study of Low-Temperature Age- 
Hardening after Reversion in Al-6 At. Pct Ag 


An accoustical method was used to study G.P. zone formation 
below 100°C during direct aging after the quench and reaging after 
reversion in two Al-6 at. pct Ag single crystals. Reaging after re- 
version proceeds with no perceptible incubation time and the reac- 
tion type seems to be dependent on veaging temperature. An anal- 
ysis of the kinetics is presented which shows reaging to be rather 
complex and interpretable as taking place, possibly, in three 
stages. The direct-aging results of other workers are analyzed 
and confirmed to take place by a (quenched-in) vacancy decay 


mechanism. 


Tue first decomposition product of a supersatu- 
rated aluminum-rich Al-Ag alloy at low tempera- 
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change for this reaction must be zero, and we can 
write 


AF BAF 7, — AF 


Since the zinc liquid solution at the peritectic tem- 
perature has been shown to contain 99.2 at. pct Zn 

it might be expected that AFz, is approximately zero 
and that the free energy of formation of the two com- 
pounds should be equal at this temperature. How- 
ever, the free energy as calculated by the relations 
in Table III shows that AFz:zn, iS 678 
cal. The activity of zinc as calculated from the re- 
lation AF 7, = RT In az,is found to be 0.947, which 
corresponds to an activity coefficient of 0.955. These 
values for the activity and activity coefficient for 
such a dilute solution appear to be definitely too low. 
If the difference in the free energy for the two com- 
pounds is assumed to be numerically too large by 
about 500 calories, a much more reasonable value 
for the activity of zinc is obtained. Similar calcula- 
tions at the other peritectic temperatures give rea- 
sonable values for the activity of zinc. 
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tures is Guinier-Preston zones.’"* The zones are 
ideal and each consists of a spherical shaped silver- 
rich cluster about 16A in diam surrounded by a sil- 
ver-poor shell approximately 72A in diam.? The 
composition of the two regions is not known with 
certainty.* After quenching from the solution an- 
neal, these zones form rapidly on aging at temper- 
atures as low as—30°C.° The rate of zone forma- 
tion increases. with aging temperature; the activation 
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energy for the limiting step in the growth process 
is about 11.2 kcal per mole for an 8.5 at. pet Ag al- 
loy and 12.0 kcal per mole for a 2.5 at. pct alloy.® 
The growth of the zones at room temperature is 
very slow after the first few minutes,° but the rate 
can then be increased by increasing the tempera- 
ture. At temperatures greater than about 150°C 
the second decomposition product, y', begins to 
form, and the aging reaction becomes complicated.’ 


If a fully cold-hardened alloy (containing only G.P. 


zones) is reheated for a short time in the tempera- 
ture range 180° to 230°C, the hardness*® and the 
proportion of silver atoms in the zones decrease.’ 
This process is termed ‘‘reversion.’’ On reaging 
after reversion, in the same temperature range as — 
initially used to establish the cold-hardened state, 
the proportion of silver atoms in zones and the 
hardness increase again.* 

The mechanism of zone formation is not known 
with certainty. Turnbull and Treaftis® point out that 
the kinetics observed by them for direct aging at 


room temperature and lower is many orders of mag- 


nitude faster than predicted by extrapolation of bulk 
diffusion data for high temperatures. To account 
for the rapid kinetics alternative suggestions have 
been made: enhanced diffusion due to quenched-in 


vacancies” and short-circuit diffusion through mov- 


ing dislocation channels.** The transmission elec- 


tron micrographic observations of Nicholson and 
Nutting® seem to rule out the latter, at least in the 
case of Al-Cu. The observed activation energy is 
then identified with motion of vacancies. : 

Turnbull and Treaftis® have fitted their direct- 
aging data to an empirical rate equation of the 
form 

2 
[1] 
where AR, is the change in resistance to time #; 
K and b are constants. Turnbull’ attempted to jus- 
tify this equation by considering the process to be 
coarsening; reduction of the total surface energy 
is presumed to be the driving force. In this treat- 
ment the concentration of quenched-in vacancies 
must be assumed to be independent of time if the 
quenched-in vacancy explanation for the enhanced 
diffusion is accepted. The concentration of vacan- 
cies would, of course, decrease with time after the 
quench. 

While there have been a number of kinetic 
studies®’® of zone formation in Al-Ag alloys on aging 
directly after the quench, a kinetic study of reaging 
after reversion has not been published previously. 
The present work on reaging after reversion was 
undertaken in an effort to learn more about the 
growth mechanism of Guinier-Preston zones. 


EXPERIMENTAL PROCEDURE 


Variation of dynamic Young’s modulus was used 
as the measure of aging. This quantity was deter- 
mined using the resonant technique with electro- 
static excitation and detection of longitudinal vibra- 
tions. Details of the apparatus are given in an ear- 
lier paper.*? The specimen was clamped at its 
mid-point, a displacement node for odd harmonics. 
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The temperature was measured by a thermocouple, 
also touching the specimen at the mid-point. The 
resonant frequency of the specimen was measured 
as a function of time and from this fractional change 
from the initial reading to time t, Af,/f,, was com- 
puted. The fractional change in resonant frequency 
is related to the fractional change in Young’s 
modulus, 


A 
(2 


since the fractional change in length can be neg- 
lected.’” The experimental set-up enabled deter- 


mination of frequency to an accuracy of 1 in 10°. 


The resonant frequencies of the specimens were 
60 to 70 kc per sec. 

The experiments were carried out using two Al-6 
at. pct Ag single crystals the orientations of which 
were closely identical; the longitudinal axes of both 
specimens were approximately 30 deg from [100], 
[110], and[111], respectively. Alloy sheet 0.05 in. 
thick was prepared by melting high-purity aluminum 
and electrolytic silver under vacuum provided by a 
mechanical pump and then cold rolling with inter- 
mediate anneals. The single crystals, about 1.3 by 
0.15 by 0.05 in. in size, were grown using a modi- 
fied Bridgeman technique. The crystals were grown 
with the thinnest direction vertical to minimize 
segregation. The specimens were homogenized for 
1 month in a 550°C salt bath (Houghton, Draw Temp 
430). For solution treatment the specimen con- 
tained in a sealed and weighted Pyrex ampule evacu- 
ated to 107° mm of Hg was suspended by a wire ina 
vertical furnace. The solution treatments were all 
at 525° +1°C for 12 hr. For the quench, the wire 
was cut, allowing the weighted ampule to drop into 
25°C water. This gives a quenching rate of approx- 
imately 2000°C per sec.*® 

Aging to the fully hardened state was obtained by 
a 42-hr treatment at 100°C. Reversion was accom- 


plished by heating for 15 min at 220°C. The rever- 


sion time was short enough so that no y’ precipi- 
tated.’ It is to be noted that there was a 30-min 
delay time between removal of the specimen from 
the reversion treatment or quench until the time of 
the first reading. This was due to experimental 
limitations and was the same for all experiments. 
The temperature was controlled to within +1°C for 
all the aging and reaging experiments. 


EXPERIMENTAL RESULTS 


In Fig. 1 Af,/f, for reaging after reversion at 50°, 
70°, and 100°C is plotted vs time in hours for crys- 
tal No. 1. Two additional experiments at 70° and 
100°C (data not shown) gave similar results. Young’s 
modulus decreases during concentration of Ag atoms 
into zones at a rate diminishing with time. In Fig. 1 
Af,/f, is arbitrarily set at zero at /, hr, the time of 
the first measurement. Since the first measure- 
ments were not made until ’?/,hr after reversion, a 
significant portion of the reaction was missed. As 
the temperature of measurement increased, more 
segregation of Ag atoms into zones occurred prior 
to the first measurement. Thus A/,/f, = 0 on Fig. 1 
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Af/f xX 10* VERSUS TIME IN HOURS FOR 
y RE-AGING AT 50°, 70° AND 100°C AFTER 
\ REVERSION. Al - 20 wt. % Ag ALLOY 


CRYSTAL NO. |. 
x i \ x—x 50°C (EXPT. 1) 
e—e 70°C (EXPT. 2) 
30 o—o 100°C (EXPT. 6) 
| Fig. 1—Fractional change in resonant 
frequency on reaging after reversion. 
2 | ee, q x The specimen was initially aged at 100°C 
ws sof | S for 42 hr and then reverted at 220°C 
= 3 ase (15 min.) Reaging was carried out at the 
\ temperatures indicated. 
\ 
2 
80 
fe) 20 + 60 80 100 120 140 160 180 200 N310 320 330 340 350 
TIME IN HOURS 
does not represent the same stage of the process in Curve 1 of Fig. 4. The total change from /2hr, 
for the three curves. the initial reading, to completion is much less for 
In the case of Cu atoms segregating to zones in Al, direct aging than for reaging after reversion since 
the modulus increases;"* the curves are roughly in the former the reaction is more nearly completed 
mirror images of those in Fig. 1. prior to /,hr; the kinetics of reaging after rever- 
Data for a two-temperature aging experiment is sion is much slower. 
shown in Fig. 2. After reaging for 2 hr at 70°C, As this study neared completion single crystal 
the temperature was suddenly lowered to 50°C and No. 1 changed distinctly in its aging characteristics. 
the reaging continued. The rate of decrease of All of the data except Curve 2, Fig. 4 were obtained 
modulus diminishes due to lowering the tempera- before this change occurred. Comparison of Curves 
ture. A repeat experiment, data not shown, gave 1 and 2 in Fig. 4 shows that the aging progressed 
essentially identical results. much more slowly in the later experiment. For re- 
Fig. 3 shows a plot of the fractional change in aging at 100°C after reversion an incubation time of 
frequency vs time in hours for the second and third about 1.5 hr was found; none was observed before. 
reagings at 100°C after repeated (220°C) reversion The effect was not due to experimental irreprodu- 
and (100°C) reaging (crystal No. 2). Note that the cibility in the equipment. Most likely a chemical’ 
kinetics are not very different for the second and change in the specimen occurred, possibly due to 
third reaging reactions. poor evacuation of the ampule. We are planning to 
Aging at 100°C directly after the quench is shown investigate this effect further. 
THERMAL CYCLING EXPERIMENT 
71,050 —— RESONANT FREQUENCY, fr IN [CPS] 
VERSUS LOGio TIME IN HOURS FOR x bs CU 
RE-AGING AFTER REVERSION. x AN 
= 10+ 2Kcal/mole 
50°C 
N 
= 
; Fig. 2—Reaging at two temperatures. 
70.950 Resonant frequency (cps) plotted against 
wi NI time. Temperature was lowered to 50° 
a BNE from 70°C at 2 hr and the reaging con- 
EF aoe | tinued. Time was computed from the 
5 first reading, 0.5 hr after removal from 
= reversion treatment. 
fo} 
|70,¢50 
70°C 
wane 
+70,800 
Ol 02 03 ASG) .718, 910 3 4 6 7 9 10 20 30 40 50 60708090 
TIME IN HOURS 
TRAN 
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10 REPEATED REVERSION 
Af/f x 10* VERSUS TIME IN HOURS 
FOR RE-AGING AT 100°C AFTER 
° REVERSION. CRYSTAL NO. 2 
>< 30 
5 \ X——x 2nd RE-AGING 
50) 3rd RE-AGING 
oO 
2 ° 
3 
70 \\ 
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\\ 
° 

\ 
a ° 
\ 
!30 
oO 
XN 

x] 2nd RE-AGING 

x 
| 
RE-AGING 
20 40 60 80 100 120 140 160 


TIME IN HOURS 
Fig. 3—Fractional change in resonant frequency on the 
second and third reaging at 100°C after repeated (220°C) 
reversion and (100°C) reaging. 


DISCUSSION 


Nucleation— Consider first the question of nuclea- 
tion of zones. No incubation time was noted by _ 
Turnbull and Treaftis’ for direct aging, nor did we 
find an incubation time for reaging after reversion 
except as previously noted. The solid solution is 
clustered at the solution temperature” and these 
clusters are thought to become athermal nucleii for 
G.P. zones during quenching. During reversion the 
zones do not completely dissolve,* and, therefore, 
nucleii are present for reaging. Interestingly, if one 
combines the method of Hobstetter* for calculating 
the critical nucleus size (which neglects strain en- 


ergy) with the thermodynamic data of Hillert et alee. 


a critical nucleus size of 3 or 4 atoms is predicted 
at room temperature. 

Growth of Zones— Following the research of Wert 
and an earlier paper from this laboratory,** a rate 
equation of the form ~ 


a,, = exp [—kt” [3] 


was used to analyze the kinetic data. In Eq. [3] m 
and k are usually considered constant and a, may 
be defined in terms of the concentration of solute 
in the matrix; 


[4] 
Co Cy- - 
where C, is the concentration at the solution tem- 
perature, C, the concentration at time ¢ and C, 
is the final concentration of solute in solution when 
the reaction has gone to completion. 

In relating the change in concentration of the dis- 
solved solute to the change in modulus, or to any 
other property, such as resistivity, providing it 
changes monotonically with the amount of precipi- 
tation, the following relation can be defined: 


a 
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Af/f X 10* VERSUS TIME IN HOURS FOR 


te AGING AT 100°C AFTER THE QUENCH. 
L a Al- 20 wt. % Ag. CRYSTAL NO. | 
\ FOR EARLY IN STUDY 
5 \ =e o——o FOR LATER IN STUDY 


\ 


FRACTIONAL CHANGE IN FREQUENCY, Af/f X 10% 


N 
> 


te) 5 20 30 
TIME IN HOURS 
Fig. 4— Fractional change in resonant frequency on aging 
at 100°C directly after quenching from 525° to 25°C 
(water). Curve No. 1 is for early in the study and Curve 
No. 2 is for later in the study after the aging characteris- 
tics of the crystal changed. : 


u AF; [ 
where f is the property and the subscripts have the 
same meaning as in Eq. [4]. If it is assumed that a, 
and a! are related by a power law (they are equal 
when C, = Cy and C;= C,), then Eq. [3] can be 


written as 


(a;,)” = exp [ 


which becomes 


In a, = t [6] 
In many experiments it is not feasible or possible 
to determine f,. Eq. [6] can be rewritten 


1 
In InAf,+ [7] 
(In Af;) is a constant for the experiment. 

To determine m and the applicability of the equa- 
tion, In or In(1/f, — f;) may be plotted against 
t™ for different values of m. Wert*® showed that a 
similar equation with exponent of 3/2 described the 
kinetic data for precipitation of carbon in a-Fe for 
the range a, = 1 to 0.2. 

For the initial part of the aging curve Wert,'®* 
Zener,’® and Ham™ have predicted m of 3/2 for dif- 
fusion controlled growth of spherical precipitates. 

Direct Aging—Analysis of the Turnbull and 
Treaftis® data according to Eq. [3] is presented in 
Fig. 5; a value of m near 2/3 for direct aging of 
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Fig. 5—Time law analysis for aging Al-2 at. pct Ag at 0° 
and 40°C directly after the quench. From the resistivity 
data of Turnbull and Treaftis.5 m= 2/3. 


Al-2.5 at. pct Ag at 0° and 40°C seems indicated. 
The Wert, Zener, Ham prediction of 3/2 is based 
on the diffusivity being independent of time. If the 
concentration of vacancies decreases with time, 
this prediction must be modified. 

In the case of Al-2 at. pct Cu DeSorbo et al.” 
suggested that the kinetic behavior arises from 
zone formation attendant to decay of quenched-in 
vacancies. This seems even more plausible as an 
explanation for the Al-Ag alloys since the reaction 
occurs much more rapidly, roughly equal to that 
reported for decay of vacancies in pure alumi- 
num.~»™ If the data of Panseri, Gatto, and 
Federighi™ for the decay of quenched-in vacancies 
in pure aluminum is analyzed using Eq. [3], a value 
of m close to 2/3 is obtained. This is shown in 
Fig. 6. We are thus led to suggest that the rate of 
the zone-forming reaction at low temperatures for 
direct aging approaches zero when the vacancies 
have annealed out rather than when the reaction has 
neared completion. If after a few minutes aging at 
room temperature the specimen is heated to 100°C, 
further segregation of silver to zones occurs. At 
this temperature a large excess in concentration of 
vacancies need not be invoked to account for the 
kinetics. 

Reaging after Reversion—-The zone-forming re- 
action during reaging after reversion will next be 
discussed. Ham” has treated rigorously the case 
of diffusion-controlled growth of precipitates. As- 


48-VOLUME 218, FEBRUARY 1960 


L x 

x 

dhe 


\ 1 1 
1 2 4 5 


1°? (MINUTES) 
Fig. 6—Time law analysis for aging pure aluminum at 20°C 


directly after the quench. From the resistivity data of 
Panseri, Gatto, and Federighi.”4 m= 2/3. 


suming that 1) the ratio of the diameter of a spher- 
ical precipitate and the mean separation between 
precipitates is 1/10 or smaller, 2) the diffusivity 
is independent of time, and 3) coarsening does not 
occur, a rate equation of the form of Eq. [3] holds 
but with m equal to 3/2 for a, large (¢ small) and 

1 for a, less than about 0.5. 

During reversion, according to Gerold,* roughly 
half of the Ag atoms in zones go back into solution. 
During reaging at 100°C the number of Ag atoms 
segregated into zones increases approximately back 
to the value for maximum cold hardness. Since at 
the start of the reaging process a, is already about 
1/2, the 3/2 exponent-is not expected; ‘‘Ham be- 
havior’’ predicts an exponent of 1. Moreover, the 
previous direct aging and the reversion treatment 
(15 min at 220°C) should reduce the concentration of 
vacancies to a low stable value. Assuming the dif- 
fusivity to be independent of time then seems to be 
reasonable. 

Actually it is not necessary to invoke a large va- 
cancy concentration to account for the observed re- 
aging kinetics at 100°C. Extrapolation of the high- 
temperature diffusion data of Beerwald” for 
diffusion of silver in a dilute alloy (Xs, = 0.013) to 
100°C gives D = 10™*° sq cm per sec which is 
roughly only one order of magnitude too small to 
account for the kinetics. 

In view of the above discussion it seemed worth 
while to test our data for ‘‘Ham behavior.’’ In 
Fig. 7, [f, — is plotted against time in 
hours. ‘‘Ham behavior’’ in this case predicts a 
straight line. A question arises concerning the 
choice of fy for 50° and 70°C since the values 
given by what seem like reasonable extrapolations 
of the two curves give values of 70,387 cps and 
70,176 cps, respectively, which are appreciably 
higher than the value from the 100°C curve, 

69,991 cps. All of these have been corrected to 

70°C for normal thermal variation. Since the 

lowest value indicates the maximum segregation of 
Ag into zones, the decision was made to use the ex- 
trapolated f; value for 100°C in treating the 50° and 
70°C data. The general features of the curves for 
50° and 70°C are, however, not changed by using the 
apparent extrapolated values for these temperatures. 
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On reaging at 100°C the curve in Fig. 7 is essen- 
tially linear for the first 25 hr, indicating an m of 
one. The 50° and 70°C curves show negative cur- 
vature over their full course. 

If the data in Fig. 3 for repeated reversions and 
reaging at 100°C is analyzed as in Fig. 7, curves 
very similar to the 100°C curve are obtained. Suc- 
cessive reversion and reaging at 100°C has only a 
small effect on the kinetics and this is attributable 
to a gradual increase in zone size and thus a gradual 
decrease in the number of zones as reported by 
Gerold.* 

It is attractive to suggest that the observation of 
m= 1 during the first 25 hr of reaging at 100°C is 
attributable to Ham’s theory. The deviation from 
m= 1 at longer times at 100°C might then be a 
failure in the spacing assumption (when the zone 
forming reaction is complete the ratio of diameter 
to separation is only about Ye) and perhaps the oc- 
currence of coarsening. 

If the preceding discussion is correct, requiring 
explanation is the observation of curvature in the 
50° and 70°C reaging curves. The following idea 
comes to mind: Perhaps the kinetics at 50° and 
70°C is modified by decay of vacancies generated 
during reversion—for example, by a Kirkendall 
effect. The possibility of this taking place in Al-Ag 
has been suggested by Hardy and Heal” and Beton 
and Rollason.*” These vacancies would be pre- 
sumed, for the most part, to have decayed out be- 
fore the initial reading at 100°C. 

As previously mentioned, Turnbull and Treaftis® 
observed 12 kcal per mole for the activation energy 
of the limiting step in the growth process for direct 
aging after the quench. This value has been iden- 
tified with vacancy motion. From the two tempera- 
ture reaging experiment, Fig. 2, changing the re- 
aging temperature from 70° to 50°C after 2 hr 
indicates an activation energy of 10 +2 kcal per 
mole. This, we feel, may also be identified with 
the energy of motion of vacancies since the concen- 
tration of vacancies should not change appreciably 
during rapid lowering of the temperature from 70° 
tO 

Interestingly, the 50°C curve in Fig. 1 at 2 hr has 
a steeper slope than the 70°C curve. We attribute 
this effect to a larger concentration of vacancies be- 
ing present at least in the initial part of the experi- 
ment at 50°C, The two temperature aging experi- 
ment shows the normal relation between rate and 
temperature. 

These vacancies are presumed to exist for long 
periods of time at temperatures as high as 70°C. 
Then if the analysis presented here is correct, the 
vacancies are probably associated with solute atoms 
to form rather stable complexes. 

According to Beerwald” the activation energy for 
diffusion of Ag in Al is 32.6 kcal per mole. From 
the linear portion at 100°C and assuming this acti- 
vation energy, predicted linear growth curves for 
50° and 70°C are also shown in Fig. 7 as the dotted 
lines. The observed rates are considerably more 
rapid except at ¢ large. 

Summarizing the above discussion it is attractive 
at the present time to consider reaging after re- 
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Fig. 7—Time law analysis for reaging at 50°, 70°, and 
100°C after reversion. The specimen was initially aged for 
42 hr at 100°C, then reverted at 220°C. The dotted lines 
are 50° and 70°C calculated slopes obtained from the 100°C 
experimental reaging curve using Q = 32.6 kcal per mole. 
Sections (a) and (b) for 70°C are for the 10 and 25 hr time 
scales, respectively. 


version in Al-6 at. pct Ag as consisting of three 
stages: Stage I observed in the 50° and 70°C curves, 


Fig. 7, has enhanced growth rate due to the presence 


of greater than the equilibrium concentration of va- 
cancies. The kinetics in this stage is modified by 
the decay of these vacancies. Stage II (m equal 1) 
exemplifies ‘‘Ham behavior.’’ This is observed in 
the early part of the 100°C reaging process. Stage III, 
observed in the latter part of the 100°C reaging 
process, is attributed to the breakdown of the spac- 
ing assumption and/or possibly coarsening. 
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Effect of Solute Impurities on Preferred Orientation 
in Annealed High-Purity Lead 


New grains, introduced by recrystallization, were allowed to 
grow competitively at the expense of the substructure of a melt- 
grown single crystal. It was found that the development of pre- 
ferred orientation relationships (e.g., 40 deg <111> and 28 deg 


<100>) between the recrystallized grain which grew most suc- 


K. T. Aust 


cessfully and the melt-grown crystal is dependent upon both the 


kind and the amount of solute present in the sample. 


Tue object of the experiments to be described in 
this report was to determine, first, which grains, 

out of a large number introduced into a sample in 
which their growth could proceed, were able to grow 
most successfully; and, second, the factors which 
control their growth selection. In an earlier study of 
grain boundary migration in high-purity lead,’ it was 
found that, under some conditions, the most success- 
ful grain in an experiment of this type bears a spe- 
cial orientation relationship to the grain into which it 
is growing. The present work represents an exten- 
sion of the previous study, directed at the determina- 
tion of the orientation relationships which appear 
under a wider variety of conditions. Experiments of 
this general type have been done using commercial 
aluminum?’ with somewhat conflicting results. In the 
present experiments, in contrast to the above,” the 
sample composition was a principal controlled vari- 
able, resulting in a considerable clarification of the 
phenomena observed. 


EXPERIMENTAL TECHNIQUE 


The experimental technique used in this investiga- 
tion was essentially that employed previously in 
studies of grain boundary migration kinetics.’’* The 
material used was zone-refined lead with various 
small amounts of tin or silver added to study the 
effect of varying the sample composition. The speci- 
mens were in the form of single crystals, about 1/4 
in. Sq in cross section by 3 to 4 in. in length, grown 
from the melt in a horizontal graphite boat. A crys- 
tal grown in this way generally contained a lineage 
or ‘‘striation’’ substructure of the type shown in 
Fig. 1 of Ref. 1. This substructure consists of an 
array of low-angle boundaries which partition the 
crystal into regions misoriented from each other by 
a few degrees. The substructure constitutes a source 
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of driving energy, estimated to be about 4000 ergs 
per cc, for the migration of a large-angle grain 
boundary into the striated crystal. New grains were 
introduced by plastic deformation in compression of 
a localized region at one end of the sample. Re- 
crystallization occurs at room temperature in the 
deformed region, introducing a large number of 
new, striation-free grains into the specimen. These 
grains are able to grow into the melt-grown crystal 
on annealing at a suitable temperature. The stria- 
tions are removed by passage of the grain boundary, 
as the substructure energy is utilized to produce the 
boundary migration. Usually, only one or two of the 
recrystallized grains persist after growth has oc- 
curred for about 1 cm out of the deformed region. 
Laue back-reflection X-ray photographs were ob- 
tained to determine the orientation relationship be- 
tween the melt-grown crystal and the recrystallized 
grain or grains which grew most successfully in each 
specimen. 


EXPERIMENTAL OBSERVATIONS 


Fig. 1 shows the results obtained for a series of 
specimens to which had been added tin in the range 
from 0 to 5 ppm by weight. In this figure is plotted, 
in the standard stereographic triangle, the single 
axis about which the most successful recrystallized 
grain or grains are related to the starting, melt- 
grown crystal by the smallest rotation. The range of 
angular rotations observed about such axes is indi- 
cated beside each stereographic triangle. The re- 
sults shown in the stereographic triangle on the left, 
Fig. 1(a), were obtained by localized deformation at 
one end of each specimen at room temperature, 
followed by annealing in a furnace which had been 
preheated to 300°C. The furnace atmosphere was 
argon. It will be seen that the orientation relation- 
ships observed between the melt-grown and recrys- 
tallized grains are quite random. On the right, Fig. 
1(0), are shown results for samples in which the de- 
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Fig. 1—Stereographic plots of the axes 
of rotation which crystallographically 
relate each successful recrystallized 
grain to the striated crystal into which 
it grew by the smallest amount of rota- 
tion, @. Data for zone refined lead spec- 
imens containing less than 5 ppm of tin, 
by weight. (2) Deformed at room tem- 
perature; furnace anneal 300°C (b) De- 
formed at —196°C. O—Furnace anneal 
300°C. e—Salt both anneal 300°C. 


§=15°- 61° 


<5 ppm TIN 


Tl 


18°- 63° 


(a) 


formation was carried out at liquid nitrogen temper- 
ature to permit formation of more recrystallization 
nuclei in the deformed region. Some of these speci- 
mens were annealed by inserting them in the fur- 
nace at 300°C, as before (open circles); others were 
annealed by immersion in a salt bath operating at 
300°C (filled circles). The samples were wrapped 
in aluminum foil before annealing in the salt bath to 
prevent corrosion by the molten salt. Both of these 
annealing treatments also produced a random dis- 
tribution of orientation relationships between the 
grains. The only distinguishing feature of the ob- 
servations shown in Fig. 1 is the fact that the grain 
boundaries which are able to migrate successfully 
out of the deformed region are always large-angle 
boundaries. 

Fig. 2 shows data for samples having higher tin 
contents than those of Fig. 1. The specimens of Fig. 
2 were all subjected to a localized deformation at 
room temperature and then annealed in the furnace 
operating at 300°C. As shown in part (a) of this 
figure, a very pronounced development of preferred 
orientation was observed in samples containing from 
5 to 40 ppm of Sn by weight. The axes of rotation re- 
lating the two grains cluster predominantly around 
<111>, with the angles of rotation between 30 and 
50 deg. This is the most frequent relationship ob- 
served in annealed face-centered cubic metals and 
is the one to be expected on the basis of the oriented 
growth theory of annealing textures.* There were 
also, however, a significant number of cases in which 


5-40 ppm TIN 


Fig. 2—Data similar to that shown in Fig. 
1, but for samples containing (a) 5 to 40 
ppm and (5) 50 to 1000 ppm of tin, by 
weight. Samples deformed at room tem- 
perature; furnace anneal 300°C. 


= 30°-50° 


00! 


(6) 


the new grain and the starting crystal were related 
by a rotation of 26 to 28 deg about a common <100> 
axis. As shown in part (0) of Fig. 2, the orientation 
relationships again became random when the tin con- 
centration was increased to the range 50 to 1000 ppm 
by weight. Under the experimental conditions used in 
this investigation, preferred orientations appeared 
only when the tin content was in the range from 5 to 
40 ppm by weight. — 

In Fig. 3 are shown data for a series of lead-silver 
alloy samples which were treated under several dif- 
ferent conditions of deformation and annealing. The 
specimens represented in Fig. 3(@) were locally de- 
formed at room temperature and annealed in the 
furnace at 300°C. Some of the specimens shown in 
Fig. 3(0) were deformed at liquid nitrogen tempera- 
ture and annealed in a salt bath at 324°C (open cir- 
cles); others were deformed at room temperature 
and annealed in the furnace at 250°C (filled circles). 
In all cases, the orientation relationships observed 
were random; in no case was preferred orientation 
developed in the lead-silver alloy samples. 

_ It will be noted that the concentration ranges 
covered for tin and silver are quite different. How- 
ever, as will be discussed in more detail in the next 
section of this report, the addition of a soluble im- 
purity to the zone-refined lead causes a marked re- 
duction in grain boundary migration speed, silver 
being much more effective in this respect than tin. 
Although the solute concentrations were quite dif- 
ferent, the experiments covered approximately the 
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Fig. 3—Data similar to that shown in Fig. 
1, but for samples containing 0.05 to 0.8 
ppm of silver, by weight. (2) Deformed 

at room temperature; furnace anneal 
300°C. (4) O—Deformed at —196°C, salt 
both anneal 324°C. e—Deformed at room 
temperature; furnace anneal 250°C, 
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same range of migration speeds for both tin and 
silver additions. The actual concentrations used are 
listed below: 
Tin (ppm by weight): <1, 1, 2, 2.5, 3, 3.5, 4, 4.5, 5, 
22, 
24, 28, 30, 38, 40, 50, 60, 
150, 500, 1000. 


Silver (ppm by weight): 0, 0.03, 0.04, 0.10, 0.12, 
0.14, 0.15, 0.17, 0.18, 0.20, 
0.27, 0.29, 0.34, 0.38, 0.41, 
0.43, 0.46, 0.47, 0.48, 0.50, 
0.59, 0.77. 


DISCUSSION 


In a previous report’ on the kinetics of grain 
boundary migration at 300°C in lead-tin alloy sam- 
ples, it was shown that the development of preferred 
orientation occurs only in the range of 5 to 40 ppm of 
tin, by weight, for samples deformed at room tem- 
perature and annealed in a furnace. In addition, it was 
found that, whenever they appear, boundaries of the 
38 deg <111>, 22 deg <111>and 28 deg <100> types, 
called ‘‘special’’ boundaries, are able to migrate 
much faster than ‘‘random”’ high-angle boundaries, 
which separate grains related by rotation about a 
high-index crystallographic axis. It was concluded 
that this difference in migration rates is a signifi- 
cant factor in the development of the preferred ori- 
entation. 

The present investigation substantiates the pre- 
vious work on samples deformed at room tempera- 
ture and annealed in a furnace at 300°C. In addition, 
it shows that, in those cases where preferred ori- 
entations are not observed, it is the tin content 
which is significant, rather than the temperature of 
deformation or the method of annealing. Moreover, 
the present investigation shows also that the de- 
velopment of preferred orientation is dependent 
upon the specific impurity present, rather than being 
a more general effect dependent only on the pres- 
ence of impurity of any kind, since preferred ori- 
entations were not obtained with silver present as 
solute at any concentration studied. The possibility 
that the above findings, obtained for grain boundary 
migration under relatively low driving force, may 
also be applicable to larger driving forces is sug- 
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gested by the work of Phillips and Phillips.° They 
found that, in 99.999+ wt pct Cu cold-rolled 95 pct 
and annealed at 350°C for 1 hr, the presence or 
absence of the cube recrystallization texture de- 
pended on the kind and amount of solute impurity 
present. 

- The development of preferred orientation will be 
discussed in the light of Fig. 4, which shows the 
speed of grain boundary migration at 300°C as a 
function of tin or silver concentration. The data for 
tin as solute are taken from the previous kinetic 
study;* the data for silver as solute are taken from 
a detailed study of grain boundary migration kinetics 
in lead-silver alloy specimens, to be reported in the 
near future.° 

A plausible explanation for the observations made 
in this investigation may be developed from the fact 
that different large-angle boundaries may behave 
differently under the same conditions. This shows 
that there must be a significant difference in struc- 
ture between them. Since the observed difference in 
behavior is impurity-sensitive, it must be related to 
an impurity-boundary interaction, probably grain 
boundary segregation, which is dependent upon the 
detailed boundary structure. Conversely, segrega- 
tion might be expected to occur selectively to some 
boundaries and not to others under certain condi- 
tions, accounting for the observed differences in 
migration behavior as shown in Fig. 4. 

If the difference in migration rates, between ran- 
dom and special boundaries in the lead-tin alloy 
specimens, plays a significant part in the develop-. 
ment of preferred orientations, then it would be ex- 
pected that random orientation relationships would 
be obtained in the very pure material, where the 
difference in migration rates is small, and special 
orientation relationships would be obtained at higher 
tin concentrations, where the difference in rates may 
be as large as a factor of one hundred. This expec- 
tation is in agreement with the observed results. 
Accordingly, the agreement indicates strongly that 
the migration rate plays a significant part in deter- 
mining whether preferred orientations will appear 
or not. It should be noted that it has been possible 
to measure the migration kinetics of special bound- 
aries only in the concentration range of tin where 
they appear. However, whenever special boundaries 
do appear, they show much higher migration rates 
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Fig. 4—A comparison of the effects of tin 
and silver on the speed of grain boundary 
migration in zone refined lead. The 
speed of migration is plotted, on a log- 
arithmic scale, as a function of solute 
concentration in atomic parts per million 
for special and random boundaries in 
samples containing tin as solute and for 
random boundaries in samples contain- 
ing silver as solute. 
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than do random boundaries under the same condi- 
tions (e.g. see Fig. 4). 

As shown in Fig. 4, the addition of silver to the 
zone-refined lead cauSes a much more drastic 
reduction in grain boundary migration rate than a 
similar tin addition. The concentration of silver 
required to produce a given decrease in the speed 
of migration of a random boundary is smaller by a 
factor as large as thirty than the concentration of 
tin required to produce the same decrease in migra- 
tion speed. This observation shows that the inter- 
action between silver atoms in solid solution and a 
grain boundary is much larger than that between tin 
atoms and the boundary. This suggests that, whereas 
the interaction between tin atoms and the boundary 
can result in a selective segregation, depending upon 
the type of boundary and the concentration of tin 
present, the interaction between silver atoms and the 
boundary is sufficiently large that segregation occurs 
to all boundaries, even at the lowest silver concen- 
trations, so that no selective action takes place, and 
consequently, no special boundaries are observed. 

It has been suggested that there are three funda- 
mentally different causes that are responsible for the 
inhibition of grain boundary migration which may 
then play a role in the development of different an- 
nealing textures.* These are 1) inhibition by dis- 
persed particles of a second phase; 2) a strongly de- 
veloped single orientation texture, which is related to 
differences in migration rates between low-angle and 
high-angle boundaries; and 3) the specimen thickness 
effect which appears to depend on grain boundary 
grooving. The present investigation has demon- 
strated an additional mechanism which may be im- 
portant in the development of annealing textures. 
This new mechanism involves the selective action of 
solute impurity atoms resulting in differences in 
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migration rates between various large-angle grain 
boundaries. On the basis of the present considera- 
tions, the development of preferred orientations in a 
solid solution alloy would be the result of an inter- 
action, between impurity in solid solution and the 
grain boundaries, dependent primarily upon boundary 
structure, as well as upon concentration of solute 
and magnitude of the boundary-solute interaction. 
While the detailed structure of high-angle bound- 
aries is not known, it is of interest to note that the 
preferred orientation relationships observed in this 
investigation, as well as in a number of others, cor- 


~ respond to many of those which Kronberg and Wilson’ 


have suggested should result in boundaries of high 
mobility. The Kronberg-Wilson picture is based on 
the coincidence of lattice sites between two grains 
which are in special orientation relationship to one 
another, and suggests that boundaries of this type 
are ones of better atomic fit than a general high- 
angle boundary. Because of better atomic fit, one 
would expect less segregation to the boundary. 
Table I lists some of the Kronberg-Wilson orienta- 
tion relationships and a number of experimental in- 
vestigations in which they have been observed. 

In addition to the data shown in Table I, the recent 
results of Doo and Balluffi® may be significant in this 
regard. During a study of the structural changes in 
single-crystal copper-a brass diffusion couples, 
they sometimes obtained recrystallization and growth 
of new grains into the high-purity copper matrix. The 
single rotations, necessary to bring the orientations 
of the new grains into coincidence with the single 
crystal copper matrix, were determined for 13 cases. 
Eight of the 13 cases were within 2 deg of the Kron- 
berg-Wilson orientation relationships, about <111> 
and <100> axes, and the other five instances in- 
volved rotations about low index crystallographic 
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Table | 

Kronberg-Wilson Similar Relationships Observed 
Relationships in Annealed FCC Metals 

38 deg <111> 
28 deg <111> 167 47.718 

22 deg <111> 128510145035 

47 deg <111> 15 

37 deg <100> 18 

28 deg <100> 

22 ¥% deg <100> 17 

19 deg <100> 10, 17 

16 deg <100> 10 

1. K. T. Aust and J. W. Rutter: AJME Trans., 1959, vol. 215, p. 119. 
2. W. M. Baldwin: AJME Trans., 1946, vol. 166, p. 591. 

3. C. S. Barrett: AJME Trans., 1940, vol. 137, p. 128. 

4. P. A. Beck and H. Hu: AIJME Trans., 1949, vol. 185, p. 627. 

5. P. A. Beck, P. R. Sperry, and H. Hu: J. Appl. Phys., 1950, vol. 

21, p. 420. 
6. J. S. Bowles and W. Boas: J. Inst. Metals, 1948, vol. 75, p. 449. 
7. W. G. Burgers: Handbuch der Metallphysik, Band Ill, 11 Teil, 1941. 
8. N. K. Chen and C. H. Mathewson: vii E Trans., 1952, vol. 194, 
9. 0. Dahl and F. Pawlek: Z. Metallkunde, 1936, vol. 28, p. 266. 
10. M. L. Kronberg and F. H. Wilson: AJME Trans., 1949, vol. 185, 
. 501. 
1s B. Liebmann, K. Lucke, and G. Masing: Z. Metallkunde, 1956, p. 57. 


12. Y. C. Liu and W. R. Hibbard, Jr.: AJME Trans., 1953, vol. 197, 

. 672. 

. M. Lommel and C.D. Graham, Jr.: private communication, 1958. 

14, R. Maddin, C. H. Mathewson, and W. R. Hibbard, Jr.: AIME Trans., 
1949, vol. 185, p. 655. 

15. Y. Ming-Kao and C. Pang-Hsin: Acta Phys. Sinicu, 1958, vol. 14, 
p. 95. 

16. G. W. Rathenau and J. F. H. Custers: Philips Res. Rep., 1949, 
vol. 4, p. 241. 

17. M. Sharp and C. G. Dunn: AIJME Trans., 1952, vol. 194, p. 42. 

18. G. Wassermann: Z; Metallkunde, 1936, vol. 28, p. 266. 


axes, e.g. <110> and <112>. It is evident that many 
of the orientation relationships observed in annealed 
fec metals may at least be rationalized in terms of 
the coincidence site model. C. G. Dunn’® has also 
pointed out that 26 1/2 deg and 31 deg rotations about 
<110> correspond to a coincidence site model in 

the bcc case, and that these are similar to the 30 

deg about <110> relationship often observed in 
annealed silicon-iron. The Kronberg-Wilson model 
appears to be a promising starting point for any 
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detailed elucidation in atomic terms of the remark- 
able orientation relationships observed in annealed 
metals. 


SUMMARY 


The principal findings of this investigation may be 
summarized as follows. Under the experimental 
conditions used, it is necessary to have an impurity 
present in solid solution in the zone refined lead in 
order to obtain the development of preferred orien- 
tation. The impurity must be a suitable one and it 
must be present in a concentration which lies ina 
certain range. In all cases where preferred orienta- 
tions appear, the boundary separating the crystals 
which are in special orientation relationship shows 
a much higher migration rate than other high-angle 
boundaries under the same conditions. These find- 
ings have revealed a new mechanism which may be 
important in the development of annealing textures 
in metals. 
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Directional Freezing of Magnesium Alloys 


Directional freezing experiments on dilute magnesium alloys 
are described. Effective distribution coefficients have been de- 
termined for binary and polynary magnesium alloys containing Al, 
Cu, Ni, Pb, Sn, and Zn. At slow rates of solidification, the calcu- 


lated coefficients are independent of freezing rate. Application of 


A. S. Yue 


the effective distribution coefficient to calculate the solidus in a 


dilute system is given. 


PFANN! has shown that when a cylinder of molten 


binary alloy freezes directionally, the solute distri- 
bution can be described analytically by 


[1] 


in which Cy, is the solute concentration in the solid at 
the point where a fraction g of the original liquid has 
frozen and C, is the initial solute concentration. The 
term R is the effective distribution coefficient of the 
solute and is defined as the ratio C,/C, where C, 

is the solute concentration in the main body of the 
liquid. Both the slope and the intercept at —log (1- g) 
= 0 of a logarithmic plot of Eq. [1] provide a measure 
of k. 

Under conditions of freezing where diffusion in the 
solid is negligible and the solute concentration in the 
liquid is uniform, the effective distribution coef- © 
ficient k, derived as above, is equal to the equi- 
librium distribution coefficient taken from the phase 
diagram. However, under ordinary freezing condi- 
tions, even though solid-state diffusion is negligible, 
the solute rejected from the freezing solid does not 
have sufficient time to diffuse uniformly throughout 
the main body of the liquid. A concentration gradient 
is formed in a boundary layer in front of the advanc- 
ing solid-liquid interface as pointed out by Rutter and 
Chalmers.” Thus, under these conditions, the con- 
centration of the freezing liquid in the boundary layer 
is higher than that predicted from the equilibrium 
phase diagram and consequently the effective distri- 
bution coefficient k, obtained from directional freez- 
ing experiments, is larger than the equilibrium dis- 
tribution coefficient. The symbol k will designate the 
effective distribution coefficient in the discussion 
which follows. 

In this paper, the determination of the effective 
distribution coefficient is demonstrated for several 
dilute binary alloys and a polynary magnesium alloy. 
The effect of freezing rate on the value of the de- 
rived & is presented in detail. An example for the 
calculation of the solidus in a dilute binary solution 
using the experimentally determined effective dis- 
tribution coefficient is given. 


Cz 
=k (1 - g)*} 


MATERIALS STUDIED 


Binary magnesium alloys of copper, nickel, and 
zine containing approximately 0.10 wt pct solute and 
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a polynary alloy containing approximately 0.10 wt 
pct each of several elements were selected for study. 
The spectrographic analyses of these alloys are 
given in Table I. The analyses are believed accurate 
to within +5 pct of the stated value. 


EXPERIMENTAL PROCEDURE 


Extruded rods of the alloys, 3/8 in. in diam and 11 
in. long were used for directional freezing studies. 
The alloy rods were melted horizontally in a high- 
purity graphite boat by a Nichrome-wound tube fur- 
nace which moved parallel to the length of the rod. 
The boat was supported inside a Vycor tube suitably 
connected to provide a protective atmosphere of dry 
SO2. 

For an experimental run, the following procedure 
was used. The alloy rod was cleaned in dilute HNO, 
and dried. The graphite boat containing the alloy rod 
was placed within the Vycor tube and the tube con- 
nected to the gas train. The system was purged for 
20 min with dry argon and then a flow of dried SO, 
was maintained for the duration of the run. The 
movable furnace was positioned and either all or a 
desired portion of the alloy rod was melted. After 
attainment of steady-state temperature gradients 
the molten bar was solidified from one end to the 
other at a controlled rate by pulling the furnace along 
the length of the bar at the desired speed. At the 
conclusion of the run, the directionally frozen alloy 
rod was analyzed spectrographically at 1 1/4-in. 
intervals. 
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Fig. 1—Relative copper concentration as a function of the 
fraction solidified, 
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Fig. 2—Relative copper concentration in a Mg-0.10 wt pct 
Cu binary alloy for various freezing rates. 


If the entire rod was molten prior to the direc- 
tional freezing, the solute concentration in the first 
portion of the rod to freeze was disproportionately 
high as shown by curve 1 in Fig. 1. Similar U-shaped 
distributions have been obtained by other investi- 
gators.°?* However, if the first portion of the rod was 
not melted, and the remainder was directionally 
frozen away from the unmelted portion, the solute 
distribution takes the form predicted theoretically as 
shown by curve 2 in Fig. 1. It appears that with com- 
plete melting, random nucleation occurs in the initial 
portion of the melt, resulting in entrapment of the 
solute during the ensuing rapid freezing. With the 
introduction of a solid-liquid interface, complications 
from random nucleation are avoided. Accordingly the 
first 1/4 of the length of the bar was not melted so 
that a solid-liquid interface was present at the onset 
of directional freezing. 


RESULTS AND DISCUSSION 


The experimental results are presented in detail 
for the Mg-0.10 wt pct Cu alloy and in summary for 
the other alloys. The copper distribution after di- 
rectional freezing of the Mg-Cu alloy at various 
freezing rates is shown in Fig. 2. At freezing rates 
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Fig. 4—Variation of the effective distribution coefficient 
for copper in the polynary and binary magnesium alloys 
with freezing rate. 
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Fig. 3—Logarithmic plot of the directional freezing equa- 
tion for copper in a binary magnesium alloy. 


above 0.91 in. per hr, the copper distribution in the 
freezing solid was markedly dependent on the freez- 
ing rate; at and below 0.91 in. per hr, the copper 
distribution was independent of the freezing rate. 
Apparently at freezing rates above 0.91 in. per hr, 
the copper concentration in the liquid adjacent to 
the solid-liquid interface increased as the freezing 
rate increased. At and below 0.91 in. per hr, the 
change in copper distribution with freezing rate was 
within analytical error and therefore the resulting 
distribution was effectively independent of speed. 
These results indicate that equilibrium freezing 
conditions were closely approached for rates of 
freezing = 0.91 in. per hr. 

The effective distribution coefficients for copper 
in the dilute Mg-Cu alloy were derived by replotting 
the concentration-distance data of Fig. 2 for the first 
60 pct of the length of the bar as —-log C,/Cy against 
— log (1-g) as shown in Fig. 3. Both the slopes of the 
straight lines generated and their intercepts at 
- log (1-g)= 0 provide a measure of k. 

The values of k for copper in both the binary and 
polynary alloys are plotted against the freezing rate 
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Table |. Spectrographic Analysis of Alloys Used for the Directional Freezing Treatment 


Composition, Wt Pct 


Alloy Cu Ca Fe Mn 


Ni 


Pb 


Zn Al 


0.100 
<0.001 


Magnesium-Copper <0.01 0.0019 


<0.001 


<0.001 


Magnesium-Nickel <0.01 <0.001 


Magnesium- Zinc <0.001 <0.001 <0.001 <0.001 


Polynary Magnesium 0.102 0.049 0.030 0.088 


<0.0005 
0.073 

<0.0005 
0.114 


<0.001 

<0.001' 

<0.001 
0.177 


<0.001 
<0,001 
<0.001 

0.054 


0.002 0.001 


0.004 0.002 
0.100 <0.0004 


0.100 0.093 


in Fig. 4. At freezing rates below 0.3 in. per hr, k 
was the same in both alloys. There is a range of 
freezing rates at which equilibrium freezing was = 
closely approached and above which k increased with 
freezing rate for both the binary and polynary alloys. 
The rate at which nonequilibrium freezing occurs 
was lower for the polynary alloy possibly because of 
its high total solute content. 

The effective distribution coefficients were cal- 
culated, as outlined above, for the principal elements 
in the binary and polynary alloys listed in Table I. 
These coefficients are given in Tables II and III. In 
Table III, these values obtained from the polynary 
alloys are compared with those taken from phase 
diagrams and also those calculated from zone melt- 
ing data.° In general, the three sets of coefficients 
are in approximate agreement. 

As noted in the foregoing, the values of the effec- 
tive distribution coefficients, determined from dilute 
binary and polynary alloys at slow freezing rates, 
are practically the same. This agreement suggests 
that in dilute solution the 2 value obtained from the 
binary alloy can be used to establish a solidus sur- 
face in a complex system which cannot be determined 
using any of the conventional methods. However, to 
justify a general conclusion, more experimental ob- 
servations are needed. The good agreement in k 
values in the present investigation may be fortuitous. 

It has been shown that in very dilute magnesium 
alloys, the effective distribution coefficients can be 
determined easily by the directional-freezing tech- 
nique. Also, at low freezing rates these Rk values 
approached those of the equilibrium distribution 
coefficients. Thus, the directional freezing tech- 
nique may be used to determine the equilibrium 
distribution coefficients in binary alloy systems 
where the phase diagram is unknown or inaccurate. 

The directional-freezing technique can be used 
to determine the solidus in alloy systems possess- 
ing limited solid solubility. The solidus of such 
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Fig. 5—Calculated solidus of the partial Mg-Cu phase dia- 
gram. 


systems is usually uncertain because the conven- 
tional methods of determining the solidus—incipient 
melting, thermal analysis, and so forth—do not have 
the requisite sensitivity at dilute concentrations. 
However, the more easily determined liquidus is 
often well established. A reasonably accurate 
solidus can be calculated from the known liquidus 
by means of a series of appropriate equilibrium 
distribution coefficients determined by the direc- 
tional freezing technique. The solidus limits at the 
magnesium-rich end of the Mg-Cu system are not 
well defined® in the literature. Fig. 5 shows the 
solidus curve obtained using the effective distribu- 


Table Il. Effective Distribution Coefficients for Some Elements Segregating in the Directionally Frozen 


Binary Magnesium Alloys at Various Freezing Rates 


Effective Distribution Coefficients 


10 In. 3.10 In 

i 0.16In. 0.32In. 0.37 In. 0.91 In. 1.2 In. 1.43 In. 2 

bce ee per Hr per Hr per Hr per Hr per Hr per Hr per Hr per Hr 
k k 

Elements k k k I k k k 

Nickel = 0.015 = 0.015 0.053 0.13 = = 0.67 

Copper - 0.020 0.020 = 0.020 0.040 - 0.22 0.54 

Zinc 0.14 - 0.14 - 0.14 = 0.020 0.29 - 
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Table Ill. Effective Distribution Coefficients for Some Elements 
Segregating in the Directionally Frozen Polynary Magnesium 
Alloys at Various Freezing Rates 


Freezing 0.10 In. 0.33 In. 0.91In. 3,2In. 

Rates per Hr per Hr perHr  perHr 
Elements ke ke ke ke ke 
Aluminum 0.35 0.39 0.33 0.53 0.75 0.30 
Copper 0.020 0.030 0.048 0.38 0.78 0.018 
Nickel - 0.019 0.015 0.22 0.48 0.004 
Lead 0.19 0.30 0.35 0.48 0.73 0.42 
Tin 0.31 0.39 0.32 0.54 - 0.20 
Zinc 0.15 0.19 0.26 0.40 0.78 0.03 


k? obtained from an equation, log C,/C, = log k + (k-1) log (1-g). 
k® obtained from the zone-melting data. 
k° obtained from the binary phase diagrams. 


tion coefficient determined by the directional-freez- 
ing technique. 


SUMMARY 


The directional-freezing technique is an experi- 
mentally simple method for determining equilibrium 
distribution coefficients and is particularly valuable 


in those dilute alloy systems where equilibrium data 
are not available or not reliable.’-’ Under nonequi- 
librium freezing conditions, the effective distribution 
coefficients, determined by the directional freezing 
technique, decrease with decreasing freezing rate. 
These coefficients approach equilibrium distribution 
coefficients at very low freezing rates and are in 
close agreement with the equilibrium distribution 
coefficients derived from the alloy phase diagram. 
Such agreement indicates that equilibrium conditions 
are closely approached at these slow rates. The ap- 
plication of the distribution coefficient obtained from 
directional freezing experiments to determine 
solidus limits in Mg-Cu binary alloy systems has 
been demonstrated. 
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Some Devices for Quantitative Metallography 


1) A traverse-integrating stage has been constructed for 
making quantitative measurements of the volume fractions of 
phases in a metallographic sample. It utilizes a circular trav- 
erse and a photoelectric device for producing electrical pulses 
proportionate to the length of traverse; these pulses are chan- 
neled by a manual switch and appropriately registered. 2) A 
nomograph has been devised for use in determining phase bound- 
aries in binary systems by quantitative metallography. This 
automatically allows for differences in density of the phases 
and gives linear extrapolation in terms of volume percentages. 
3) For studies of preferred orientation of microscopicaily vis- 
ible features and for collecting statistics on dihedral angles a 
device has been constructed consisting of a rotating eye-piece 
and a switch arm which makes contact with any one of a series 
of contacts, each corresponding to 5 deg, and individually con- 


nected to a bank of count registers. 


Quantitative methods were used to good effect 
in the earliest days of metallography’~* but they 
mysteriously passed into virtual disuse until the 
important paper* by Howard and Cohen in 1947. 
Various devices for the measurements of integrated 
linear intercepts have been constructed, primarily 
by petrographers. The hydraulically operated stage 
designed by the writer® was satisfactory, but pro- 
longed use caused air bubbles to become entrapped, 
which introduced back-lash. A new stage has been 
constructed which avoids this defect and provides 
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better integration when measuring directional struc- 
tures. This utilizes a circular traverse, and inte- 
gration is achieved by counting electrical pulses 
produced by a photocell and a light chopper.* The 


*Light pulses were used in preference to a simple contact-making 
commutator because of the difficulty of getting reproducible and non- 
“chattering” contacts in the latter. 


stage is shown diagramatically in Fig. 1 and in 
photograph, Fig. 2. It is of simple construction. 
Mounted on a plate with clamps to fit the stage of 

a standard metallurgical microscope is a worm and 
100-tooth worm gear, the latter supporting the 
specimen to be measured. The worm is manually 
actuated by a knob which contains inside it three 
spring-loaded rollers which press between a ring 
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PHOTOCELL 
Fig. 1—Drawing of main features of in- 
tegrating stage. N |, _LUCITE DRUM 
3 8 Z WITH 250 SLOTS 
UN 
\ 
“+100 TEETH 
(@) 


and wedge tracks and so permit rotation in only one 
direction. The periphery of the knob is a trans- 
parent lucite disk into which 250 equally spaced 
shallow lines were milled and blackened to form a 
light chopper. Immediately adjacent to this surface 
is a small photocell in a housing containing a slit 

of the same width as the markings. A 12-v light bulb 
focused by a lens on the slit provides illumination. 

The output of the photocell is.amplified and con- 
verted to square-wave pulses in the circuit of Fig. 3. 
The pulses (which correspond in number to the angle 
of rotation of the knob and hence of the specimen) 
are passed to a manual channel-selector switch and 
thence to whichever one of the three count registers 
has been reserved for the constituent being meas- 
ured. Any number of registers can, of course, be 
added for use on complex structures. Before opera- 
tion the stage is first approximately centered under 
the objective of a metallurgical microscope, then 
moved by hand until the center of rotation is dis- 
placed by the desired amount from the optical axis 
and locked in position. This is determined by ob- 
servations on a series of concentric circles ruled 
upon an accurately fitting glass disk inserted in the 
stage. Specimens are mounted on glass slides with 
plasticene in the usual way. 

In making a measurement the knurled knob is 
manually rotated with the right hand while observ- 
ing the structure through the eye-piece. As an area 
of a different phase reaches the intersection of the 
cross hairs, the channel selector switch is moved 
to store the pulses in the appropriate count register. 
Manual operation permits very close observation 
and adjustment at the boundary and fast traverse 
of the intervening space and is greatly to be pre- 
ferred to a continuous motor drive. 

A 360-deg rotation of the sample gives 25,000 
pulses, which, by varying the displacement of the 
stage center, can represent either relatively large 
distances for coarse structures at low magnifica- 
tion or smaller distances with smaller sweep radii 
at high magnifications. 

The circular traverse is used to advantage when 
measuring linear intercepts for grain size deter- 
mination, or for grain boundary area studies.° In 
the present model of the stage the offset of the axis 
and hence the radius of the traversed circle is ad- 
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justed manually: it would be desirable to build fu- 
ture ones with a screw adjustment.* 


*Note added in proof: J. E. Hilliard and J. W. Cahn in an important 
paper abstracted in J. Metals, 1959, vol. 11, p. 586, have shown that 
systematic point counting is preferable to linear analysis in terms of 
the amount of labor needed to attain a given accuracy. The relatively 
complex stage described above is therefore not necessary, but a cir- 
cular traverse is nevertheless recommended for grain size or grain 
boundary area measurements. 


A NOMOGRAPH FOR THE DETERMINATION OF 
PHASE BOUNDARIES IN BINARY SYSTEMS 


One of the most useful applications of quantitative 
metallography is in constitution diagram work. In 
principle it is only necessary to measure the vol- 
ume fraction of one of the phases in each of two 
alloys in a two-phase area in a binary system to 
obtain by linear extrapolation to 0 and 100 pct the 
composition of the phase limits.° If the density of 
either of the terminal phases is unknown, the ex- 
trapolation involves the measurement of more than 
two alloys, for the relationship is linear only on the 


basis of volume composition. In general, however, 
the density of an alloy is an approximately linear 
function of the volume fraction of the elements that 
compose it, regardless of whether the alloy con- 
sists of one or more phases. A simple graphical 


Fig. 2—Photograph of integrating stage mounted on micro- 
scope. The output of the photocell leads to an amplifying 
and registering circuit not shown. 
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Fig. 3—Wiring diagram for trigger and counting circuit. 


method has been devised for volumetric conversion 
and extrapolation, based in part on the graphical 
method for conversion of atomic and weight per- 
centages devised by Olander” and which was pre- 
viously adapted to conversions of volume fractions 
in ternary systems.° 
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The method is illustrated in Fig. 4. On rectangu- 
lar graph paper, percentages of element B in an 
alloy of A and B are plotted as abscissae. The ordi- 
nates are the observed fractions of whatever phase 
is under consideration. On this axis is marked a 
point, 0, conveniently at 100 pct, although it may be 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


S282 
REGISTER | | 
¥ 
— 
Tr 
| 
| 


B 


0 
| 
| 
| 
| 
[eal 
| 
| | 
| 
a 
| | 
| 
| 
| | 
| 
Voy | | 
Pe 
| f, Cen} B b | 
| 
A 
a,a a b B 


Wt. Per Cent B 


Fig. 4—Nomograph for quantitative metallography in binary 
systems. 


anywhere on this axis or its extension. Also on this 
axis is marked the point A’, located so that 0A’/0A = 
Py if Pp where p, and pp represent the densities of 
components A and B respectively. Draw the straight 
line A’B. Then a line drawn from point 0 to any 
point on the composition axis, for example point a, 
will intersect AB at a point, a’, such that 

A'a' Aa OA 
ratio by weight of elements B and A, A’a'/a'B is the 
ratio by volume of B to A in the alloy. Since AB = 
Aa + aB and A'B = A'a'+a'B, the weight and volume 
fractions are Aa/AB and A'a'/A'B, respectively. 
These may both be read from the abscissae of the 
graph paper on the scale AB, for the second ratio 

is unchanged by projection. The volume fraction 
thus obtained is now used as abscissa for plotting 
point f,, the ordinate of which is the measured vol- 
ume fraction of the 8 phase in the alloy a. A simi- 
lar operation is done for another alloy of composi- 
tion b giving point fz. A straight line joining /, and 
fz2and extrapolated will intersect the volume-frac- 
tion ordinates of 0 and 100 pct at points a, and B, 
which are the desired compositions of the phases. 
Transferring these to the volume percent line by 
vertical translation gives points a’ and B’ which are 
converted to weight percentages a and f respectively 
by drawing lines joining them to point 0 and extend- 
ing to intersect the axis AB. If results are desired 
in terms of atomic percentages, they are obtained 
by drawing a line similar to A’B from B to a point 
A" (not shown in Fig. 4) located so that 0A’’/0A = 

W, /Wp where W, and Wz are the atomic weights of 
elements A and B. The method can be adapted to 
ternary systems by using projections of the volume 
fractions and compositions on the sides of the com- 
position triangle, as is done in the case of atomic 
and weight percentages in ternary systems.” 
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Since Aa/aB corresponds to the © 


Fig. 5—Photograph of eyepiece attachment for angle meas- 
urements. The wires lead to thirty-seven separate electri- 
cal count registers which are not shown. 


For greater graphical accuracy the method may 
be used for only part of the whole composition range 
between A and B, and if the experimental densities 
of any alloys in the vicinity are known, they should 
be used in preference to the densities of the ele- 
ments. In place of elementary densities, the cubes 
of the atomic radii for the coordination number ap- 
propriate to the phases in question may also be used. 

Messrs. D. L. Douglass and R. E. Morgan* have 


*Private communication, August 1958. The writer is very grateful to 
Messrs. Douglass and Morgan for making available a copy of their manu- 
script in advance of publication, for it provided the stimulus that re- 
sulted in the development of this monograph. This paper has been pub- 
lished in AJME Trans., 1959, vol. 215, pp. 869-70. 
called attention to the fact that if one phase in a two- 
phase alloy is known to be a compound of constant 
composition and density, measurements on a single 
alloy are, in principle, adequate to compute the com- 
position of the other phase, provided that its density 


does not change with composition or that the density 


is found by successive approximations which can be 
done using Vegard’s Law. The present method, 
using volumetric fractions and volumetric composi- 
tions automatically compensates for the density of 
the solid solution. 

The advantages and limitations of quantitative 
metallography are discussed in the papers referred 
to above. It should be emphasized that, while the 
method is admirable for structures which are read- 
ily resolved under the microscope, it is of little 
value for samples in which one of the phases is very 
finely dispersed or in which for any reason there is 
uncertainty as to the spatial extent of the particles 
of each phase in an effectively random and truly 
two-dimensional section. 


AN INTEGRATING EYEPIECE FOR STATISTICAL 
ANGLE MEASUREMENTS 


In studies of preferred orientation it is sometimes 
desirable to determine the frequency with which a 
given metallographic feature occurs at various 
angles to a reference direction. Dihedral angle 
statistics are needed in studies of interface en- 
ergies. These data can be obtained by aligning the 
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specimen against a cross-hair and noting the angle 
on a stage or eyepiece protractor, but if large num- 
bers of such angles are needed automatic recording 
is preferable. 

The arrangement shown in Fig. 5 has been found 
convenient to record the number of observable 
features that fall within any 5-deg angle block. The 
eyepiece contains at its focal plane a grid of fine 
parallel lines which can be aligned with the desired 
feature in the structure. The whole eyepiece can be 
rotated by a radial arm bearing a contact strip and 
a microswitch at its end. The arm contains a flat 
spring, and when it is depressed, the contact strip 
touches one of a series of thirty-eight silver con- 
tacts near the circumference of a lucite disk at- 
tached to the microscope body: these contacts are 
connected individually to a bank of thirty-six elec- 
trically operated count registers. On further de- 
pression the microswitch is closed and actuates the 
selected counter. To avoid uncertain or double 
readings at the point of transition from one angle 
block to another, finely pointed pegs made of 
hardened steel are mounted at exactly 5 deg inter- 
vals and serve to deflect a hardened knife edge on 
the switch arm if it falls near the transition point. 
To allow for error in estimating the limits of 
movement at 0 and 180 deg, additional contacts are 
placed at — 5, 0, and 185 deg with proper cross 
connections to the 175, 180, and 5 deg contacts, 
respectively. The total number of counts is re- 
corded in a separate register. 

For directionality studies the zero is set visu- 
ally by adjusting the eyepiece to the correct ref- 
erence direction in the specimen. When it is de- 
sired to collect data on dihedral angles regardless 


Activity of Carbon in lron-Nickel Alloys at IOO0O°C 


The carbon content of ten iron-nickel alloys ranging initially 
from purified iron to purified nickel was determined at four fixed 
activities of carbon by equilibration with each of four CO-CO>2 
atmospheres at 1000°C. At a fixed activity of carbon, the carbon 
content decreases with increasing nickel content to about 72 pct 
Ni, then increases to 100 pct Ni. This minimum solubility cor- 
responding to a maximum activity coefficient clearly cannot be 
explained in terms of simple ‘‘pseudo-chemical’’ theory and 
serves to emphasize the lack of any adequate theory of metallic 


solutions. 


Tue carbon content of iron-silicon and of iron- 
manganese alloys at fixed activities of carbon has 
been reported previously.’ It seemed desirable to 
investigate a system which allows a more extended 
range of alloy composition within a single phase 
region. The iron-nickel system is ideal in this re- 
spect, in that all alloys from 100 pct Fe to 100 pct 


Ni are face centered cubic (‘‘austenitic’’) at 1000°C. 
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of their spatial direction, the clamp securing the 
radial arm to the eyepiece is slightly loosened and, 
with the arm held against a stop corresponding to | 
0 deg, the eyepiece is rotated until the grid lines 
coincide with one side of the angle to be measured. 
The arm is then turned to turn the eyepiece, until 
the other arm of the angle is aligned, whereupon the 
switch arm is depressed to record the angle. 
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EXPERIMENTAL PROCEDURE 


previously described.’’? The alloys, in the form of 
pieces about 2 by 2 by 0.2 cm thick, together with a 
similar specimen of pure iron, were equilibrated 
with each of a series carbon monoxide-carbon 

dioxide mixtures of fixed composition, quenched in 
the carburizing gas in the top of the furnace and then 
analyzed for carbon. The carbon content of samples 
containing more than 0.3 wt pct C was determined by 
the usual combustion method; those with less carbon | 
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The experimental procedure was similar to that 
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WEIGHT % CARBON 
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INITIAL WEIGHT % NICKEL 


Fig. 1—Isoactivity curves for carbon, Fe-Ni-C system, 
1000°C. Dashed line corresponds to equilibrium vie 
graphite. 


were analyzed with a Leco conductometric apparatus. 

The carbon activity was derived from the carbon 

content of the pure iron and published equilibrium 

data.” The furnace temperature was 1000 + 2°C. The 

iron-nickel alloys* were furnished by the Research 
*Analysis: C, 0.2-0.4; Mn, 0.17-0.20; Si, 0.04-0.08; P, < 0.01; S, 

< 0.03; Co, < 0.02; Ni, as given in Table I. 


Laboratory, International Nickel Co. Bayonne, N. J. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The experimental results are given in Table I. 
The activity of carbon, a2, (standard state such that 
the activity coefficient of carbon approaches unity as 


% Ni 


1.2 61.1% Ni 


99.4 % Ni 


w 


0.8 40.7 % Ni 


26.75 % Ni 


LOG [az (N; + N3)/ No] 


15.46 % Ni 


8.11 % Ni ral 


3.98 % Ni— 


ie} 
ie} 0.01 0.02 0.03 0.04 0.05 0.06 0.07 
ATOM RATIO OF CARBON TO IRON PLUS NICKEL 


Fig. 2—The activity coefficient of carbon for Fe-Ni-C 
alloys of constant atom ratio of iron to nickel. The value 
by each line indicates the initial wt pct Ni. 


the atom fraction of carbon, N,, approaches zero in 
the Fe-C binary alloy) is derived from the carbon 
content of the iron and published data? for equi- 
librium of pure iron carbon alloys with CO-CO, 
mixtures, 7.é. 

log y = log [(@2) N,/N, | = 3.37 N,/(N, +N.) [1] 


where jy is the activity coefficient of carbon in a 


Table |. The Equilibrium Carbon Content of Iron-Nickel Carbon Alloys at Various Carbon Activities 


Initial Wt Pct Ni 0 3.98 8.11 15.46 26.75 40.7 61.1 79.5 99.4 99.9 
Activity of* Carbon Wt Eee Cc 
0.0138 0.270 0.24 0.20 0.15 0.10 0.052 0.021 0.016 0.029 
0.0352 0.605 0.53 0.46 0.35 0.22 0.12 0.055 0.044 0.068 
0.0676 1.000 0.90 0.80 0.60 0.39 0.21 0.10 0.078 0.13 
0.115 1.400 122 1.10 0.85 0.61 0.31 0.14 0.12 0.20 0.21 
0.141** 1.500 (1.32) (1. 15) (0.88) (0.58) (0.32) (0.145) (0.125) (0.21) 


*Standard state such that the activity equals the atom ratio of carbon to iron in the binary alloy at infinite dilution of carbon in fron. 


**Equilibrium with graphite. 
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L0G [a2(N, +N3)/No] AT INFINITE DILUTION WITH RESPECT TO CARBON 


oF 
ATOM PERCENT NICKEL 


Fig. 3—The activity coefficient of carbon at infinite dilu- 
tion in iron-nickel alloys as a function of nickel content. 


pure iron-carbon alloy; N, and Nz are the atom 
fraction of iron and carbon, respectively. The carbon 
content vs initial wt pet Ni, for several carbon activ- 
ities, is plotted in Fig. 1. The dashed lines gives the 
carbon content corresponding to equilibrium with 
graphite, obtained by a short extrapolation of activity 
vs carbon content curves for fixed atom ratios of 
nickel to iron, to the activity corresponding to that 
for equilibrium with graphite, z.e., (activity of car- 
bon at 1000°C in a pure iron-carbon alloy containing 
1.50 wt pect C). Each curve shows a minimum at ap- 
proximately 72 wt pct Ni. The solubility of graphite 
in liquid iron-nickel alloys® shows a similar mini- 
mum. 

One would expect a relation similar to Eq. [1] to 
hold for each iron-nickel alloy with constant atom 
ratio of iron to nickel, z.e., for N,/N3 = constant 


I + log [a2 (N, + N3)/No | =A N,/(N, + N3) [2] 


where N,/(N, + N,) is the atom ratio of carbon to 

iron plus nickel. The constant, J, is added since the 
activity of carbon, a,, is relative to an infinitely 
dilute solution of carbon in pure iron. A plot of the 
logarithm of the activity coefficient, log [a.(N, + N5)/ 
Nz], vs the atom ratio of carbon to iron plus nickel 
for each alloy is shown in Fig. 2. Such a plot is very 
sensitive to small experimental errors; the solid 
lines of Fig. 2 are drawn to be consistent with those 
of Fig. 1. 
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A plot of the logarithm of the activity coefficient of 
carbon at infinite dilution (with respect to carbon) 
vs the at. pct Ni is shown in Fig. 3. The activity co- 
efficient of carbon increases with increasing nickel - 
to about 72 pct Ni, then decreases slightly for com- 
positions to 100 pct Ni. In the iron-nickel system, 
there is a maximum in the Curie point (64 to 68 wt 
pct Ni, 612°C) and a maximum in temperature of the 
order-disorder transformation (about 73 wt pct Ni, 
503°C).* It was initially believed that the tempera- 
ture of this investigation was sufficiently above these 
that ordering and magnetic effects would be absent. 
However, the present results, along with the pres- 
ence of a shallow minimum in the liquidus-solidus 
(about 68 wt pct Ni, 1436°C), might be interpreted as 
indicating a correlation between all these phenomena, 
since they all occur at nearly the same composition. 

The usual nearest neighbor type of solution theory 
cannot explain these results, since on this basis, if 
the addition of nickel to iron lowers the carbon con- 
tent at fixed carbon activity, the addition of iron to 
nickel would raise the carbon content at fixed carbon 
activity. A modified theory (by J. C. M. Li) including 
possible interactions between iron and nickel atoms 
around carbon atoms indicates that this interaction 
energy would have to change with composition to 
satisfy the data; hence the difficulty is not alleviated. 
It seems doubtful at this stage that any simple 
pseudo-chemical argument can explain the observed 
behavior. 
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A Texture Study in Silicon Iron 


A 3-min anneal at 800°C produced the primary vecrystalliza- 
tion texture in 3 pct cold-rolled silicon-iron strip. The texture is 
described in terms of four (112)[681]- and two (111)[112]-type 
components. Further annealing ina salt bath at 1260°C produced 
a special annealing texture; whereas, the usual kind of secondary 
annealing, involving a slow temperature rise to between 900° and 
1000°C, produces a strong (110)[001] texture. The special anneal- 
ing texture, based on a sample of 325 grains, consists of a mod- 


erately strong (304)[010] component and two weak (111)[110] com- 


P. K. Koh 


ponents. Differences between the present primary recrystallization 


texture and the texture reported in the literature are discussed. 


Tue primary recrystallization texture in cold- 
rolled silicon iron, which is the matrix texture for 
developing the Goss texture or the cube-on-edge 
texture by secondary recrystallization at temper- 
atures near 900°C,” has not been adequately 
described. Thus from the present available infor- 
mation, it is not possible to explain satisfactorily 
both the grain-growth selectivity of the matrix and 
the often observed magnetic torque curve, which 
itself provides some information on the texture. 
Also lacking is information on the special anneal- 
ing texture that develops in this material when the 
annealing temperature is 1200°C or higher and the 
rate of rise to temperature is extremely rapid. 

From the work of May and Turnbull® and from 
unpublished work, it was known that isothermal an- 
nealing near 1200°C tends to reduce the extent of 
secondary recrystallization and that a much weaker 
cube-on-edge texture results if appreciable normal 
grain growth replaces secondary recrystallization. 
Koh and Dunn®’” have obtained additional informa- 
tion on complex primary recrystallization textures 
from further studies made after normal grain 
growth. In these instances the initial textures were 
retained during normal grain growth. A similar re- 
sult reasonably could be expected in the present 
study except for the presence of a grain growth 
inhibitor’ ”®”®™ and its tendency to allow only a 
few grains to grow. However, any information on 
the orientations of grains in the special annealing 
texture, even if far from representative of the ini- 
tial matrix texture, would provide useful informa- 
tion on the nature of the matrix texture. 

In the present texture study the method of Newkirk 
and Bruce,*° which is based-on the methods of 
Geisler’ and Schwartz,” is used to obtain a complete 
{110} pole figure of the primary recrystallization 
texture. The high-temperature annealing texture is 
determined simply from the orientations of a large 
number of selected grains. 

The kinetic nature of the process that produces 
the annealing texture is treated elsewhere’ and it 
is shown that a form of secondary recrystallization 
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with a very high rate of nucleation occurs during 
rapid annealing at high temperatures. 


EXPERIMENTAL PROCEDURE 


Commercial 0.014-in. cold-rolled silicon iron 
strip (3.16 wt pct Si), prepared by two stages of 
cold rolling with an intermediate short anneal, was 
given a decarburizing 3-min anneal at 800°C. Me- 
tallographic studiés indicated complete recrys- 
tallization. Short-time anneals at 900°C and at 
higher temperatures proved that secondary recrys- 
tallization had not begun at 800°C, in fact, the short 
additional anneals were still in the induction period 
of secondary recrystallization. A rapid rise to an 
annealing temperature of 1260°C (2300°F) was ob- 
tained in a BaClz and NaCl fused salt bath. The 
structures that resulted from anneals in the range 
12- to 1000-sec duration were relatively fine- 
grained, even though the growth was a form of ex- 
aggerated grain growth’® or secondary recrystalli- 
zation with a high nucleation frequency.” 

Many of the grains were large enough for an 


X-ray study using a 5-mil X-ray beam. A trans- 


mission Laue Camera and an optical-mechanical 
stage for moving the grains into the X-ray beam 
were used. A total of 325 grains were X-rayed in 
this manner and the grain orientations determined. 

Complete {110} pole figures were obtained for the 
primary recrystallization texture using CoKa radi- 
ation at 30 kv in the back-reflection range, such as 
{220} for {110} poles, as described recently by New- 
kirk and Bruce.*° The low voltage serves to reduce 
the spurious white radiation to a minimum. A filter 
of 0.001-inch iron foil was located in front of the 
detector slit for transmission and in front of the 
beam slit for back reflection. A new and improved 
specimen holder extended the useful tilting angle 
range for transmission to 70 deg instead of 60 deg 
as previously reported." 

A torque magnetometer was used to obtain the 
magnetic torque curves for a number of 1-in. diam 
disk specimens. 


RESULTS 


The {110} pole figure of the material after re- 
crystallization at 800°C is shown in Fig. 1. The po- 
sitions of the pole concentrations are found to be 
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Fig. 1—The {110} pole density figure after primary re- 
crystallization at 800° C. Solid and open circles and solid 
and open squares locate the {110} poles of four (112)[681] - 
type components. Solid and open triangles locate {110} 
poles of two (111)[112] type components. 


represented by four orientations of the (112)[681] 
type and two orientations of the (111)[112] type as 
indicated. The {110} poles of these orientations also 
fall along the periphery of the low density areas and 
account for these low pole-density areas reasonably 
well. 


idea! (110) [001] 


Fig. 3—Quantitative {100} pole figure for data of Fig. 2 
(symmetrized). 
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Fig. 2—Stereogram of {100} poles of 325 grains after an- 
nealing at 1260°C. 


Fig. 2 gives the plot of the cube poles of the 325 
grains studied after annealing at 1260°C. 

Fig. 3 gives the quantitative {100} pole figure ob- 
tained from the data shown in Fig. 2. The method 
reported by Dunn,** which is summarized in Eq.[1], 
was used to calculate the {100} pole densities. Thus 


P = AN/4x3N(1 — cos @) [1] 


where P is the pole density in times random units, 
AN is the number of poles within a circle of ra- 
dius 9, and N is the total number of orientations. 
The factor of 3 enters the equation since every ori- 
entation has three {100} poles, but the factor of 4 
only comes in if each orientation is increased to 
four to insure a symmetrical pole figure.** No basis 
was available for introducing a correction to Eq.[1] 
due to variation in size of grains. The pole figure 
shows a concentration of {100} poles in the rolling 
direction and presumably the associated pole con- 
centrations are slightly displaced from an ideal 
(100)[001] orientation. The main components there- 
fore should be near a (110)[001] orientation. 

The directions in each crystal that were parallel 
to the rolling direction and the normal direction, 
respectively, were found from the orientation data. 
Results are shown in Fig. 4. 

Fig. 5 gives the axis density figures that were ob- 
tained from Fig. 4. The procedure uses the defini- 
tion of axis density given by Jetter, McHarque, and 
Williams”*® but adapted to individual orientation 
data:**. Thus, 


T = AN/24N(1— cos @) [2] 


where T is the average axis density in a circular 
area of radius 6, AN is the number of points within 
the circle, and N is the total number of points or 
grains plotted. As in Eq. [1], there is no grain size 
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Fig. 4—Axis directions of 325 grains after annealing at 1260°C. (2) Normal direetion (N.D.) (6) Rolling direction (R.D.) 
correction. In Fig. 5(a) for the normal direction The torque curve for the initial or primary re- 
there is a peak concentration for the <304> direc- crystallization material was similar to that of a 
tion. Minimum values occur near the <323> and (110)[001] single crystal but with Ys the amplitude.** 
<114> directions. There is evidence for a weak 
concentration spread between <335> and <111>. DISCUSSION 
088 tation of the torque curve illustrates several points 
S01 SP about the primary recrystallization texture. The 
may therefore be described as mainly two (304) first point is that the texture cannot be a random 

010]|-type components with some weak components 
between (335)[110] and (111)[110]. I 
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Fig. 5—Quantitative axis density figures for data of Fig. 4, (2) Normal direction (N.D.) (6) Rolling direction (R.D.) 
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texture. The second point, based on the analytical 
method of Akulov and Bruchatov,”° is that the tex- 
ture is equivalent to 20 pct (110)[001] and 80 pct 
random since such a texture would give rise to a 
measured torque curve of the correct shape with 
an amplitude of 7/; the (110) single crystal curve. 
A more realistic evaluation would increase the 
(110)[001] component to about 25 pct (to allow for 
a spread in the orientation within this component) 
and decrease the random part to 75 pct. Such a 
texture would have {100} pole-concentration peaks 
of pole density near 6.0, in times random units, : 
or {110} pole-density peaks of about 3.4.* Fig. 1 
*6.0 = 5.25 + 0.75, the 0.75 being the random contribution and 3.4 
= 5.25/2 + 0.75, the factor 2 enters because there are six {110} poles 
and three {100} poles. 
shows, however, that the density of {110} poles in 
the central area of the pole figure does not rise to 
values near 3.4 but instead decreases to values near 
0.3. This is a large difference—it means that a 
(110)[001] component plus the remainder random is 
not the texture here.* The actual {110} pole concen- 


*Detert”! also reports no evidence for a clearly defined (110) [001] 
component in good material recrystallized at temperatures as high as 
850°C. 
trations in Fig. 1, of course, show a different tex- 
ture. The third point follows from the nature of 
torque dependence on orientation, namely, it takes 
large amounts of non-(110)[001] orientations to 
duplicate the torque produced by a given amount of 
(110)[001]. Thus, whatever the components in the 


texture are their volume fraction must be greater 
than 25 pct. This means that further departure 
from a random texture is required if the torque 
curve is to be accounted for. 

The (111)[112] components that were listed in the 
analysis of Fig. 1 are expected to produce negligible 
torque effects. Also, the four (112)[681]-type com- 
ponents would produce a torque curve of the wrong 
shape. Therefore, assuming the analysis of the pole 
figure is correct, the only explanation left to ac- 
count for the torque is that widely scattered, but not 
random, orientations contribute a substantial amount 
to the torque. Evidence of this kind has been found 
for another texture.*® 

The amount of (110)[001] in the present texture is 
uncertain, but the maximum amount possible could 
be more than the amount in a random sample. From 
the 0.3 pole density in the central area a calculation 
shows that 2.7 pct of the sample has (110) poles 
within 10 deg of the normal direction, so the maxi- 
mum possible amount of material within 10 deg of 
(110)[001] is 2.7 pct. The fraction of a random 
sample within 10 deg of the (110)[001] orientation 
is 1.4 (10/57.3)°, and this is 0.7 pct*® or roughly 
/, the above value of 2.7 pct. 

The present texture appears to be somewhat dif- 
ferent from those reported by Brown,°* Fiedler ,* 
and May and Turnbull.° Brown found almost a ran- 
dom texture from material prepared by two stages 
of cold rolling. Fiedler described the texture also 
as weak, but with a (110)[001] component plus the 
remainder random. May and Turnbull found (111) 
[110]-type components in addition to a (110)[001] 
component. The present texture is also somewhat 
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different from a texture that was obtained for one 
of the authors (C.G. Dunn) by Decker and Harker 
using only a back-reflection method—this texture 


consisted of widely spread out (113)[110] components. 


and little near the (110)[001] orientation, since the 
{110} pole density normal to the sheet was close to 
zero.” It seems likely that none of the textures can 
be described in a simple way. Perhaps, the prepa- 
ration of axis-density figures or inverse pole figures 
as described by Jetter ef al.’® would resolve more 
satisfactorily these and the present type of texture. 
Confirmation of superior resolution from axis- 
density figures than from pole figures has been re- 
ported recently.** Probably, also helpful in under- 
standing the texture would be a {200} pole figure 
obtained with monochromated X-rays as described 
by Moller and Stablein.””” Spurious areas other- 
wise due to white radiation are thus eliminated. 

Special Annealing Texture—The special annealing 
texture, which consistsof (304)[010]-type compo- 
nents, which approximate a spread out (110)[001] 
texture,** plus small amounts of other components 
between (335)[110] and (111)[110], is clearly dif- 
ferent from the initial or primary recrystallization 
texture. If the data for the final orientations are 
used, further information about the special anneal- 
ing texture is readily obtained. Table I gives re- 
sults for a number of selected orientations. 

The present annealing texture gives information 
about the primary recrystallization texture if 
growth of grains already present is the only factor 
determining the annealing texture. The manner of 
growth varies according to the temperature depend- 
ency of both grain growth inhibitor’ and growth 
selectivity. A simple picture, based on growth 
selectivity being dependent on an activation energy, 
would predict less growth selectivity at high an- 
nealing temperatures than at low annealing tem- 
peratures. If this is true along with a reduction in 
effectiveness of the grain growth inhibitor, then 
high-temperature annealing should show a wider 
range of orientations than low-temperature anneal- 
ing. A wide range in orientation was found.**? 
Preference for the start of growth of certain ori- 
entations (oriented nucleation) at high-temperature 
annealing may be expected in a way similar to 
preference for growth of (110)[001] grains at lower- 
temperature annealing.” The latter orientations 
might also be preferred at the higher temperature, 
but lack of enough nuclei could easily lead to a 
displacement of the texture from (110)[001]. For 
example, the {110} pole-density distribution, which 
increases with angle from the normal direction in 
Fig. 1, is consistent with a larger fraction of 
(304)[010] orientations than of (110)[001] orienta- 
tions in the primary recrystallization texture. It 


thus perhaps indicates the presence of more nuclei 
of the former orientation. On the other hand growth 
selectivity, if it is a factor, might lead to a decrease 
in the strongest components of the primary recrys- 
tallization texture. Table I shows that such orienta- 
tions as (112)[681] and (111)[112], which are con- 
sidered to be the strong components in the primary 
recrystallization texture, are present also in the an- 
nealing texture but not as components with peak axis 
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concentrations, see Fig. 5. These orientations may 
easily comprise a smalle- fraction of the annealing 
texture (3 pct for the 10 deg range) than they do in 
the primary recrystallization texture (20 pet maxi- 
mum for the 10 deg range). 

Although Figs. 5(a) and 5(b) are consistent with 
the presence of some cube orientations, Table I 
shows that 1.2 pct is present within the 10 deg range. 
A similar amount of (111)[110] is also present. 
There are other orientations also, but those given 
A the table seemed more important for a partial 
ist. 

The Matrix Texture and Growth Selectivity—The 
matrix texture is the texture after primary recrys- 
tallization. Whenever data have been obtained on the 
variation of rate of growth of large grains with 
orientation (referred to rolling plane and rolling 
direction) in fine-grained silicon iron, similar to 


and including the present material,’’®"’** the results 


*The rate-of-growth data, Ref. 5, was for the matrix material 
having (113) [110]-type components as the strongest components of 
the texture, Ref. 20. 


have been similar; z.e., grains in the (110)[001] 
orientation grow at the highest rate. The lower 
rates of growth for such orientations as (120)[001] 
or (110)[112] and the failure in the growth of single 
crystals as far away as (100)[001] or (111)[112] have 
generally been thought of in connection with the 
matrix texture; 7.e., a growth selectivity phenom- 
enon.’ As mentioned in the introduction, the matrix 
texture has never been described well enough to 
determine whether or not the texture alone could 
be responsible for the growth behavior. 

A few comments may be made on the present 
growth of (100)[ 001] and (111)[112] grains at 1260°C. 
The grains were small and therefore could have 
grown in regions having a different texture from 
the average of the matrix. This growth could be 
different from the growth of large grains or of a 
single crystal at lower temperatures. In several 
centimeters or inches of growth, a single crystal 
probably reacts according to the average texture. 

About all that can be said from the present study 
of the matrix texture is that the annealing textures 
for both low-** and high-temperature annealing are 
different from the strongest components of the 
matrix texture. This means that the grains which 
grew are among the kind that can be described as 
being, to a certain extent, in deviating orientations 
to the main matrix components. Other orientations, 
such as (100)[001], should also qualify as being in 
deviating orientation. At present there is no satis- 
factory explanation for the growth selectivity pref- 
erence for (110)[001] grains. 


CONCLUSIONS 


1) The primary recrystallization texture, or ma- 
trix texture for secondary recrystallization to 
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Table |. Percent of Sample Within 10 Deg of a Number of Selected 
Orientations After Annealing at 1260°C 


(304)[010] (100)(001] (112)[110] (112)(681] (111)[110] (111)(112] 


145.1 1.2 0.3 15 1.2 1.5 


(110)[001], produced {110} pole concentrations con- 
sistent with four (112)[681]-type components and 
two (111)[112]-type components, but no pole con- 
centration for a (110)[001] component (only nonzero ~ 
densities). 

2) The special annealing texture after rapid salt- 
bath annealing to 1260°C contained two (304)[010]- 


~ type components, or a spread out (110)[001] compo- 


nent, and some weaker components spread between 
(335)[010] and (111)[110]. Also present were such 
orientations as (100)[001], (112)[110], (112)[681], 
(111)[112], and others in a wide range of orienta- 
tions. This high-temperature annealing texture, 
although including (101)[010] orientations as part 
of the (304)[010] component, is significantly differ- 
ent from the lower annealing texture,’ which re- 
sults in a strong (110)[001] texture by secondary 
recrystallization. 
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Thermodynamic Properties of the System 


Pb-S-O to 1100°K 


Five univariant equilibria in the system Pb-S-O were de- 
termined by measurement of the equilibrium pressure of SOz in 
the temperature yrange 800° to 1100°K. Thermochemical relations 
were employed to calculate three additional univariant equilibria, 
and to construct a consistent thermodynamic phase diagram for 
the system. The heat and free energy of formation of the com- 


pounds PbSO,* PbO, PbSO, *2Pb0, and PbSO,: 4PbO at 298.16°K 


H. H. Kellogg 


were determined from the data. Applications of the results to the 


chemistry of lead smelting are discussed, 


Tue physical-chemical behavior of the system 
Pb-S-O is of prime importance to the understand- 
‘ing of lead smelting processes, yet little accurate 
information is available on either equilibrium or 
kinetic behavior in this system. This paper is the 
first report of a program designed to fill gaps in 
our knowledge of this system. 

In the total ternary Pb-S-O, the region of great- 
est metallurgical interest is that bounded by the 
compositions Pb-PbS-PbSO,-PbO-Pb. Systems 
richer in sulfur, or richer in oxygen, * than those 


*The higher oxides of lead are unstable above 500°C, and are not 
considered in this paper. 


corresponding to this region can only be obtained 
at gas pressures exceeding 1 atm, a condition sel- 
dom met in lead smelting practice. Not only is the 
present study limited to condensed phases within 
this portion of the total system, but it is limited to 
temperatures at which all phases are pure solids, 
except for lead, which is liquid. 

In this limited system the following seven con- 
densed phases are known to exist: Pb(1), PbS(c), 
PbO(c), PbSO,(c), PbSO,° PbO(c), PbSO, -2PbO(c), 
and PbSO,°4PbO(c). PbO exists in two crystal 
modifications,’ but only the high-temperature 
yellow form is considered here. Schenck and co- 
workers** reported the compound PbSO, + 3PbO to 
be stable at high temperature, but the more recent 
work of Lander,” and the present work, prove that 
the tetra-basic sulfate, rather than the tri-basic 
sulfate is stable. Fig. 1 shows the composition 
diagram for the binary PbO-PbSO., based pri- 
marily on the work of Lander. 

In this study the univariant boundaries and in- 
variant points existing among these seven con- 
densed phases and the gas phase have been deter- 
mined. In a ternary system, the phase rule indicates 
that an invariant point involves the simultaneous 
equilibrium of five phases—four condensed phases 
and the gas phase. A univariant relation involves 
four phases—three condensed phases and the gas 
phase. The gas phase in the systems studied is 
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essentially pure SO,. This conclusion follows from 
the fact that all systems are in a highly reduced 
state, since either PbS or Pb is a constituent of all 
the equilibria. The content of O2, SO3, S2, S,, Sz, 


and so forth, can be shown to be negligible compared 


to SO. in all such systems.* 


*In systems containing PbS(c), the vapor pressure of PbS is signi- 
ficant above 700°C, so that the total pressure of the system is the 


sum of Pso, and Ppys: 


The following stable univariant equilibria between 
SO, and the condensed phases were identified: 


(a) PbS + TPbSO, = 4(PbSO,- PbO) + 4SOz2 


(b) PbS + 10(PbSO. + PbO) = 7(PbSO,-2PbO) + 
c) PbS + 8(PbSO,°2PbO) = 5(PbSO, - 4PbO) + 480, 


( 
(d) Pb + PbSO,-4PbO = 6PbO + SOz 
(e) 3PbS + PbSO,-4PbO = 8Pb + 4SO, 
( 

( 


f) 3PbS + 16(PbSO,- PbO) = 7(PbSO, - 4PbO) + 1280, 


g) 2PbS + PbSO,*2PbO = 5Pb + 3502 
(h) Pb + 3(PbSO,-2PbO) = 2(PbSO,-4PbO) + SO 


Of these eight univariant equilibria, five were 
measured in this work (a, b, c, d, and g) and the be- 
havior of the other three (e, f, and h) was calculated 
by thermodynamic analysis of the measured data. 
Two invariant points were found corresponding to 
simultaneous equilibria as follows: _ 

Point 1: PbS, PbSO,- PbO, PbSO,-2PbO, 

PbSO, *4PbO, and 

Point 2: Pb, PbS, PbSO,-2PbO, PbSO, - 4PbO, 
and SO, 

From the measurements it was also possible to 
calculate the thermodynamic properties of the three 
basic sulfates of lead at 298.16°K. 


EXPERIMENTAL 


Apparatus—The experimental method consisted of 
the measurement of the gas pressure exerted by a 
given reaction mixture at a given temperature. An 
iridium crucible was used to contain the reaction 


mixture. There was no evidence of attack of the irid- 


ium,* but after use at high temperature for a week 


*Richardson and Webb® have reported that iridium is essentially 
inert toward Pb(/) and PbO slags. 


or more the crucible exhibited marked grain growth 


and was quite brittle. The crucible was formed with a 
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Fig. 1—The Binary PbO-PbSO, . 0 to 50 mol pct PbSO, 
after Lander’, except for decomposition temperature of 
PbSO, -2PbO (616°C) from the present study. 50 to 100 mol 
pet PbSO, after Jaeger 14 


thermocouple well in the bottom and was supported 
on the end of a Vycor thermocouple well as shown 
in Fig. 2. An outer Vycor tube (30 mm OD) en- 
closed the crucible assembly. The gas space in- 
side the tube assembly communicated with a mer- 
cury manometer and a vacuum system. Manometer 
readings were made with a cathetometer to +0.05 
mm, and the mercury temperature was measured 

to +0.1°C. The temperature of the reaction mixture 
was measured by means of a calibrated Pt-Pt, 13 pct 
Rh thermocouple inserted in the Vycor well on whic 
the crucible was supported. 

A well-lagged resistance furnace (60 cm length) 
was lowered over the tube assembly to maintain the 
system at a specified temperature. The constant 
temperature zone in the furnace (41°C) was 5to 7 
cm in length and the crucible (2 cm high) was posi- 
tioned in the center of this zone. The temperature 
of the reaction mixture was controlled to +0.3°C 
by a Brown-Honeywell controller actuated by a 
Chromel-Alumel thermocouple, the hot junction of 
which was placed near the furnace windings. 

Materials—The basic materials used were reagent 
srade Pb, PbS, PbSO,, and PbO. Basic sulfates 
were prepared as follows: PbO and PbSO, were 
mixed in the proper proportions and melted ina 
platinum crucible, held molten for 17/, hr, and then 
cooled in air. The loss in weight on melting was 
0.8 to 1.0 pct. Debye-Scherrer X-ray patterns 
were used to identify the basic sulfates prepared. 
The patterns were matched with ASTM indices for 
verification, and the results were highly satisfac- 
ory. Lander’ has pointed out that this method of 
oreparation does not insure that the material is 
free from small amounts of unreacted PbO, PbSO,, 
and basic sulfates other than that desired, and this 
fact will be referred to later. 

Procedure—The appropriate proportion of finely 
mulverized reactants was mixed, weighed, and placed 
n the iridium crucible (total charge about 25 g). The 
srucible was positioned in the apparatus, and the 
system evacuated and tested for leaks. The tem- 
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perature was raised slowly to 450°C with continuous 
evacuation, to remove water vapor and adsorbed 
gases. The temperature was next raised to the 
lowest temperature desired for the study [510°C 
for reaction (a)], the vacuum system was discon- 
nected, and the pressure was allowed to build up in 
the system. When the pressure reached a value 
which remained constant for a period of 30 min or 
more, the system was reevacuated, the vacuum dis- 
connected, and the pressure allowed to again build 
up. This procedure was repeated (usually two to 
four times were necessary) until successive read- 
ings of the maximum constant pressure agreed 
within a few tenths of a millimeter. It is believed 
that the initial variable pressure found on successive 
evacuation results from traces of adsorbed gases, 
moisture, impurities, and the contamination of the 
basic sulfates by traces of PbSO, used in their man- 
ufacture. By repeated evacuation, until a constant 
pressure is reached, it is believed that traces of 
these impurities were removed, and that serious 
errors of previous workers were avoided. 

The temperature was then raised in steps of 10° 
to 15°C, and the constant pressure measured at 
each temperature. A pressure which was unchanged 
after 30 min was taken as an equilibrium measure- 
ment. It was usually necessary to wait 2 to 3 hr at 
a given temperature before equilibrium was reached. 
This long period of equilibration undoubtedly reflects 


- the complex nature of the reactions. For each sys- 


tem, equilibrium was approached from both sides— 
on heating and on cooling. Pressures obtained on 
cooling agreed very well with those obtained on 
heating when the temperature and partial pressure 
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Fig. 3—Summary of experimental data 
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univariant equilibria given in text. 
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of SO, were high, but, at low temperature and low 
pressure of SOz, the reverse reaction rate was so 
slow that equilibrium could not be achieved on 
cooling. 

Identification of Reaction Products—To identify 
the reaction product from the X-ray pattern, it is 
necessary to obtain a reaction mass in which a 
large fraction of the reactants has been changed 
to product. This was accomplished by holding the 
sample at a constant temperature (685°C for re- 
actions a, b, and c) and evacuating in steps until 
the reaction pressure no longer returned to the 
equilibrium value when the vacuum was discon- 
nected and pressure allowed to build up. This in- 
dicates that the reaction was carried to completion. 
The sample was then cooled and an X-ray pattern 
made of the reaction mass. The products of re- 
actions a, b, and c were positively identified in this 
manner. The products of reactions (g) and (d) were 
not identified due to failure of the Vycor tube on 
long use at the high temperature of these runs.* The 

*The Vycor tubes failed after several days use at 800°C due to 
teaction with the slight amount of PbO which vaporized. 


product of reaction (g) was inferred from the other 
measurements (see below). The product of reac- 
tion (d) was yellow, indicating PbO, but was not 
positively identified (the basic sulfates and PbSO, 
are white). 

All measurements of total pressure were cor- 
rected to standard atmospheres by knowledge of the 
mercury temperature and the local value of the 
gravitational constant. The vapor pressure of PbS 
was subtracted from the total pressure to give the 
partial pressure of SO,. Veselovsky’s data’ on the 
vapor pressure of PbS was employed for the cor- 
rection. The correction was less than 0.5 pct of the 
total pressure in all cases. The volatility of PbS 
was evidenced by the deposition of PbS crystals in 
the cooler portion of the reaction tube. 


EXPERIMENTAL RESULTS 


The equilibrium measurements are reported in 
Table Ia, Ib, Ic, Id, and Ig, and in Fig. 3. 

Reactions (a) and (b)—The measurements for 
these equilibria covered a range of about 200°C, 
and, as shown in Fig. 3, the experimental points 


Table la. Experimental Data and = Function Calculation 


PbS + 7PbSO, = 4(PbSO,- PbO) + 4SO, 


Run No. °K 10°/°K Pso,» Atm —Log pso, = I 
il 783.8 1.2758 0.00307, 2.02, 248.3, 44.6, 
843.3 1.1858 0.02087 1.68048 233.97 44.65 
872.5 1.1461 0.04808 1.31804 227.69 44.71 
900.7 1.1102 0.1038 0.98380 221.87 44.62 
931.9 1.0731 0.2253 0.64724 215.99 44.68 
961.8 1.0397 0.4523 0.34457 210.68 44.69 
970.2 1.0307 0.5548 0.25586 209.12 44.56 
992.7 1.0074 0.8856 0.05276 205.54 44.72 
941.7 1.0619 0.2776 0.55658 214.41 44.88 
911.4 1.0972 0.1411 0.85047 219.53 44.36 


lay = 44.65 + .09 


= 18.303 log pgo, — 30.58 x 10~°T —9.14 x 10°/T? + 78.703 log T 
AH, = 159,650 (determined from % vs 1/T graph) 
AG° = 44.65T + 30.58 x 1077? + 9.14 x 10°/T —78.703T log T + 159,650 
AH® = 34.18T —30.58 x 107°T? + 18.28 x 10°/T + 159,650 


fo} = 
1¢ = 120,680 16 = 173,250 
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Table Ib. Experimental Data and = Function Calculation 


PbS + 10(PbSO,- PbO) = 7(PbSO,- 2PbO) + 4SO, 


° 
Run No. K 10°/°K Pso,» Atm —Log pso, x I 
2 1038.6 0.9628 0.1172 0.93107 221.84 21.18 
1069.7 0.9348 0.2447 0.61137 216.09 21.27 
1099.2 0.9098 0.4740 0.32422 210.90 21.31 
1075.4 0.9299 0.2874 0.54151 214.83 21.04 
3 929.6 1.0757 0.00555 2.2557 245.42 21523 
958.5 1.0433 0.01384 1.85886 238.38 20.95 ~ 

989.2 1.0109 0.03123 1.50543 232.11 21.43 
1005.0 0.9950 0.04829 1.31614 228.73 2137, 
1019.4 0.9810 0.07120 1.14752 225.71 21.28 
1034.0 0.9671 0.1019 0.99183 222.93 21.38 
1044.8 0.9571 0.1339 0.87322 220.80 21.34 
1060.1 0.9433 0.1946 0.71086 217.88 21.30 
1070.6 0.9341 0.2490 0.60380 215.95 21.30 
1088.8 0.9184 0.3756 0.42527 212.73 21.33 
1082.1 0.9241 0.3233 0.49039 213.91 21.32 
1042.8 0.9590 0.1306 0.88406 220.99 21.14 
1048.4 0.9538 0.1478 0.83033 — 220.03 21.25 

1059.1 0.9442 0.1911 


0.71874 218.02 21.25 
= 21.26 + .09 


a 


= 18.303 log Pso, — 30.58 x 10° T —9.14 x 10°/T? + 78.703 log T 
AH, = 208,400 (determined from = vs 1/T graph) 
AG® = 21.26T + 30.58 x 107°T? + 9.14 x 10°/T —78.703T log T + 208,400 


AH® = 34.18T — 30.58 x 10°°T? + 18.28 x 10°/T + 208,400 


16 = 162,460 = 222,000 


have but nimor deviations from a straight line ona 


plot of log p SOLE 1/T. For reaction (b), experi- 


mental points were obtained from two separate runs. 
The number of experimental points and their pre- 
cision justifies the use of the 2 function for more 
exact correlation. For this purpose, the heat ca- 
pacity as a function of temperature for all constit- 
uents is required. While such data exist for PbO, 
PbS, PbSO,, and SOz, the heat capacities of the 
basic sulfates are unknown. Kelley,®* in his cor- 


relation of the thermodynamic properties of the lead ~ 


sulfates, has assumed that the heat capacity of each 
basic sulfate is the sum of the heat capacities of the 
constituent normal sulfate and oxide. The same as- 
sumption has been made here. The heat capacities 
used are summarized in Table II. 


The >-function graphs for reactions (a) and (b) 
showed excellent correlations of the experimental 
points to a straight line. The precision may be 
judged from Table Ia and Ib, where the values of 
2 and TJ are given for each experimental point. The 
average deviation of J is only +0.09 for both reac- 


Table Ic. Experimental Data and & Function Calculation 


PbS + 8(PbSO,- 2PbO) = 5(PbSO,- 4PbO) + 


Run No. °K 10°/°K Pso,» Atm —Log PSO, I 
4 938.4 1.0656 0.00476, 2.3223 246.7, 83.4, 
959.8 1.0419 0.00775, 2.1103, 242.9, 83.3, 
976.7 1.0239 0.01108 1.95546 240.27 83.36 
991.9 1.0082 0.01498 1.82449 237.96 83.46 
1002.8 0.9972 0.01862 1.73002 236.29 83.47 
5 950.2 1.0524 0.00619, 2.2078, 244.7, 83.4, 
~ 960.7 1.0409 0.00821, 2.0852, 242.54 83.02 
972.1 1.0287 0.01010 1.99568 240.97 83.33 
976.7 1.0239 0.01134 1.94539 240.08 83.18 
990.2 1.0099 0.01486 1.82798 238.02 83.25 
990.2 1.0099 0.01480 1.82974 238.05 83.28 


Iq, = 83.32 £0.10 


= 18.303 log — 30.58 x — 9,14 x 10°/T? + 78.703 log T 
AH, = 153,250 (determined from & vs'1/T graph) 
AG? = 83.32T + 30.58 x 107°7? + 9.14 x 10°/T — 78.703T log T + 153,250 


AH? = 34.18T —30.58 x 107°7? + 18.28 x 10°/T + 153,250 


= 125,810 4 = 166,850 
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Table Id. Experimental Data and Correlation 


Pb + PbSO,- 4PbO = 6PbO + SO, 


Run No. °K 10°/°K Pso,» Atm —Log pso, 

6 1025.5 0.9751 0.00616 2.2104 
1046.9 0.9552 0.00838 2.0768 
1058.4 0.9448 0.01258 1.90032 
1068.1 0.9362 0.01461 1.83535 
1078.0 0.9276 0.01685 1.77340 
1101.3 0.9080 0.02856 1.54424 
1092.4 0.9154 0.02101 1.67757 

yi 1046.8 0.9553 0.00897 2.0472 
1059.7 0.01303 1.88506 


0.9437 


1 = 24.99, AH, = 46,340 were determined from two points on the 


graph of log pso, vs 1/T, Fig. 4. 
AG° = 24.99T + 7.46 x 10-°T? + 2.81 x 10°/T —22.496T log T 


+ 46,340 
AH® = 9.77T —7.46 x 107°T? + 5.62 x 10°/T + 46,340 
= 
= 38,800 98.16 = 50,480 


tions (a) and (b). This precision is all the more 
significant since J refers to four formula weights 

of PbSO,* PbO; the deviation of J per formula weight 
is only +0.02. 

Reactions (c) and (g)—The experimental points 
for these equilibria cover about 100°C in each case, 
and were obtained from two separate runs. The 
reactants in these equilibria are the same—PbS and 
PbSO,-2PbO. Indeed, experimental points for both 
(c) and (g) were obtained from a single run starting 
with PbS and PbSO,°2PbO. That the nature of the 
reaction changes above 1006°K is evidenced by the 
abrupt change in slope of log p ee 1/T at this 


2 
temperature. The product of reaction below 1006°K 
was established as PbSO,°4PbO by X-ray analysis, 
so that these experimental points belong to reac- 


tion (c), The stoichiometry of the reaction above 
1006°K, though not established by identification of 
product, is clearly that given by reaction (g). The 
proof of this conclusion is given below where it is. 
shown that the thermodynamic properties of 

PbSO, «2PbO calculated from reactions (a) and (b) 
agree closely with the properties of the same com- 
pound calculated on the assumption that the points 
above 1006°K correspond to reaction (g). 

The small temperature range studied for reac- 
tions (c) and (g) make it difficult to set the slope of 
the © function with accuracy. Despite the relatively 
small average deviation of J [+0.10 for reaction (c) 
and + 0.14 for (g)], the reliability of the resulting 
equation for AH° and AG° is certainly less than for 


reactions (a) and (b). The equilibrium constant of 
reaction (g) is made further uncertain by the fact 
that the activity of liquid lead is somewhat less than 
unity. This results from the solubility of PbS(c) in 
liquid lead. At 800°C, Hansen’ reports the solubility 
of PbS in Pb(1) as 4 mol pct S. The activity of lead 
in this melt is probably about 0.96. No correction for 
this effect has been applied to the data, however. 

The point where reaction (c) changes to reaction 


(g)—1006°K, log =— 1.695—corresponds to the 


simultaneous equilibrium of five phases—PbS, Pb(l), 


PbSO,-2PbO, PbSO,:4PbO, and SO2,—and hence is 
an invariant point (point 2 referred to in the intro- 
duction). This point was located with some accuracy 
by the intersection of the log p., vs 1/T plots for 
(c) and (g). ‘ 

Another invariant point is indicated at the inter- 
section of (c) and (b). This point (point 1) corre- 
sponds to a pressure below the range of the experi- 
mental results, but is located with fair accuracy by 
extrapolation of equilibria (c) and (b) on a >-function 
plot. The phases in equilibrium are PbS, PbSO,: PbO, 
PbSO, -2PbO, PbSO,-4PbO, and The coordi- 


Table Ig. Experimental Data and > Function Calculation 


2PbS + (PbSO,- 2PbO) = 5Pb + 3SO0, 


Run No. °K 10°/°K Pso,, Atm —Log Pso, x od 

4 1014.2 0.9860 0.02388 1.62197 132.70 19.91 
1022.2 0.9783 0.02954 1.52959 131.40 20.02 
1037.9 0.9635 0.04380 1.35853 128.99 20.14 
1050.0 0.9524 0.05859 1.23218 127.20 20.21 
1070.5 0.9341 0.09103 1.04082 124.48 20.11 
1061.7 0.9419 0.07999 1.09696 125.29 20.49* 
1060.7 0.9428 0.07829 1.10629 125.42 20.50* 

5 1012.0 0.9881 0.02332 1.63227 132.85 20.09 
1038.1 0.9633 0.04468 1.34989 128.87 20.23 
1063.2 0.9406 0.07837 1.10585 125.41 20.17 
1042.6 0.9591 0.05013 1.29990 128.17 20.29 


—I,, = 20.13 +0.14 


> = 13.727 log Pso, — 23.86 x 10-°T — 4,23 x 10°/T? + 44.924 log T 
AH, = 154,780 (determined from = vs 1/T graph) 


AG® = —20.13T + 23.86 x 10-°T? + 4.23 x 10°/T —44.924T log T + 154,780 


AH? = 19.51T — 23.86 x 10-°T? + 8.46 x 10°/T + 154,780 


16 = 119,170 og = 161,310 


*Not counted in /,y- 
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Table Il. Heat Capacities Employed in this Work 


Cp =a+bx10°T x 10°/T? 


Substance a b 


c Range, °K Source 
Pb(/) 7.75 ~0.74 = 600-1200 Ref. (12) 
PbS(c) 10.66 3.92 = 298-900 Ref. (13) 
PbO (yellow, c) 9.05 6.40 = 298-1000 Ref. (13) 
PbSO, (c) 10.96 31.00 4.20 298-1100 Ref. (13) 
SO,(g) 10.38 2.54 =1-42 298-1800 Ref. (13) 
PbSO,-PbO 20.01 37.40 4.20 298-1000 * 
PbSO,-2PbO 29.06 43.80 4.20 298-1000 * 
PbSO,-4PbO 47.16 56.60 4.20 298-1000 * 


*Assumed equal to sum of C, for PbSO, and x-PbO. 


nates of the point are 889°K and log pg = —2.842. 


Below this temperature, PbSO,-2PbO is unstable 
with respect to decomposition into PbSO,- PbO and 
PbSO, - 4PbO. 

Lander’ has also reported that PbSO,-°2PbO de- 
composes to PbSO,: PbO and PbSO,°4PbO at low 
temperature. He gives 450°C (723°K) for the tem- 
perature of decomposition, determined by thermal 
analysis. Since the decomposition is a complex 
solid-state reaction it may occur slowly, with con- 
siderable supercooling, so that thermal analysis 


may be subject to large errors. The value of 889°K, 


determined from the present data, is, therefore, 
preferred to that of Lander. 

Reaction (d)—The data for this equilibrium were 
obtained from two separate runs. The experimental 
points are scattered on the plot of log P so, ¥s-1/ 7. 


Fig. 3, and cover a range of only 75°C. The diffi- 
culties in the measurement of this equilibrium are 
numerous: The range of SOz pressures is small 
(0 to 2.1 cm of Hg); because liquid lead is a react- 
ant, intimate mixture of the reactants cannot be 
maintained; the high temperature required results 


in volatilization of PbO which reacts with the Vycor 


tube, and results in tube failure after several days. 

As stated in the experimental section, the exist- 
ence of PbO in the product of reaction (d) was not 
proved with certainty. However, the fact that Eq.[d] 
correctly gives the stoichiometry of the reaction is 
established below, where it is shown that the ther- 
modynamic properties of PbSO,-4PbO determined 
from reaction (d) agree closely with the properties 
of the same compound determined from reactions 
(a), (b), and (c). 


CORRELATION OF THE DATA AT 298.16°K 


The five free-energy equations, corresponding to 
reactions (a), (b), (c), (d), and (g) and derived from 
the data of Table I, permit the calculation of the 
thermodynamic properties of the three basic sul- 
fates of lead at room temperature. Since there are 
five independent equations and only three compounds 
of unknown thermodynamic properties, the data are 
sufficient to provide independent checks on any two 
of the compounds of unknown properties. 

Table III gives the results of such calculations, 
based on the generally accepted thermodynamic 
properties of PbS, PbSO,, Pb(1), PbO, and SO, which 


Table Ill. Thermodynamic Properties of Basic Lead Sulfates at 298.16°K Based on Literature Values for PbO, PbS, PbSO,4 and SO> 


Substance Source Se 

PbO (yellow) (1) - 52,050 + 300 - 45,050 16.6 +.5 
PbS (c) (2) - 22,500 +500 - 22,100 
PbSO,(c) (2) -219,500 + 800 -193,900 35.2 +.9 
Pb(/) (3) +927 + 50 +521 16.85 +.1 
SO, (g) (2) - 70,950 + 100 mt WEY) 59.25 +.1 
PbSO,- PbO Reaction (a)* -275,490 -242,930 51.97 
PbSO,-2PbO Reactions (a) and (b)* -324,510 -286,010 72.02 
PbSO,-2PbO Reaction (g)* -324,530 -287,550 77.14 
PbSO,-4PbO Reaction (d)* -434,650 -381,350 102.38 
PbSO,-4PbO Reactions (a), (b), (c)* -433,590 -379,490 99.73 


Notes to table: 


*Coughlin’® for AH° and AG®, Kelley** for S°. 
2Kubaschewski and Evans.’” 


3Calculated from Kubaschewski and Evans data on Heat of fusion lead and heat capacity of solid and liquid lead. 
‘The properties of PbS, PbO, PbSO,, Pb(/) and SO, used for these calculations are those given in this table. The values of AH3og 4¢ and 


AGoos. 1g for reactions (4), (b),(c), (d), and (g) are those given in Table I. 
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Table IV. Thermodynamic Properties of Basic Lead Sulfates at 298.16°K Based on Adjusted Values for PbO, PbS, and PbSO, 


Substance Source 

PbO (yellow) see text - 51,915 - 45,090 17.10 
PbS(c) see text - 22,450 - 22,200 22.27 
PbSO,(c) see text -219,650 -194,330 36.21 
Pb(/) +927 +521 16.85 
SO,(g) 2 - 70,950 - 71,730 59.25 
PbSO,- PbO Reaction (a)? -275,740 ~243,730 53.79 
PbSO,+2PbO Reactions (a) and (b)’ -324,860 -287,160 74.69 
PbSO,- 2PbO Reaction(g)* -324,630 -287,360 76.15 
PbSO,- 4PbO Reaction -433,840 -381,590 105.91 
PbSO,- 4PbO Reactions (a), (b), (c)’ -434,140 -381,340 104.10 


Notes to table: 


See Note (3), Table III. 
*Kubaschewski and Evans.’ 


*The values for PbO, PbS, PbSO,, Pb(/), and SO, ate those given above. 


and AG° 


The values of AH® 298.16 


298.16 


for reactions (a), (b), (c), (d), and (g) are those given in Table I. 


also appear in Eqs. [a], [b], [c], [d], and [g] as con- 
stituents. The calculations are arranged to provide 
checks on the properties of di- and tetra-basic 
sulfates, since these are the compounds involved in 
reactions (g) and (d). It was the stoichiometry of 
reaction (g) and (d) which was in doubt (as noted 
above) due to failure to identify the products of 
reaction. 

Table III shows that the properties of PbSO,- 2PbO, 
calculated on the assumption that the data of Table Ig 
correspond to reaction (g), agree with the properties 
of PbSO,-2PbO calculated from reactions (a) and (b) 
(the stoichiometry of which was established with 
certainty), within 30 cal per mol for AH° and 1540 
cal per mol for AG°, The agreement between the 
values leaves little doubt that the interpretation of 
the data in Table Ig is correct. Likewise, the prop- 
erties of PbSO,°4PbO calculated from the data of 
Table Id, on the assumption that reaction (d) de- 
scribes the stoichiometry, agree with the properties 
of PbSO,-4PbO calculated from reactions (a), (b), 
and (c), within 1060 cal per mol for AH° and 1860 
cal per mol for AG°. Once again the agreement is 
satisfactory, and the stoichiometry of reaction (d) 
is established as correct for the data of Table Id. 

The failure of the calculations given in Table II 
to achieve more exact agreement between the inde- 
pendent checks on the properties of di- and tetra- 
basic sulfates may be attributed to three sources: 
inaccuracies in the experimental data, inaccuracy 
in the extrapolation of the data to 298°K (because of 
errors in the assumed values of C, for the basic 
sulfates), and inaccuracy in the thermodynamic 
properties of PbS, PbO, and PbSO, used for the 
calculations. It is believed that the last two of these 
reasons are more important than the first. In par- 
ticular, the values calculated for the properties of 
the basic sulfates are extremely sensitive to the 
values used for the properties of PbO, PbSO,, and 
PbS. Because of the stoichiometry of reaction (a) 
any error in AH? or AG; for PbSO, produces an 
error ‘/, larger in the properties of PbSO,-: PbO. 
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This error is magnified again by the factor of *%, 
for a total error factor of ’/23, when the properties 
of PbSO,:2PbO are calculated from combinations 
of the data on reactions (a) and (b). The original 
error in PbSO, is multiplied by four when the prop- 
erties of PbSO,-4PbO are calculated from reactions 
(a), (b), and (c). In the same way, any error in the 
properties of PbO results in an error six times as 
large in the properties of PbSO,:4PbO when the 
data of reaction (d) are employed. Since the prop- 
erties of PbO, PbSO;, and PbS are not known with 
great precision (Table III gives the estimated un- 
certainty), it is not surprising that the checks 
shown in Table III lack precision. 

The authors have made numerous attempts to ob- 
tain more exact correlation of the data by means of 
small changes in the thermodynamic properties of 
PbSO4, PbO, and PbS, and by small changes in the 
choice of slope, A Ho, for reactions (c), (d), and (g). 
It is not possible to obtain a perfect correlation of 
the data, however, without either doing an injustice 
to the experimental points in choice of AHo, or 
making assumptions as to the properties of PbO, 
PbSO,, and PbS which are considerably beyond the 
accepted uncertainties in these values. For in- 
stance, a perfect correlation of the data of Table I 
requires Spyo = 17.03, Shpso, = 36.45, Siig = 22.62, 
and very minor changes (+150 cal per mol) in AH? 
for these three compounds. The entropies of PbSO, 
and PbS so assumed, are not in agreement with the 
accepted values of 35.2 +.0.9 and 21.8 + 0.6 e.u. re- 
spectively. 

Table IV gives the results of another attempt at 
correlation of the data, which, though not perfect, 
is superior to the correlation shown in Table III 
and does not depart significantly from the accepted 
properties of PbS, PbO, and PbSO,. The changes 
made in AH; of PbS, PbO, and PbSO, are all very 
small and well within the accepted uncertainty 
limits for this property. Only the entropy value 
chosen for PbSO,— 36.21 e.u.—is slightly in ex- 
cess of the accepted uncertainty. It should be noted 
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particularly how these small changes in AH° and S° 
are magnified in the calculated properties of the 
basic sulfates. The agreement between the check 
values for the di- and tetra-basic sulfates have 
been improved to maximum differences of 300 cal 
per mol in AH7, 540 cal per mol in AG;, and 

1.8 e.u. inS°. In view of the remaining uncertainty 
caused by extrapolation of the experimental data to 
room temperature (7.¢., the assumed values of C, 
for the basic sulfates), no better correlation can be 
expected. 


Results of Previous Investigations—Schenck and 
Albers,* Schenck and Borkenstein,? and Reinders® 
have also studied reactions (a) and (b). Kelley® has 
reviewed their data, and used the > function to cal- 
culate the heat and free energy of formation of the 
mono- and di-basic sulfates. For reaction (a) the 
data of Reinders give p so, values which are 1 to 


o pet higher than those reported here. The data of 
Schenck and coworkers are badly scattered and give 
values of P,, which are 10 to 20 pct higher than 

2 


those reported here. The lack of agreement and 
precision of early data may be judged from the J 
values calculated by Kelley.* Reinders’ data yield 


*The absolute numerical values of / calculated by Kelley cannot be 
compared with our / values, because Kelley used different empirical 
heat-capacity equations than those used here. 


a mean value of J which is 2.7 units different from 
I calculated from Schenck and Borkenstein’s data. 
The mean deviation of J is + 0.31 for Reinders’ data 
and +0.67 for Schenck and Borkenstein’s data, com- 
pared with + 0.09 for our data. 

We believe the values of Pic found by earlier in- 


2 


vestigators are high because of incomplete removal 


of moisture and adsorbed gases from the sample and 


refractories. The special precautions taken in our 
work to avoid this source of error have been de- 
scribed. From the weighted average of the early 
work, Kelley calculated AH>,,., = —278,730 and 

A Goog.1 = — 245,160 for the formation of PbSO,- PbO. 
Our values, Tables III and IV, for these properties 
should be preferred because of the greater preci- 
sion of the data. 

For reaction (b), the results of Schenck and 
Albers® and Schenck and Borkenstein* are again 
badly scattered and high compared with our data. 
The scatter of their data is indicated by the mean 
deviation of J which is + 0.87 and +1.17 respectively, 


compared with +0.09 for our data. In addition to the 
problem of adsorbed gases, the high results of these 


workers may result from contamination of the 
PbSO,° PbO samples by small amounts of PbSO, 
which remain in basic sulfates prepared by melting 
PbO and PbSO,. Lander® has shown, by X-ray anal- 
ysis, the presence of unreacted PbSO, in basic sul- 
fates prepared in this way. In our work, we found 
high values of Dea for reaction (b) at the beginning 


of a run, and these high values persisted until the 
system had been evacuated several times. We in- 
terpret the high initial values as resulting from 
traces of unreacted PbSO,. Repeated evacuation 
of the system destroys the small amount of PbSO., 
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and thereafter consistent pressure readings for 
reaction (b) are obtained. 

Kelley® uses the data of Schenck and Albers? and 
Schenck and Borkenstein* for reaction (b) to cal- 
culate = — 332,390 and AG3,, , = —291,680 
for the formation of PbSO,-2PbO from the elements. 
These values deviate seriously from those calcu- 
lated from our data, Tables III and IV, and should 
be rejected in view of the discussion above. 

Schenck and coworkers believe that PbSO,-3PbO 
rather than PbSO,-4PbO was stable at high tem- 
perature. This contention is disproved by Lander’s 
work’ on the phase diagram PbSO,-PbO. Kelley’s?® 
calculations from the data of Schenck on the ther- 
modynamic properties of the alleged PbSO,-3PbO 
must, therefore, be rejected. Schenck must have 
used a mixture of PbSO,-2PbO and PbSO,-4PbO 
when he believed he used PbSO,: 3PbO. Because 
of the uncertainty as to the nature of the reaction 
stoichiometry, no further correlation with the pres- 
ent data can be made. 


CORRELATION OF THE DATA AT HIGH 
TEMPERATURE 


If the validity of the data for reactions (a), (b), 
(c), (ad), and (g) is accepted, it is possible to con- 
struct a complete thermodynamic phase diagram 
for the system for temperatures up to 1100°K. The 
steps in the development of this diagram follow. 

At invariant point No. 2, the phases in equilibrium 
are: 


Pb, PbS, PbSO,-2PbO, PbSO:-4PbO, and SO, 


From such an invariant point there should emanate 
four lines representing univariant equilibria, 
namely: 


Pb, PbS, PbSO,-2PbO, SO; 

PbS, PbSO.-2PbO, PbSO.: 4PbO, SO, 
Pb, PbSO.-2PbO, PbSO,-4PbO, SO; 
Pb, PbS, PbSO,-4PbO, SO; 


A fifth possible univariant relation would give the 
effect of total pressure on the four condensed 
phases, and is of no importance except at very high 
pressure. 

The behavior of reactions (e) and (h) may be de- 
rived from the known behavior of reactions (c) and 
(g), since: 


reaction (g) 
reaction (c) 
reaction (h) 
reaction (e) 


_ 8g 


Ke \/s 


log K, = 7/5(8 log K, — log K,) 
and 
K?\/s 


log K, = 7/s (2 log K, — log Kg) 
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T 
{100 1000 900 800 


PbS + PbSQ, 


PbS + PbSO,  2PbO 


Pb + PbSO, -2PbO 


PbS + PbSO, PbO 


Pb+PbSO, -4PbO 


PbS+PbSQ, -4PbO ~3.0> 


Pb+ PbO 


O29 1.0 


Fig. 4—Thermodynamic Phase Diagram for Pb-S-O. Let- 
ters and points refer to univariant and invariant equilibria 
given in text. Areas are regions of stability of two con- 
densed phases. 


At invariant point No. 1, the five phases in equilib- 
rium are: 
PbS, PbSO,* PbO, PbSO,:2PbO, PbSO.+*4PbO, 


The phases associated with the four univariant equi- 
libria emanating from this point are: 


PbS, PbSO,- PbO, PbSO,-2PbO, SO, 
PbS, PbSO,°2PbO, PbSO,-4PbO, SO, reaction (c) 
PbS, PbSO,- PbO, PbSO,:4PbO, SO, reaction (f) 
PbSO,- PbO, PbSO.-2PbO, PbSO,-4PbO, gas 


reaction (b) 


PbSO, 
PbSQ,:2PbO 
PbSO, -4PbO 

Pb Mol % O—= PbO 0 


Fig. 6—Composition Diagram for Pb-S-O for temperatures 
between 616°C (889°K) and 733°C (1006°K). Letters refer 
to univariant equilibria given in text. 
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PbSQ,-PbO ~~ 
PbSQ, -4PbO 


Pb Mol % O —= PbO 


Fig. 5—Composition Diagram for Pb-S-O for temperatures 
below 616°C (889°K). Letters refer to univariant equilibria 
given in text. 


The last of these equilibria is a special case. 
Since neither Pb(Z) nor PbS(c) is a constituent of 
this equilibrium, the system is no longer in a re- 
duced state and the gas composition cannot be rep- 
resented by SO, alone. The stoichiometry of the 
compounds necessitates that the gas be SO,, or a 
mixture of SO,, SOz, and O2 having the overall com- 
position of SO,. Therefore, all four phases— 
PbSO,* PbO, PbSO,-2PbO, PbSO,+*4PbO, and gas 
of composition SO;—are colinear on the ternary 
phase diagram. Such a system lacks ternary prop- 
erties and can be treated as a binary system 
(PbO-SO, in this case), In a binary system an 
equilibrium of four phases is invariant, so that 
this special equilibrium does not appear on the 
ternary phase diagram under consideration. 

The equilibrium (f) may be derived from re- 
actions (b) and (c) as follows: 


log K; = /s (8 log K, + 7 log K,) 


Table V summarizes the values of log K and log PS 


for all eight univariant equilibria at 900°, 1000°, 
and 1100°K. Fig. 4 shows the same data in the form 
of a graph of log Die vs 1/T. The univariant lines 


S 


PbSOq > 
PbSQ4:2PbO 
PbSQq -4PbO 
Mol % PbO 


Pb 


Fig. 7—Composition Diagram for Pb-S-O for temperatures 
above 733°C (1006°K), but below the melting point. Letters 
refer to univariant equilibria given in text. 
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on Fig. 4 divide the area into sections in which 
unique pairs of condensed phases are stable, and 
each area is so labelled on the diagram. The high 
temperature termini of lines d, h, g, b, anda are 
the unknown temperatures at which the first liquid 
forms. These temperatures will be somewhat less 
than the liquidus invariant temperatures in the bi- 
nary PbO-PbSO,, because Pb(/) or PbS probably 
dissolve in the melt to some extent. If this effect 
is neglected, as a first approximation, then: line d 
will terminate at the eutectic temperature of PbO 


and PbSO,-4PbO (1108°K); line / will terminate at 
the incongruent melting point of PbSO,-4PbO 
(1168°K); line g will terminate at the congruent 
melting point of PbSO,*2PbO (1234°K); line b will 
terminate at the eutectic between PbSO,: PbO and 
PbSO,* 2PbO (1223°K); line a will terminate at the 
eutectic between PbSO, and PbSO,: PbO (1233°K). 
Fig. 4 is a thermodynamically consistent phase 
diagram. It is not only consistent with the data pre- 
sented in this paper, but is also consistent with 
Lander’s phase diagram for PbO-PbSO,. It is, 
however, in serious disagreement with earlier in- 
vestigations of Schenck”? and Reinders.® To un- 
derstand the nature of this disagreement, Figs. 5, 
6, and 7 are presented. These figures show the 
division of the Pb-S-O diagram into fields of sta- 
bility of three condensed phases, for temperatures 
below invariant point No. 1, Fig. 5, temperatures 
between invariant points No. 1 and No. 2, Fig. 6, 
and temperatures above invariant point No. 2, 
Fig. 7. Each figure has been derived from the 
phase diagram of Fig. 4. In each case, the total 
area of condensed phases, Pb-PbS-PbSO,-PbO-Phb, 
is divided into triangular areas, the apexes of which 
represent the three condensed phases which are 
stable, and which determine a univariant equilib- 
rium. In all three cases, the triangles are non- 
overlapping, as required by the phase rule. 
Schenck and coworkers, however, claim that the 
following three equilibria are stable in the range 
1043° to 1083°K: 


Range 
Studied Reference 
Pb, PbS, PbO, 1043=1123° (25 3,,4) 
Pb, Pbs, PbSO, PbO, 
SO; 840-1103° (25°3) 
PbS, PbSO,- PbO, 
PbSO,°*2PbO, SOz 966-1083° (3, 4) 


Not only are the first two of these equilibria incon- 
sistent with the findings of the present study, but 
the three equilibria taken together violate the phase 
rule. This can be seen most easily if a phase di- 
agram similar to Figs. 5, 6, and 7 is constructed. 
The triangular areas representing the first and sec- 
ond equilibria, and the second and third equilibria 
overlap on the phase diagram. Therefore, the three 
equilibria cannot all represent stable equilibria at 
the same temperature—one or more must be 
metastable. 

The equilibrium of Pb, PbS, and PbO, which can 
be represented by the reaction 


PbS + 2PbO = 3Pb(l) + SOz 
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is metastable at all temperatures according to 
Figs. 4, 5, 6, and 7. This reaction is reported in 
many metallurgical texts and is thought to be the 
basis of ore-hearth smelting of lead. Two inter- 
pretations may be made of the SO, pressure over 

a mixture which consisted initially of PbO and PbS. 
Hither the solid-state reactions are slow enough so 
that the SO, pressure is that required by the true 
metastable equilibrium, or the solid-state reactions 
occur relatively rapidly, so that the SO. pressure is 
that corresponding to one of the stable equilibria. 
The SOz pressure expected in the latter case can be 
found as follows: at temperatures near 1100°K, 
Fig. 7 indicates that a reaction mixture of 2 moles 
of PbO and 1 mole of PbS should result in the stable 
equilibrium (g) between PbS, PbSO,°2PbO and Pb(Z). 
The reaction sequence might be: 


PbS + 6PbO PbSO,-2PbO + 4Pb(2) (rapid, 


nonequilibrium) 


followed by 


2PbS + PbSO,:2PbO = 5Pb(J) + 3802 (reaction (g), 
stable equilibrium) 


The first reaction consumes the full two moles of 
PbO and 7/3 mole of PbS, so that there remains 
73 mole of PbS to establish equilibrium (g). At 
1100°K, reaction (g) yields an SO, pressure of 
0.171 atm, see Table V. 

The first alternative, that the mixture of PbO 
+ PbS may yield a measurement of the pressure 
of SO2 for the metastable equilibrium (x) 


2PbO + PbS = 3Pb + SOz 


may be tested as follows: 


(reaction x) 


Reaction x = 


log K, = “/ (3 log Kg — 2 log K, — log K;) 


At 1100°K, the values of Kz, K,, andK, from 
Table V, yield 


(log =—0.477 


= 0.333 atm 


For comparison, Schenck and Borkenstein’s* 
measured value for p so, OVEr a mixture of PbS 


2 


and PbO is 0.216 atm at 1100°K (by interpolation 

of their measurements at 1095° and 1103°K). Their 
measurements agree more closely with reaction (g) 
than with reaction (x). If it is recalled that these 
investigators had a tendency to report SO2 pressures 
which were too high, it seems very likely that their 
measurements in this case corresponded to the 
equilibrium (g). 

The thermodynamic inconsistency discussed above’ 
is but one of several which may be found in the data 
of Schenck and coworkers. Their mistaken belief 
that PbSO,: 3PbO, rather than PbSO,:4PbO, is stable 
at elevated temperature, has already been discussed. 
In view of these considerations, further attempts to 
correlate their data with ours appears unwarranted. 
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Table V. Values of the Univariant Equilibria at Elevated Temperature 


900°K 1000°K 1100°K 

Equi- Stable 

librium Log K Log pso, Log K Log Pso, Log K Log Pso, Source Range °K 
(a) - 3.974 ~0.993 + 0.069 +0.017 +3.319 +0.830 Exp. data 298-m.p. 
(5) -10.700 -2.675 - 5.473 -1.368 -1.255 -0.314 Exp. data 889-m.p. 
(c) -10.871 -2.718 - 6.984 -1.746 -3.861* -0.965* Exp. data 889-1006 
(d) - 3.733 -3.733 - 2.532 -2.532 -1.560 -1.560 Exp. data 298-m.p. 
(e) -12.207 -3.052 - 7.052 -1.763 -2.915* -0.729* [8(g) = (¢)]/5 298-1006 
(f) -32.338* -2.695* -18.534* -1.545* -7.413* -0.618* [8(b) + 7(c)]/5 298-889 
(g) - 8.988* -2.996* - 5.280* -1.760* -2.304 -0.768 Exp. data 1006-m.p. 
(h) - 2.551* -2.551* - 1.737%* -1737* -1.083 -1.083 [2(c) (g)l/5 1006-m.p. 


*Values for metastable equilibria. 


DISCUSSION 


Study of the phase relations established above af- 
fords several important insights into the chemistry 
of lead smelting. The metastability of the reaction 


PbS + 2PbO = 3Pb + SOz 


is one important conclusion that has already been 
discussed above. The extreme tenacity of lead for 
sulfur—evidenced by the difficulty of ‘‘dead roast- 
ing’’ lead sulphide, and the persistence of lead sul- 
fates in lead fumes—can now be explained quanti- 
tatively in terms of the Pb-S-O phase diagram. 
The chemical problems encountered in lead: met- 
allurgy can be best explained by a thermodynamic 
phase diagram which shows the bivariant equilibria 
in the Pb-S-O system. Such equilibria will involve 
two condensed phases and the gas phase. The gas- 
phase composition will most nearly correspond to 
practical operations if Oz; and SO; are chosen as the 
variable parameters. In this way, the bivariant 
equilibria can be represented by reactions such as: 


2PbSO, = PbSO,: PbO + SO. + 7/202 
Pb(Z) + SOz = PbS(c) + 


T T T 
Usual 
| Roaster Gas 
| Compositions 
| 
PbS 
PbSOq: PbO 
| 3 
- | 
PbSOq 
-1.0 
-2.0 
! 1 


1 


Fig. 8—Thermodynamic Phase Diagram for Pb-S-O show- 
ing bivariant equilibria at 1100°K. Letters refer to uni- 
variant equilibria; numbers refer to bivariant equilibria. 
Areas show regions of stability of a single condensed phase. 
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If represented on a graph of log je vs log Ps : 
2 2 


these bivariant equilibria will plot as straight lines 
at constant temperature. Intersection of three bi- 
variant equilibria will occur at a point correspond- 
ing to one of the univariant equilibria of Fig. 4. The 
areas between the bivariant lines will represent re- 
gions of stability of a single condensed phase. Anal- 
ysis of such a graph will indicate the gas composition 
(p so, and bo) required to convert one phase into 


another phase (for example, PbS into PbO). 

To construct such a diagram from Fig. 4 the only 
additional information required is the oxygen pres- 
sure of any one particular equilibrium, since all 
other equilibria are directly calculable. For this 
purpose, there is chosen the oxygen pressure of the 
equilibrium 
2PbO(c) = 2Pb(1) + O2 [1] 
as calculated from the thermodynamic data of 
Coughlin.*® The steps in the construction of Fig. 8, 
which shows the bivariant phase diagram at 1100°K 
(827°C), are given below. 

1) At 1100°K, Coughlin gives A G° = 52,900 cal. 
for reaction (1). From this we calculate log p = 
=-—10.510 atm. This equilibrium is independent of 
P , so that it plots as a vertical straight line on 
Fig. 8.* 


*Reaction (1) is a special case, and is univariant. 


2) PbO can only exist in equilibrium with lead 
when the SO; pressure is less than that given by 
the equilibrium of reaction (d). At 1100°K, the SO, 
pressure of reaction (d) is log Pz osl= 1.560 atm, 

2 


Table V, so that this SO, pressure determines the 
upper limit of reaction (1) in Fig. 8, and determines 
a three-phase point (labelled (d)) between Pb(/) 
PbO(c), and PbSO, -4PbO. 

3) From the point (dZ), two additional bivariant 
lines emanate. These are the reactions 


PbSO,*4PbO = 5PbO + SO, + [2] 
and 
5Pb(1) + 302 + SOz = PbSO,*4PbO [3] 


The equilibrium constant for each of these reactions 
may be determined from the known coordinates of 
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point (d): log p a 
atm. Thus: 


= —1.560 atm, log Po =—10.510 


log 
og Kz = log P so, =—6.815 
log K, = —log — 3 log 33.090 


From the equilibrium constants, the stable portion 
of each bivariant equilibrium may now be con- 
structed and plotted on Fig. 8. 

4) The equilibrium between Pb(/) and PbSO, -4PbO 
is no longer stable when the SO. pressure exceeds 
that for reaction (h) at 1100°K (see Fig. 4 and 
Table V). Hence reaction (3) and line 3 of Fig. 8 
terminate at an SO2 pressure of log Pen =—1.083 

2 


atm in point (h). 


5) From point (h), two new bivariant equilibria 
originate. These are: 


7/2PbSO,°2PbO = */, PbSO,-4PbO + SO2+ 7/202 [4] 
and 
3Pb(1) + SO, + 202 = PbSO,-2PbO [5] 


The equilibrium constants for these reactions are 
determined from the coordinates of point (h), as 
before, and the bivariant relations are plotted. 

6) Following the same procedure, the points (g), 
(ob), and (a) are located, and all of the bivariant 
equilibria plotted to complete Fig. 8. 

Fig. 8 illustrates a number of important factors 
about the chemistry of lead smelting, namely: 

a) The impossibility of a stable equilibrium be- 
tween PbO and PbS (discussed before) because the 
areas of stability of PbO and PbS are spatially 
separated. 

b) The extremely low pressure of SOz that must 
be achieved to decompose the sulfates of lead to 
PbO. The SO, pressure for this purpose is that 
given by line 2. At the oxygen pressure experienced 
in normal roaster atmospheres—at least 1 pct free 
Oz 0b, = 0.01 atm)—the SO, pressure must be less 


than 1 ‘6 X 10-° atm to decompose PbSO, -4PbO, the 
most stable of the sulfates. This is an ‘impractical 
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condition of operation in a conventional roasting 
process. 

c) Ina conventional roaster operating at 827°C, 
and a gas composition of 2 pct O, and 8 pct SO, 
b> ).02, aed = 0.08), the stable product of 

2 


roasting PbS should be PbSO,, according to Fig. 8. 
Again, the much greater stability of the lead sul- 
fates as compared to other metal sulfates is 
illustrated. 

d) The predominance of lead sulfates in lead 
fume, rather than lead oxide, is caused by the 
great stability of the sulfates. Even a trace of 


SO2 ® so, = 10°* atm) in a blast furnace gas is suf- 


ficient to sulfatize PbO to PbSO,- PbO, if the gas 
contains several percent of O2, as is usually the 
case due to air entering the offtakes from the 
charging doors. 

Many other applications of Fig. 8 may be made. 
When the data can be extended to higher tempera- 
tures, where liquid phases appear, diagrams simi- 
lar to Figs. 4 and 8 would have even greater use- 
fulness. 
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Annealing of Point Defects in Cold-Worked Tungsten 


and the Infuence of Impurities on the Kinetics 


The kinetics of the ‘‘low-temperature’’ recovery of electri- 
cal resistivity of both pure and specially doped cold-worked 
tungsten wire have been studied in the temperature range be- 
tween 250° and 450°C. A two-stage recovery process is found 
in both materials with a process change occurring at about 
325°C in the undoped tungsten and at about 375°C in the doped 
tungsten. The calculated activation energies for the first, or 
low temperature, stage were 1.5 ev and 1.2 ev for the undoped 
and doped tungsten, respectively. The second stage has an 
activation energy of 1.7 ev and 2.3 ev for the undoped and doped 
tungsten, respectively. Recovery in the second stage is ascribed 
to the migration and annihilation of single vacancies while the 
first stage is ascribed to the annihilation of a more mobile de- 


fect, probably divacancies. It is believed that strong interaction 
between the impurity atoms and vacancies plays a direct role 


in inhibiting recrystallization. 


Tue research work presented in this paper had 
initially a two-fold goal. First, further data con- 
cerning the low-temperature recovery of cold work 
was desired. Recovery phenomena have been ex- 
tensively studied in face-centered-cubic metals 
but at the time of initiation of this research, no in- 
vestigation concerning the low-temperature re- 
covery in body-centered-cubic metals had been 
made. During the course of the investigation a paper 
by Martin on the recovery of point defects in molyb- 
denum appeared.’ Comparison of our results on 
tungsten with Martin’s results on molybdenum will 
be made. Secondly, knowledge concerning the in- 
fluence of a particular type of impurity addition on 
the recovery kinetics was desired. It has been 
known for a long time that extremely small amounts 
of certain impurity additions exert a profound in- 
fluence on the recrystallization behavior and the 
resulting microstructure of tungsten. Small amounts 
of potassium silicate and aluminum chloride added 
prior to the reduction of tungsten oxide to the metal 
have been found by Smithells to raise the recrystal- 
lization temperature markedly,” and yield an ultimate 
microstructure in which grains several millimeters 
long are produced in fine wires of say 10 mil diam. 
If the impurities are added singly, ordinary secon- 
dary recrystallization results with none of the 
spectacular properties of the wire to which special 
additions were made. Swalin and Geisler® and Rieck? 
have studied the recrystallization behavior of such 
doped wire in some detail. The former workers 
found that small amounts of these impurities raised 
the recrystallization temperature over 400°C and 
electron microscopic examination revealed no ob- 
vious inclusions in the microstructures. In fact, 
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chemical analysis showed that there was <0.001 
pet K, <0.002 pct Al, trace of Si, and <0.0003 pct O 
in the wire studied. The possibility that the role of 
the special impurities is to keep the structure open 
by void formation and that submicroscopic porosity 
acts as the inhibiting agent has been discussed ide 
Meijering and Rieck® have suggested that the im- 
purities are strung out as second-phase particles in 
a direction parallel to the drawing direction. It was 
thought that a kinetic study of recovery could perhaps 
elucidate the role of the impurities to some extent. 
When a metal is deformed by cold work three basic 
types of defects are thought to be introduced into the 
crystal lattice, namely, interstitials, vacancies, and 
dislocations. Van Bueren® has proposed that re- 
covery of cold-worked metal is a four-stage process, 
each step being the result of the annealing of a pri- 
mary defect or a combination of defects and having a 
unique activation energy. The steps in order of in- 
creasing activation energy are attributed to a) the 
diffusion of interstitials recombining with vacancies, 
b) diffusion of vacancy pairs, c) the diffusion of 
single vacancies, and d) climb of dislocations. In 
metals with relatively low- or medium-range melt- 
ing points the temperatures for recovery are low 
enough so that the first three steps may occur during 
room-temperature deformation. For tungsten, be- 
cause of the high melting point and subsequently high 
recovery temperature, it was calculated, using 
Nowick’s approach’ that this recovery would occur in 
the temperature range 200° to 600°C. It is also 
known that recovery of X-ray line broadening, pre- 
sumably due to dislocation climb, occurs at about 
600°C. 


EXPERIMENTAL METHOD 


Two types of cold-rolled 10-mil-diam tungsten 
wire were used in the investigation; a) pure tungsten, 
(called undoped) and b) G. E. No. 218 wire (called 
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doped). * The 218 wire had the Special impurities 


*Thanks are due to Dr. C. H. Toensing of the Cleveland Wire 
Works, General Electric Co. for providing both types of wire. 
mentioned in the last section. The chemical analysis 
of this wire was given in the last section also. Both 
types were drawn to final size by the manufacturer 
at a temperature between 800° and 850°C. 

The recovery kinetics were followed by observing 
the change in electrical resistivity of the cold- 
worked wires upon annealing. Isothermal and 
isochronal annealing experiments were performed on 
both types of wire. All experiments were performed 
in vacuo to minimize the possibility of oxidation. The 
individual specimens consisted of 5 in. lengths of 
wire bent into a U-shape and spot-welded to four 
nickel alloy leads. A specimen with its leads was 
encapsulated in a vycor glass tube for annealing and 
potential measuring purposes. All measurements 
were made at liquid-nitrogen temperature. During 
measurements the vycor tube was filled with helium 
to facilitate achieving the low temperature and also 
to prevent heating of the specimen from the passage 
of current. 

The actual resistivity change was not measured, 
since the distance between the potential leads and 
the actual current passing through the specimen 
were never measured. Instead, measurements 
were made of the fractional decrease in the potential 
across two potential measuring leads, the potential 
measured prior to annealing being taken as unity. 
This was done by adding a length of 218 wire to the 
bridge circuit so that the current could be alter- 
nately passed through this ‘‘standard’’ and then 
through the specimen with the potential drops being 
measured in each case. The potentials were meas- 
ured with a potentiometer capable of measuring to 
10~* volts with a 0.1 pct error. The standard was 
maintained at liquid-nitrogen temperature throughout 
the run. Multiplying the ratio measured at ¢ equals 
zero, of the standard potential to the specimen 
potential by the ratio of specimen potential to stan- 
dard potential at any time ¢ gives the fractional 
potential, or resistivity, of the specimen at time ¢ 
compared to unity at time zero. The influence of 
thermal electromotive forces was eliminated by 
making measurements in both directions in a sample. 

The temperatures inside the vycor tube at a point 
near the center of the hairpin specimen was meas- 
ured with a chromel-alumel thermocouple. The time 
for the specimen to reach temperature was about 20 
min. The accuracy of the controller and control and 
measuring thermocouples was about + 2°C. 

At the end of the annealing period, the vycor tube 
was quenched into a water bath and filled with he- 
lium. After a few minutes the tube was lowered in- 
to a Dewar of liquid nitrogen and the temperature 
allowed to equilibrate after which the potential meas- 
urements were made. 

For the isochronal experiments, one specimen of 
each type of wire was used, the procedure being the 
same in each case. Preparation of the specimens and 
potential measuring procedures were identical to 
those of the isothermal experiments. The specimen 
was annealed for 120 min at temperature and its 
potential measured. It was then annealed for the 
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Fig. 1—Resistivity ratio vs log time; undoped tungsten. 


same time at a temperature either 25° or 50°C above 
the previous temperature, depending on the tempera- 
ture range in which the annealing was performed. 
The stepwise annealing was carried on over the tem- 
perature range of interest. 


EXPERIMENTAL RESULTS 


The results of the isothermal and isochronal an- 
neals are shown in Figs. 1, 2, 3, and 4. In the iso- 
thermal plots, the resistivity ratio R/R), where R 
is the resistivity after annealing and R, is the initial 
unannealed resistivity, is plotted vs log time in Figs. 
1 and 2. In the isochronal plots, the resistivity ratio 
is plotted vs the temperature of anneal for a constant 
annealing time of 120 min. 

The rate equation for the annealing of a single type 
of defect is given by 


dc/dt = — v f(c)e [1] 


where c is the concentration of defect, f(c) is a 
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Fig. 2—Resistivity ratio vs log time; doped tungsten. 
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Fig. 3—Isochronal plot of resistivity ratio vs temperature; 
undoped tungsten (time = 120 min). 


function of the concentration of defects, v is the 
characteristic jump frequency, Q is the activation 
energy for migration, T is the absolute temperature, 
and ¢ is the time after Martin. Assuming a linear 
relation between R and C we obtain 


dR/dt = — vf (R—R,), O/RT [2] 


where R, is the resistivity after equilibrium is at- 
tained. Integration yields 


g (R—-R,) =— vte~YRT 4K [3] 


At a constant R/R, the material is assumed to be at 
the same stage of recovery for all isotherms, 7.e. 
constants te~@/RT and @ may be evaluated by plotting 
log ¢ vs 1/T. The slope of the resulting straight line 
is the activation energy, @, divided by the gas con- 
stant, provided that a unique process is occurring a 
given stage of recovery. For this to be true parallel 
lines should be obtained in Figs. 1 and 2. It is ap- 
parent that this is not the case, however, and that re- 
covery in tungsten is, therefore, a complex process 
as is also found for other metals. Activation 
energies calculated from such an approach are, 
therefore, not characteristic of a unique process but 
are more or less average values representative of 
the particular processes occurring at that point. 
Plots of this type showing the slopes obtained from 
several R/R, ratios are shown in Figs. 5 and 6. The 
straight lines were fitted to the points by the method 
of least squares. 


84-VOLUME 218, FEBRUARY 1960 


1.000) 


0.980 


0.960 


0.940/-- 


0.920}- 


0.900 


0.880/- 


0.860 


i i 1 1 


100 200 300 400 500 600 700 


it it 


TEMPERATURE, °C 


Fig. 4—Isochronal plot of resistivity ratio vs temperature; 
doped tungsten (time = 120 min). 


The recovery appears to occur in two stages for 
each material as is shown by the isochronal curves, 
Figs. 3 and 4. The experimentally determined and 
averaged activation energies for the low and high- 
temperature stages of recovery for the undoped tung- 
sten are 1.5 + 0.1 ev and 1.7 + 0.1 ev, respectively. 
The corresponding activation energies for the stages 
in the 218 wire are 1.2 + 0.1 ev and 2.3 + 0.1 ev, re- 
spectively. 


DISCUSSION OF RESULTS 


From the proposed annealing equation it would be 
expected that the isothermal annealing curves should 
be identical but displaced along the log ¢ axis, as 
mentioned previously. The fact that they are not 
identical but yet show a systematic behavior is 
indicative of a complex process or processes. These 
processes appear to be both time and temperature 
dependent, each process having a unique activation 
energy. 

The isochronal annealing curves, Figs. 3 and 4 
show a significant change in slope of both curves 
somewhere between 300° and 400°C. The tempera- 
ture difference of this change in slope between the 
curves of the two materials, however, is shown more 
clearly in the isothermal annealing curves. The 
shapes of these curves show a striking Similarity 
when plotted vs log time. The curves are basically 
identical but indicate that the doped wire must be 
annealed at a higher temperature before the second 
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Fig. 5— Log time vs reciprocal of absolute temperature; 
undoped tungsten. 


stage process becomes predominant. Further dif- 
ferences in the two materials are pointed up by the 
- experimentally determined activation energies. 

Martin’ has found two annealing stages in cold 
worked molybdenum with a change in processes oc- 
curring at about 180°C. He tentatively attributed the 
low-temperature stage to the annealing of single 
vacancies and the high-temperature stage to the 
annealing of a complex defect or defects. His cal- 
culated activation energies were 1.26 + 0.04 ev for 
the low-temperature stage and 1.75 ev maximum for 
the high-temperature stage. 

In the experiments of Koo® and Thompson’® on 
tungsten the two stage annealing process was also 
evidenced. Both report an activation energy of 
1.7 + 0.1 ev for the stage occurring near the change 
in slope on the isochronal curves. In Koo’s work 
this value seems to apply to the first recovery stage 
of the present work. Koo and Thompson both at- 
tribute this stage to the annealing of single vacan- 
cies. From the experimental evidence in this paper, 
it is tentatively proposed that the second, or high- 
temperature, stage is caused by the annealing of 
single vacancies. The first, or low-temperature, 
stage is tentatively attributed to the annealing of 
divacancies in accord with the relative mobilities 
of single and divacancies.** 
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Fig. 6—Log time vs reciprocal of absolute temperature; 
doped tungsten. 


From solute diffusion experiments, the activation 
energy for self-diffusion in tungsten has been esti- 
mated to be about 140,000 cal per mole.” In the 
vacancy model of diffusion the activation energy for 
self-diffusion is composed of two parts: a) the 
energy for formation of a vacancy, and b) the energy 
for movement of a vacancy. The energy for move- 
ment of a vacancy is about 40 pct of the activation 
energy for self-diffusion in face-centered-cubic 
materials.”* The calculated activation energy of 1.7 
ev for the second stage recovery in undoped tungsten 
is about 30 pct of the estimated activation energy for 
self-diffusion in tungsten which is body-centered 
cubic. It is reasonable to expect that other factors in 
the body-centered-cubic lattice would give rise toa 
lower activation energy for vacancy migration com- 
pared with the activation energy for self-diffusion 
than in the face-centered-cubic lattice. The calcu- 
lated percentage seems to give credence to the pos- 
sibility that this stage is due to the annealing of 
vacancies. 

The effect of impurities on the recovery kinetics 
is shown by comparing the results for undoped and 
doped wires. The impurities evidently impede the 
annihilation of point defects until a higher tempera- 
ture than is normally necessary for defect migration 
is reached. 
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The higher value of the activation energy for the 
second stage process in doped wire as compared with 
undoped wire tends to invalidate the hypothesis that 
the function of the special additions to doped wires is 
to create porosity in the material and, thus inhibit 
the recrystallization since the high activation energy 
indicates the formation of rather strong bonds 2 
between the defects and impurities. If it is assumed 
that the 1.7 ev activation energy calculated for the 
second stage in undoped tungsten represents the true 
energy barrier for migration of the defect, subtrac- 
tion of this value from 2.3 ev, the energy for the 
same process in the doped tungsten, gives the binding 
energy between the defect here hypothesized to be a 
vacancy, and the impurity atoms. This gives 0.6 ev 
or 14,000 cal per mole as the binding energy and be- 
cause of the large magnitude indicate a rather strong 
coupling. 

Nowick’ in assuming recovery to be a superposi- 
tion of first-order processes has postulated that each 
recovery increment occurs with its own characteris- 
tic time @. The value of @ presumably exhibits the 
following temperature dependence 


= AH/RT [4] 


where 6, is a constant, with dimensions of time, and 
is characteristic for the annealing of point defects in 
all materials. Nowick calculated values of 9, from 
many different experiments and found them all to be 
within the range 


11.0:(+.1.0) 


with 6, measured in seconds. Applying Nowick’s 
equations to the experimental data for the undoped 
tungsten yield values of 


—log 6, = 9.5 (+ 0.3) 
for the high-temperature stage and 
—log 6) = 9.1 (40.2) 


for the low-temperature stage. The calculated values 
for the doped wire are 


—log 6) = 13.5 (40.4) 
and 
—log 6, = 6.1 (+ 0.3) 


for the high- and low-temperature stages, respec- 
tively. Nowick suggests that the values of 9, are 
sensitive to the purity of the material and the experi- 
mental results presented here are in qualitative 
agreement with this suggestion. 

Using the calculated values of 6,, the number of 
jumps a defect takes before annihilation can be 
calculated as shown by Nowick.” The calculated 
number of jumps necessary in the second stage of 
the undoped wire is about 10° jumps. In the doped 
wire the number is about one jump. These cal- 
culated values are not particularly accurate but the 
large difference between the two materials is 
probably significant. The physical meaning of the 
low value for the doped wire can be explained by the 
close proximity of the vacancies to dislocation sinks. 
The nearness of the trapped vacancies to dislocations 
is possible in a number of ways. First, Lomer and 
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Cottrell’* have suggested that the vacancy-solute 
pairs possess a much higher mobility than single 
vacancies and would, therefore, migrate at a lower 
temperature, probably during the first stage of re- 
covery. Since the experimentally determined acti- 
vation energy for this stage is lower than that for 
the undoped tungsten, it is possible that the cal- 
culated value is a weighted average between the 
vacancy-solute pair activation energy, which is low, 
and the activation energy for movement of a divac- 
ancy. Once the vacancy-solute pair has reached the 
dislocation a higher temperature would be required 
to provide the thermal energy necessary to over- 
come the binding energy of the vacancy-solute pair. 
The activation energy of the second stage, there- 
fore, is composed of two parts: 1) that energy neces- 
sary to separate the vacancy-solute pair, and 2) that 
energy necessary for the movement of the single 
untrapped vacancy to the dislocation. This theory 
receives support from Westwood and Broom” and 
Panseri et al.” Westwood and Broom suggested a 
similar vacancy-solute pair movement in their work 
on strain aged aluminum-magnesium alloys. 

Another possible reason for the smaller number 
of jumps in the second stage is the probability that 
the dislocation lines are more jagged due to pinning 
by impurities. In this case the probability of a 
vacancy being annihilated at a dislocation after a few 
jumps is enhanced by the greater length of dislo- 
cation lines per unit volume. Assuming a dislocation 
density of 10**- 10” lines per sq cm in a cold-worked 
material” the dislocation spacing can be estimated 
to be of the order of 100 atom diam if straight lines 
are assumed. 


CONC LUSIONS 


It has been shown that the special impurities added 
to tungsten have a pronounced effect on the low-tem- 
perature recovery of electrical resistivity, this stage 
presumably being due to the annihilation of point de- 
fects. The results indicate very strong interaction 
between point defects and dissolved atoms of the 
added impurity. The significant increase in recrys- 
tallization temperature previously reported could be 
accounted for on the basis of the interaction of dis- 
solved impurities with dislocation walls.” The strong 
interaction between point defects and impurities sug- 
gests an equally strong interaction with dislocation 
walls comprising the boundary. On the other hand, 
as mentioned in the Introduction, impurities had to be 
added in combination or the extreme effects were not 
observed which tends to suggest that impurities exist 
as a particular type of second-phase particle. The 
fact that the present results indicate that an atomic 
form of the impurity is present, of course, in no way 
contradicts the above suggestion since any second 
phase would be in equilibrium with a solution con- 
taining dissolved atoms present in the second phase. 
It is certainly possible that both submicroscopic 
sound-phase particles and the impurities on an 
atomic scale could exert an additive influence on the 
recrystallization behavior. 
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The Rate and Mechanism of the Sulfurization 


of Carbon-Saturated Iron 


The rate and mechanism of sulfur transfer from slag to carbon- 
saturated iron, i.e., sulfurization, was studied. It was shown that 
increasing concentrations of Si, Mn, Ti, and Al in the metal have a 
retarding effect upon the rate of transfer from a 15 pct Al,Os, 45 pct 
CaO, 40 pct SiO, slag. Additions of MnO and FeO, up to 4 pct by 
weight, have little effect upon the rate. In certain ratios Mn in the 
tron and MnO in the slag cause substantial increases in transfer 
rates. Analysis of the data gives a value of about 0.025 cm for the 
“effective diffusion layer’’ for silicon in iron. The proposed rate 
limiting step in the mechanism is postulated as the transport of 


silicon, or other reducible electropositive ion, to and from the in- 


L. D. Kirkbride 


terface so that electrical neutrality may be preserved in the slag 


phase. 


In recent years the problem of sulfur elimination 
in iron and steel-making has been of increasing im- 
portance. This interest has been due to the increas- 
ing amounts of sulfur coming into the system via 


raw materials. As a result, many investigations have 


been directed at obtaining information pertaining to 
the rate and mechanism of sulfur removal in the 
blast furnace as well as measuring appropriate 
thermodynamic quantities. 

Chang and Goldman’ as well as others”* showed 
that the process of sulfur transfer from molten 
carbon-saturated iron to blast furnace-type slags 
could be considered as two opposing first-order 
chemical reactions. 

Recently, Ramachandran ef al.* have shown that 
during desulfurization electrical neutrality is pre- 
served in both phases and iron and silicon are 
transferred into the slag concurrently with the 
evolution of- carbon monoxide gas. They concluded 
that the reaction 


S+C+ (0) = (S) + CO(g) [2] 


does not express the stoichiometry of the sulfur 
transfer process. 
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As in all previous investigations, these authors 
studied the process of a net transfer of sulfur from 
metal to slag across a slag-metal interface. How- 
ever, no experimental data have previously been ob- 
tained for the process of sulfurization. It was the 
purpose of this study to investigate the sulfurization 
process, 2.é., net transfer of sulfur from slag to 
metal. 


EXPERIMENTAL PROCEDURE 


Apparatus— The equipment uSed in this investiga- 
tion was typical of that used by others.’~* The furnace 
was a high-frequency induction unit powered by a 35 
kw Hg spark gap converter. Fig. 1 shows a sche- 
matic diagram of the apparatus. A two-compartment 
crucible assembly was employed to melt the slag and 
metal charges; being similar to that used by 
Ramachandran,’ in size and design. The atmosphere 
was that produced by reaction of hot graphite with 


air. 
Temperature measurements were made by W-Mo 


thermocouples which were calibrated against a 
Bureau of Standards Pt - Pt 10 pct Rh couple. Tem- 
perature control was always good to + 5°C and in 
general was much better than this figure. 

Raw materials used in the experiments were C. P. 
reagent grade where possible. The silica used in the 
preparation of the slags was in the form of highly 
purified silica flour. Silicon and titanium additions 
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Fig. 1—Experimental apparatus. 


to the iron were made by using suitable ferroalloys. 

Sulfur was added to the prefused slags in the form 

of CaS and it was necessary to thrice melt and crush 
these slags before homogenity with respect to sulfur 
was certain. The basic compositions of the two types 
used are as follows: 


a) Acidic slag: 15 pct Alz,O;, 30 pct CaO, 55 pct SiOz 
b) Basic slag: 15 pct Al,O,, 45 pct CaO, 40 pct SiO, 


Samples of molten slag were obtained by freezing 


a small bead of slag on the tip of a 1/4-in. brass rod. 


In all cases the bead was homogeneous throughout. 
Metal samples were obtained by sucking metal into 
4 mm ID silica tubes by using a rubber suction bulb. 
Chemical Analyses and Sources of Error—Sulfur 
analyses in the slag and metal samples were done by 
combustion and evolution methods, respectively. 
Precision of the slag determinations was + 0.01 pct 
S to + 0.001 pct S, depending upon the sulfur content 
of. the samples used. Alloyed silicon, titanium, and 
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Fig. 3—Effect of alloyed silicon on the sulfur—time rela- 
tion, basic slag, 1650°C. 
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Fig. 2—Effect of alloyed silicon on sulfur—time relation, 
basic slag, 1510°C. 


aluminum were determined spectrographically and 
the results were highly reproducible. The remaining 
analyses were performed by standard procedures. 
The sources of error arising in such an investiga- 
tion are numerous. Errors occur in: 1) temperature 
measurement and variation within the crucible, 
2) sampling procedure, 3) estimation of the relative 
weights of slag and metal at any given time, and 4) 
chemical analyses. The interrelations of the above- 
mentioned errors are difficult to ascertain formally. 
The internal consistency of the data is indicated in 
Figs. 2 and 6. The reproducibility of duplicate runs 
is shown in Table I. Therefore, agreement between 
experimental data and theoretical calculations of 
10 to 15 pect was considered as acceptable confirma- 
tion of the interpretation offered. 


Typical Operating Procedure—One hundred grams 
of slag were charged into the upper compartment of 
the crucible assembly while 400 g of metal were 
placed in the lower crucible compartment. The vari- 
ous radiation shields were put in place and the 
system was heated until the temperature of the run 
was reached. After temperature control was estab- 
lished, zero-time samples of the slag and metal were 
obtained via the appropriate sampling ports. The 
stopper rod was then removed and the slag dropped 
onto the metal. Samples were then obtained at 
scheduled times as previously described. 

When additions were to be made to the metal 
phase, they were added with the metal charge. How- 
ever, slag additions were made after temperature 
control had been established. 


EXPERIMENTAL DATA 


Fig. 2 illustrates typical time-concentration 
curves obtained in this investigation. This set of 
data shows the effect of initial silicon content in the 
metal on the rate of sulfurization, i.e., slope of the 
curves, and on the total amount of sulfur transferred 
from slag to metal. 

Fig. 3 shows the minimum in slag sulfur content 
vs time plots that is typical of the sulfurization 
process. It is important to note that the minimum 
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reached in the curves is more pronounced with in- 
creasing temperature, i.e., comparison of Figs, 2 
and 3. 

Fig. 4 shows the equivalence between the amount of 
silicon and sulfur transferred to the metal at any 
given time ¢. This relationship exists for both acid 
and basic slags in the range studied. 

Mathematical Treatment of Data—Several previous 
authors!-3 assumed the process of desulfurization to 
consist of two opposing first-order chemical reac- 
tions. Their equation expressing the process is: 


dC; 100A 

dt ( mCm S Ss) [1] 
where: A = slag-metal interface area, sq cm 


S = slag weight, 
Cs and Cg= concentration of sulfur in metal and slag, 
respectively; weight percent 
K,,= rate constant for sulfur transfer from 
metal to slag: g per min-sq cm - unit 
concentration of sulfur 

rate constant for sulfur transfer from 

slag to metal: g per min-sq cm - unit 

concentration of sulfur. 

For a given alloy content of the metal and composi- 
tion of the slag the rate constants, K, and Ks, give a 
quantitative measure of the rate of sulfur removal 
from the iron. 

The values of the rate constants, Ks and K,,, should 
hold true for net sulfur transfer from metal to slag 
or vice versa if the assumption of two opposing first- 
order reactions is correct, z7.e., the same reaction 
path is followed in both directions. 

In order to determine if values of Ks and K,, for 
sulfurization and desulfurization agree, Eq.[1] was 
modified to account for the changing sulfur content 
of the metal during the course of a run. By consider- 
ing the appropriate boundary conditions for the sys- 
tem in question Eq. [3] was obtained: 


dCs 
dt 
Cs (eq) 
where: Ks = ~ (Cg | 
KS 
C$ andC°? = initial concentration of sulfur in slag 


and metal respectively, weight pct. 
Cseq- = value of sulfur in the slag, approached 
as dC§/dt approaches zero. This value 
is called the ‘‘metastable equilibrium 
value’’. 
It is apparent that K’ is a measure of the net rate of 
sulfur transfer where (C,’— Cy(eqy ) may be considered 
the driving force for the reaction. 
Determination of K’ is most accurately accom- 
plished by integrating Eq. [3]: 


In (C$ — Cseq))= —K’t + cons’t. [4] 


A plot of In (Cj — Cs(eqy) vs time gives a straight line 
with slope equal to —K’. Such a plot is shown in 
Fig. 5 for two runs of different initial silicon contents 
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Fig. 4—Sulfur transferred to metal vs silicon transferred 
to metal, various experimental conditions—1510°C. 


in the metallic phase. 

Determination of K,,and Ks in the above manner 
allowed comparisons to be made between data in 
studies involving sulfurization as well as desulfuri- 
zation." ° Table I shows values of Cyeq), K’, Ks, Kn 
calculated in this way for representative runs made 
under comparable conditions in order to show the 
reproducibility of the procedure. 


INTERPRETATION OF RESULTS 


Figs. 6 and 7 compare data obtained for sulfuriza- 
tion with that obtained for desulfurization for silicon 


and manganese additions, respectively. The nominal 
slag composition was 15 pct Al,O,, 45 pct CaO, and 
40 pct SiO, (designated 1545 slag). It can be seen that 
there is no similarity between the two sets of re- 
sults, thus indicating that the values of the rate con- 
stants, K,, and Ks, are dependent upon the direction of 
sulfur transfer. This result indicates a different 
mechanism for sulfurization than for desulfurization 
and the inadequacy of Eq. [1] for describing the two 
processes. 

Results of Silicon Additions— For runs involving 
silicon additions to the metal, analyses of the metal 
phase combined with materiat balances gave the 
result that the rates of transfer of sulfur and silicon 


Table 1. Reproducibility of Measurements 


(All runs at 1510°C) 


Initial 


Run Slag Pet Si Cseq) K' Ks ee 
K22 1545 0.01 1.39 0.106 0.0012 0.0164 
K36 1545 0.01 1.38 0.104 0.0012 0.0164 
K39 1545 0.02 1.51 0.098 0.0009 0.0160 
K25 1530 0.01 0.70 0.031 0.0009 0.0024 
1530 0.01 0.68 0.026 0.0007 0.0024 


K68 
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Fig. 5—Determination of K', basic slag, 1510°C. 


from the slag were equal on a molar basis within the 
experimental accuracy obtainable. This relation is 
shown in Fig. 4 and covers the entire composition 
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Fig. 7—Effect of alloyed manganese on the rate constants, 
KM" and K™" basic slag, 1510°C 
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Fig. 6—Effect of alloyed silicon on the rate constants KSi 
and KSi, basic slag, 1510°C. 


range of slag studied, i.e.,15 pct Al,O,; 30 to 45 pct 
CaO, remainder SiO,. 

These data were interpreted on the basis of the 
two-film theory of mass transfer between two im- 
miscible phases. A comprehensive treatment of 
the application of this concept to metallurgical re- 
actions has been made by Wagner *” and is the basis 
for the following interpretation. 

In general a heterogeneous transfer reaction is 
composed of three steps in series:° 

1) transport of the reactants to the interface 

2) reaction and transfer of elements at the inter- 

face 

3) transport of products away from the interface. 
There are two limiting types of reaction; 1) exclu- 
sive transport control (by diffusion and convection 
of species to and from the interface), and 2) ex- 
clusive control by reaction at the interface (reaction 
of species determined by kinetic and electrochemical 
principles). As a first approximation to the mechan- 
ism of the process, it may be considered that dif- 
fusion and convection transport of silicon and/or 
sulfur to and/or away from the interface is rate 
controlling. 

A reaction which provides the observed relation- 
ship between silicon and sulfur is: 


+ 44 —2 - 7 
SiGiag) SGlag) BE Cometal) Si metal) 
+ S(metat) * CO(e) 


The equilibrium constant for Eq.[5] is written as: 


Ks = (ds; )(4s)(Pco/asi + 4)(@s - 2) (ae) 

Upon substitution of concentrations for activities 
and assuming Poo, A — 2, and de to be approxi- 
mately constant over small composition changes; K, 


becomes a function of concentrations of silicon and 
sulfur only. 


Ks = Cg, Cg CS [6] 


(Prime and double prime quantities refer to metal 


and slag respectively and concentrations are in mols 
per cc.) 
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Analysis of the data by methods suggested by 


Wagner’ leads to the development of the following 
equation: 


ace 

dt (eq) ) [7] 
where: x refers to sulfur or silicon 

Cx(eq) is the asymptotic minimum value of 
sulfur approached in the slag in the case of 
sulfur In the case of silicon Cgi.,) is taken 
as the value of the silicon when the minimum 
value of sulfur in the slag is reached. 

Since there is also some reduction of silica by 
carbon, d Cg; /dt is not actually zero at the time of 
the occurrence of the sulfur minimum. However, 
dCg /dt is very small compared to that in the early 
part of the process when sulfur is transferring from 
slag to metal, and for purposes of plotting data, itis 
taken as negligible when the minimum in the sulfur 
vs time curve is reached. 

Evaluation of the term K~ gives the following 
equation: 


where: D 


=K* (Ch 


diffusion coefficient of constituent x 


5 = ‘‘effective’’ diffusion layer next to the 
interface 
V = volume of phase in cm? 
(Cx/C;.)* = ratio of concentrations of x at the inter- 


face 
Due to the approximate equality of the transfer 
rates of silicon and sulfur as shown previously, 
KS = K%Si = K’. K' was measured experimentally and 
was used to evaluate Eq. [8] By rearrangement, 
Eq. [8] gives an equation for a straight line: 


A {C \* 
We V = 


(D/5)e  (D/8)x 

By considering (CY /C{)* as equal to 
when dC¢/dt ~ 0, Eq. [9] can be plotted and values 
obtained for (D/5), and (D/5),, by using runs with 
various initial silicon concentrations in the metal. 
By plotting Eq. [9] for both possible cases, silicon 
transport control and sulfur transport control, a 
distinction as to which one constitutes the rate 
limiting process may be obtained. Fig. [8] shows 
the plot of Eq. [9] with silicon regarded as the rate 
limiting species. A similar plot with sulfur trans- 
port assumed to be the rate limiting step was er- 
ratic, and a straight line could not be drawn through 
the points. This result suggests that the process of 
sulfurization under the conditions studied is con- 
trolled by the transport of silicon to and away from 
the interface. 

Values for (D/5)¢ and (D/5)s; are 0.025 cm per 
min and 0.32 em per min respectively at 15 10°C. 
Using the value of Grace and Derge for Dg, 
= 9X 10° cm’/min’ gives 5, = 0.03 cm. This value 
of 6g; is larger than the value of 0.003 cm taken by 
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Fig. 8—Determination of (D/5)g; and (D/8)si, basic slag, 
1510°C, assumption: C§i = total silicon in slag. 


Darken’® as the ‘‘effective’’ diffusion layer for oxygen 
in the metal in his treatment of the carbon boil in the 
open hearth. This difference is expected since the 
latter case is for a ‘‘boiling’’ liquid and the former 
is for a liquid stirred by natural convection only. 

The magnitude of the diffusion velocity, (D/6), of 
silicon away from the interface in the metal phase is 
approximately twelve times as great as that for its 
supply to the interface in the slag phase. This result 
is expected on the basis of the difference in viscosity 
of the two phases and the different bonding of silicon 
in Slag compared to that in metal. 

The possibility of an electrochemical component in 
the mechanism influencing the rate of sulfurization is 
not ruled out because the present data could not be 
applied to a treatment based on electrochemical con- 
trol. However, since the data do in fact conform to a 
mechanism.of silicon transport control, electro- 
chemical factors seem to be of secondary importance 
in this process under the conditions studied. 

Simultaneous Silicon and Sulfur Transfer and the 
Rate of Sulfurization—On the basis of experimental 


evidence cited above, initial transfer of sulfur from 
basic slags to metal depends primarily upon the rate 
of silicon transport to the interface. However, after 
a metastable equilibrium has been established ac- 
cording to Eq. [5], further reduction of silicon ion 
occurs by the reaction: 


20(stag) + Si*étag) 2C(metal) = Si(metal) +2 COQigas) [10] 
It has been shown” that reaction [10] is very slow, 
and it has been proposed that the reaction is electro- 
chemically rather than transport controlled. 

In the foregoing treatment a shift in mechanism of 
silicon transfer to the metal was implied when 
dCé/dt +0, allowing the ratio (Cg to be eval- 
uated as approximately equal to (Cé;/Céi )buik. The 
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= 


change in mechanism is from silicon transferring 
with sulfur across the interface in combination with 
carbon monoxide evolution, to a slow reduction by 
carbon, probably controlled at the interface. 

A change in the silicon transfer mechanism from 
silicon transport to electrochemical control, when 
metastability with respect to sulfur occurs, is sup- 
ported by the experimentally observed sulfur and 
silicon contents of the metal. The silicon content of 
the iron paralleled the increases of sulfur in the 
bath up to the time of minimum slag sulfur in Fig. 3, 
0< t <tmin. For ¢ >tmin a marked decreased 
was observed for the rate of silicon transfer to the 
metal. (The silicon in iron vs time curve was 
nearly horizontal at a temperature of 1510°C). 

The rise in sulfur content of the slag after passing 
the minimum in Fig. 3 can be explained by consider- 
ation of the equilibrium: 


Si+ 2S + 2(CaO) = 2(CaS) + (SiO,) [11] 


(This is but one of several equations that can be 
written. However, all yield the same result). 
The equilibrium constant is expressed as: 


Kay = (cas) %(Si02) [12] 
If Eq. [12] is to be satisfied, a certain distribution 
of sulfur is needed between slag and metal. The 
difference between the actual ratio a*(CaS)/as2 exist- 
ing at time ¢ and that needed to satisfy Eq. [12], for 
any given dg; and slag basicity, may be regarded as 
the driving force for the sulfurization process for 
0 < t < tnin. If it is assumed that Eq. [12] is satis- 
fied att = ltnin then as more silicon is reduced into 
the metal by carbon according to Eq. [10], desulfur- 
ization of the metal occurs and a*(cas) /a*s(or 
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Fig. 9—Effect of alloyed titanium on K;* and KT} , 1510°C. 
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increases to keep Ky constant. It is noted from Fig. 
3 that the final sulfur distribution ratios obtained 
only when no furthur silicon is reduced from the slag. 

That silicon dissolved in the metal has a major 
influence on the removal of sulfur from carbon- 
saturated iron is supported by Kootz and Oelsen™” 
and Weilandt, Maetz, and Oelsen. * These authors 
found that if the composition of a slag remained 
essentially constant, sulfur would be removed from 
the metal only as rapidly as its silicon content 
increased. 

Results of Manganese Additions— Goldman’ ob- 
tained a measure of the rate of desulfurization as in- 
fluenced by manganese additions to the metal. An 
extreme accelerating effect was observed for addi- 
tions up to 0.5 pct Mn. This effect can be repre- 
sented by the following partial ionic reactions: 


Mn + | 13a] 
+ S Gtag) [13c] 


in which manganese in addition to iron was oxidized 
into the slag so as to preserve electrical neutrality. 
Similarly, in sulfurization the retarding effect of 
manganese shown in Fig. 7 may be regarded as due 
to a competition between slag sulfur and alloyed 
manganese to reduce silicon ions according to the 
reactions: 


(Sit4) + 4e- = Si [14a] 
+ 2e- [14b] 
Mn — Mn+? + 2e- [14c] 


In view of the large concentration of silicon in the 
slag, it seems necessary to assume that only certain 
ionic species containing silicon participate in the 
reaction, if silicon transport is rate controlling. 
Manganese in the metal would then act as a com- 
petitor with sulfur ions for these reactive silicon 
ions. Therefore according to this hypothesis, an 
increase in manganese concentration in the metal 
would cause the net rate of sulfurization to be re- 
duced, which is in accordance with experimental 
evidence. 

In slags in contact with iron containing manganese, 
manganese oxide additions caused substantial in- 
creases in rates of sulfurization confirming the ob- 
servations of Grant and coworkers.** These increases 
are due to the netrualization of the retarding effect 
of manganese indicated above by the additional reaction: 
ditional reaction: 


(MnO) + 0-2 [15] 


Influence of Other Alloy Additions, Ti and Al— Ad- 
ditions of titanium and aluminum to the metal cause 
decreases in sulfurization in a manner identical to 
that of manganese and silicon. Competitive reac- 
tions may be written as follows: 


Ti — Tit4 + 4e- [15a] 
[15b] 
Al + 3e- [15c] 
+ 4e- = Si. [15d] 
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Fig. [9] and Eq. [3] show that increasing TiO, con- 
tent increases sulfurization. Slags containing high 
concentrations of TiO2 could cause increases in 
sulfurization due to alteration in Slag structures due 
to ionic potential differences of titanium and silicon. 
As TiO, is added to a slag its oxygen ions would be 
polarized to a large extent by the silicon ions be- 
cause of the higher ionic potential of silicon. This 
polarization would weaken the Ti — O bonds and 
thereby make Ti ions available to accept electrons 
from sulfur and transfer into the metal according 
to the reverse of Eqs. [15a] or [15b]. 

It is not implied that the reactions proposed in the 
previous section occur in the ratios as written but 
only that reactions of this type are necessary for 
electrical neutrality to be maintained. Therefore, the 
higher the concentration of TiO,, the greater the 
transfer rate because of a greater supply of weakly 
associated titanium ions. 


DISCUSSION OF RESULTS 


It is apparent from Figs. 6 and 7 and comments of 
certain authors’ that the mechanism of sulfuriza- 
tion is not one of simple reversibility of that for 
desulfurization. The increased rate of desulfuriza- 
tion caused by alloy additions Si, Mn, Al’ * may be 
interpreted in terms of a mechanism by the partial 
reactions given by Eqs. 13, 14a, and 15c. However, 
the retardation of sulfurization caused by these 
elements must be interpreted as a result of the 
competition between alloying elements in the metal 
and sulfur in the slag for electropositive slag ions 
at the interface. 

It is interesting that the retardation of sulfuriza- 
tion cannot be explained on the basis of activity ef- 
fects. Silicon,’® aluminum,” and possibly titanium 
raise the activity coefficient of sulfur dissolved in 
iron whereas manganese’° decreases it. Since the 
behavior of these elements is approximately the 
same in retarding the process, activity variations 
cannot be used as a sole basis for the mechanism. 


APPLICATION OF THE RESULTS OF THIS IN- 
VESTIGATION TO THE BLAST FURNACE 


Process—Some investigators suggest that iron 
falling through the stack of a blast furnace is sul- 
furized by a rather high sulfur slag above the 
tuyeres.” Desulfurization is subsequently accom- 
plished below the tuyere level either as the metal 
falls through the slag layer or when the metal and 
slag exist in the hearth as stagnant layers. 

The results of this investigation lend some evi- 
dence concerning a possible mechanism for the 
process. Lumps of lime become rich in sulfur 
due to solid-gas reactions with sulfurous gases 


relatively high in the stack or possibly even by 
solid-solid reactions. As these lumps begin to 
combine with the slag forming materials above 
the tuyeres a high sulfur slag is produced. Iron 
falling through or in contact with this slag be- 
comes sulfurized until a metastable state is reached 
according to Eqs.[5]| and [6]. Therefore, as the iron 
beads reach the top of the slag layer in the hearth 
they are high in sulfur. Desulfurization is accom- 
plished as a direct effect of additional silica re- 
duction according to Eq. [10], followed by [11]. 
Sulfur distribution ratios, (%S)/%S, are approxi- 
mately 40 to 60 at time of cast in the blast furnace, 
and silicon contents of the metal run in the range 
1.0 to 1.3 pet. Distribution ratios similar to those 
obtained commercially were observed in this in- 
vestigation at similar silicon contents in the metal. 
From evidence cited it appears that sulfur in the 
hearth of the blast furnace may be in a metastable 
state of equilibrium between slag and metal, and 
that sulfur can be removed from the metal only as 
its silicon content increases. This concept is sup- 
ported by others.’?** 


CONCLUSIONS 


1) Values of the rate constants, K, and Ks, defined 
by the equation: 


— dCs /dt = Ks Cs — KnCn 


are not equal for sulfurization and desulfurization 
studies. 

2) It follows from 1) that the mechanism of sulfur 
transfer from slag to metal is different from that of 
desulfurization. 

3) In sulfurization the controlling step is inter- 
preted to be the supply of reducible electropositive 
ions to the interface so as to preserve electrical 
neutrality within the slag at the interface. 

4) The sulfurization of iron is retarded by alloyed 
Mn, Si, Ti, and Al. This may be interpreted as a re- 
sult of competition between sulfur ions in the slag 
and alloy in the metal to reduce silicon ions at the 
interface. 
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Composition-Temperature Behavior of 


the Martensitic Transformation in Beta AgCd 


The characteristics of the martensitic transformations in- 
duced by cooling or mechanically deforming 8'AgCd were studied. 
The composition dependences of the bcc=orthorhombic Mg, M;, 
As, and Ag temperatures were determined. A transformation 
mechanism is suggested which would account for the distortion of 
the body-centered unit cube to produce the hexagonal and ortho- 


rhombic transformation structures. 


Tue martensitic transformations occurring in B’ 
AgCd as a result of cold working at room temp= a- 
ture and cooling below room temperature have veen 
reported by Masson and Barrett. These authors 
found that simple cooling to 127°K caused body-cen- 
tered-cubic AgCd containing 53.0 at. pet Ag to trans- 
form to an orthorhombic structure, while mechanical 
deformation at room temperature was found to in- 
duce a hexagonal structure. Furthermore, they ob- 
served that the temperature at which martensite 
first appeared on cooling, M,, and that at which the 
transformation was complete, My, as well as the 
corresponding temperatures for the reversion on 
heating, A; and A,, could be ascertained to + 1°K, 
although they report these temperatures only for the 
alloy containing 53.0 at. pct Ag (51.96 wt pct). In the 
work reported here the temperature range of the 
transformation on cooling was studied as a function 
of composition, and further consideration was given 
to the relationship between the original bcc struc- 
ture and the transformation-induced hexagonal and 
orthorhomic structures. 


EXPERIMENTAL PROCEDURE 


All samples studied were in the form of annealed 
300-mesh powder and were prepared from the con- 
stituent metals in the manner described previously.* 
The compositions in weight and atomic pct are listed 
in Columns 1 and 2 of Table I. Method of determina- 
tion of transformation temperature was the same as 
utilized previously’ measurement of the intensity of 
X-rays diffracted by the transformation product. A 
diagram of the low-temperature sample mount is 
shown in Fig. 1. This mount was made to fit a GE 
model XRD-3 X-ray diffraction unit. The powder 
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sample was varnished to a flat surface on a copper 
sample holder at A. This sample holder was 
soldered to a brass rod, B, which was in turn 
soldered to a second copper rod, C. Rod C could 

be cooled to 78°K by inserting it into a reservoir of 
liquid nitrogen, D. A heater coil of nichrome wire 
was wound at E on the sample holder, and by varying 
the current through the heater a thermal gradient 
could be maintained along brass rod B. Sample tem- 
peratures from 78°K up could be attained and held 

as long as needed. The sample holder and nitrogen 
reservoir were insulated by Styrofoam, F, and the 
sample itself was protected by two radiation shields, 
G. The X-ray beam entered and left the sample 
chamber through windows in the supporting container 
at H and I. Sample temperatures were measured by a 
calibrated copper-constantan thermocouple varnished 
to the sample holder just out of the beam at A. 

The low-temperature structure had been found to 
possess orthorhombic symmetry’ and the expected 
positions of the diffraction maxima were known. 
Therefore the sample was aligned in the X-ray 
beam and the Geiger counter of the spectrometer set 
to receive the most intense orthorhombic reflection 
without an adjacent interfering cubic reflection. This 


Table |. Composition Dependence of Transformation Temperatures 


Transformation Temperatures, °K 


At. Pct Ag Wt Pct Ag M, My A, Ay 
53.4 52.4 138 126 142 152 
53.0 52.0 127 109 124 135 
53.0 52.0 126 108 123 136 
53.0 52.0 127 110 
52.5 51.5 114 101 113 125 
52.0 51.0 104 91 102 113 

105 91 
50.9 49.9 87 
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Low Temperature Mount 


F F 
C 
temperature sam- 
ple mount built for 


B the XRD-3 diffrac- 
tion unit. The 
meaning of the 
lettering is given 
in the text. 


\\ 


Fig. 1—Schematic 
diagram of the low- 


was the orthorhombic 020 peak which occurred at 

26 = 36.65° when copper Ka radiation was used with a 
nickel filter. Angular shifts in 26 caused by varying 
the composition over the small range in Table I were 
found to be small in comparison with the width of the 
peak and therefore the counter was set at the same 
angle for all compositions. The sample was then 
cooled slowly and the intensity of the diffracted beam 
measured at intervals of about 5°K. Without intro- 
ducing appreciable error in the intensities, the 
counter could be set at one angle for the entire tem- 
perature cycle, since the diffraction peak was wide 
with respect to the small thermally-induced shift 

of the peak. 


RESULTS 


A typical cooling and heating curve is shown in 
Fig. 2, where percent of martensitic product is 
plotted as a function of temperature. The values of 
the transformation temperature were obtained by ex- 
trapolating the percent martensite vs temperature 
curves back to 0 pct (or 100 pct) transformation 
product. This was found to give the most reproduc- 
ible results, although small amounts of martensite 
formed prior to the somewhat arbitrary M, tempera- 
ture and subsequent to the M; temperature. The 


extrapolations were felt to be typical of the bulk 
properties of the alloy, however, especially since the 
detection of a consistent point of initial curvature of 
the plots was quite difficult. Naturally this also ap- 
plies to the determination of A, and Ay. 

The effect of composition on M,, My, As, and Af 
is tabulated in Table I and shown graphically in Fig. 
3. These data show M, to decrease with decreasing 
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Fig. 2—Extent of transformation to the orthorhombic 
martensitic product for the alloy containing 53.0 at. pct 
Ag as a function of temperature in the transformation 
range. M, and My refer to the temperatures at which the 
transformation on cooling begins and ends, respectively; 
As and Ay have similar meanings for the reversion on 
heating. Extrapolated values of these temperatures are 
given in Table I for several compositions. 


silver content. This is in agreement with the com- 
ments of Zirinsky,” who noted that in B’CuZn and 

8B AuCd (isomorphous with 6’ AgCd) as the electron/ 
atom ratio is decreased the alloys exhibit greater 
tendency toward transformation. Decreasing the 
electron density is thought to cause a decrease of 
the (011) [011] shear modulus of the bcc cell; this 
modulus will be discussed later in connection with a 
proposed transformation mechanism. The mean 
slope of the composition vs M, curve is about 20 deg 
per 1 pct Ag—this is not as steep as the 74 deg per 
1 pct Cu reported previously for the M, temperature 
of 8’CuZn by Titchener and 

In addition to the points of Table I, Fig. 3 also 
shows results of other experiments performed on 
alloys containing 48.1, 47.0, and 45.5 at. pct Ag at 
78°K and on one containing 53.0 at. pct Ag at 4°K. 
Filings of the first three compositions, possessing 
the bec structure, were cooled to 78°K but no 
structural changes were noted; this showed that the 
M, temperature curve is not symmetrical about the 
50 at. pct composition. The 53.0 at. pct sample, 
which had a M, temperature of 127°K, retained its 
orthorhombic structure at 4° K—cooling 123 deg be- 
low M; did not result in further structural modifica- 
tion. The work at 4°K was done with a low-tempera- 
ture, liquid helium-cooled spectrometer described 
elsewhere? 

The investigation into the occurrence of the cold 
work-induced hexagonal phase had been previously 
carried out at room temperature only.* However, in 
the present work samples of B’AgCd were deformed 
by filing at 78°K and the structure determined with- 
out allowing sample temperature to rise above 


The hexagonal structure was again obtained, even 
though deformation had been performed on the 
orthorhombic martensitic product. In no case was 

it possible to retain either the body-centered cubic 
structure or the orthorhombic structure after severe 
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Fig. 3—Composition dependence of M,, Mp A,, and A, in 

B’AgCd. Note points at 78°K where the bcc structure was 

stable and the point at 4°K where the orthorhombic struc- 

ture was found to be stable. 


mechanical deformation at or below room tempera- 
ture. 


DISCUSSION 


Consideration of atomic models of the orthorhom- 
bic and hexagonal structures shows them to be re- 
lated to each other and to the original cubic structure 
by rather simple, although inhomogeneous, atomic 
movements. In the previous paper’ it was noted that 
the orthorhombic structure could be regarded as a 
Slightly distorted body-centered-cubic configuration. 
It was stated that the distortion of a unit body-cen- 
tered cube could be reproduced by contraction of 6.0 
pet in the [100] direction, expansions of 4.1 pct and 
1.9 pet along the [011] and[011] directions, respec- 
tively, and a glide of alternate (011) planes in the 
[011] direction with respect to the interleaving 
planes, which are unshifted. The amount of this glide 
was 11.4 pct of the face diagonal of the cubic unit 
cell. Slight continuations of these same distortions 
can be applied to the orthorhombic structure to give 
the observed hexagonal symmetry. The former [100] 
direction in the unit cube is contracted 5.0 pct fur- 
ther; the former cubic [011] and [011] directions ex- 
panded 4.7 pct and 0.7 pct more; and alternate cubic 
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Transformation of Beta AgCd 


Orthorhombic Hexagonal 


Cubic 


=1.534 =1.625 


a 
b 2 
1.732 


=1.569 


Fig. 4—Progressive distortion of a unit cell of the body- 
centered cubic structure to orthorhombic and hexagonal 
symmetries. The entire orthorhombic and hexagonal unit 
cells are not shown; the drawing shows only the reYative 
positions of the atoms which were thought to have formed 
a unit cube prior to the transformations. The axial ratios 
are referred to orthorhombic coordinates for all three 
figures. 


(011) planes displaced by glides of 6.5 pct more along 
the [011] direction. These distortions can be more 
easily visualized by reference to Fig. 4, where the 
three configurations are shown in isometric drawing. 
These are not the unit cells which repeat according 
to the orthorhombic and hexagonal symmetries, but 
rather were all drawn on orthorhombic axes to show 
the progressive distortions of the body-centered 
cube. 

Zener“ has noted that a shear in the [011] direction 
in the (011) plane of a body-centered-cubic lattice 
leaves the distance of nearest neighbors unchanged to 
a first approximation, and therefore should occur 
unimpeded in a bcc packing of hard spheres. Be- 
cause of the low value of this shear modulus the 
amplitude of vibration in the [011] (011) shear strain 
coordinate should be large; this in turn implies that 
a relatively large entropy is associated with the bcc 
structure at high temperatures. A large entropy 
relative to that of other structures would cause the 
free energy of the bcc structure to decrease more 


rapidly with increasing temperature because of the 
large A(TS) term. This would tend to make the bec 
structure stable at high temperatures but might 
cause it to have a high free energy relative to other 
structures at low temperatures. Zener therefore 
predicted that at low temperatures alloys having a 
bec structure of positive ions consisting of closed 
shells, such as 8’AgCd, would have a low resistance 
to this shear; and hence, would have low mechanical 
stability and a free energy relatively higher than 
that of alternate structures. It is significant that the 
major distortion in the present transformation of 

8’ AgCd is apparently such a [011] (011) glide, and 
that in spite of the magnitude of this glide the atoms 
retain their eight closest neighbors by virtue of the 
other small contractions and expansions. Because of 
the intermediate character of the orthorhombic 
structure in this distortion it is suggested that it is 
an intermediate to the hexagonal configuration, which 
would then be the equilibrium structure of lowest 
free energy. Perhaps the reason the hexagonal 
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structure does not form spontaneously at the M, 
temperature is that excessively large accommodation 
strains (exceeding those of the orthorhombic struc- 
ture because of the larger inhomogeneous distortion) 
arise in the untransformed matrix and halt the 
atomic movements at the orthorhombic configura- 
tion. This is supported by the fact that in 6 ‘AgCd A, 
is generally found to be lower than M,; presumably 
accommodation strains enhance the reversal of the 
martensitic transformation and lead to A, tempera- 
tures lower than those which might be encountered in 
the absence of accommodation strains. Furthermore, 
it is suggested that in the presence of the severe 
mechanical deformation accompanying the filing 
operation sufficient energy is supplied to overcome 
the resistance to shear of the surrounding regions. 
It is also thought that cold work was sufficient to 
destroy the existing long range order; this will be 
discussed in the following paragraph. It was hoped 
that cooling 123 deg below M, to 4°K might be suf- 
ficient undercooling to overcome the accommoda- 
tion energy and produce the hexagonal structure 
unaided by external stress; this proved not to be the 
case. 

Transformation from a body-centered cubic to a 
hexagonal structure with decreasing temperatures is 
quite common in the group of ‘3/2 electron com- 
pounds’’ to which 6’ AgCd belongs. Examples which 
may be cited in this connection are AgZn, Cu,Ga, and 
Ag, Al. In fact, even in the Ag-Cd system disordered 
bce AgCd transforms spontaneously to a hexagonal 
phase, ¢, at 743°K; this again becomes bcc at 513°K 
after an ordering reaction which is thought to stabi- 
lize the body-centered-cubic structure. The reason 
suggested by this author for the occurrence of the 
cold work-induced hexagonal phase at room tempera- 
ture, above M,, is that the cold work disorders the 
atomic arrangement sufficiently to raise the free 
energy to that of a disordered bcc structure. Since 
this is presumably quite high at room temperature 
relative to the free energy of other structures, as 
evidenced by the rapid narrowing and final disap- 
pearance of the disordered bcc phase field with de- 
creasing temperature, and since the accompanying 
cold work also offers sufficient energy to overcome 
the accommodation strain barriers opposing the 
transformation, the hexagonal structure occurs. 
Presumably in time the atoms would become ordered 
once more and an ordered bcc configuration would be 
more stable at room temperature than one with an 
ordered hcp structure—this is verified by the ob- 
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servation that the structure reverts slowly to body- 
centered cubic at room temperature, and that the 
speed of the reversion appears to depend on the de- 
parture of the composition from the 1:1 atomic ratio 
possessing maximum order.® 


SUMMARY 


The composition dependences of the transforma- 
tion temperatures M,, M;, A,, and Ay were de- 
termined for the bcc=orthorhombic transformation 
observed in 8’AgCd at low temperatures. The mean 
slope of the composition vs M, curve was found to 
about 20 deg per 1 pct Ag; the greater tendency 
toward transformation with decreasing electron/ 
atom ratios was found to agree with similar obser- 
vations made previously on 8’CuZn and BAuCd. 

The orthorhombic structure produced by simple 
cooling was found to transform to a hexagonal close- 
packed structure when subjected to mechanical de- 
formation; this hcp structure was identical to that 
previously produced by mechanical deformation of 
the bee structure at room temperature. Because of 
the intermediate character of the orthorhombic 
structure in this series it was postulated to be a 
metastable intermediate to the final hcp structure. 
The mechanism suggested which would produce such 
an intermediate to a bcc— hep transition was found 
to agree with the small resistance to shear along the 
(011) plane in the [011] direction of the bcc structure. 
Furthermore, it was suggested that the bec—hcp 
transformation induced by mechanical deformation at 
room temperature, above the M, temperature of the 
alloy, could be ascribed to the decrease in long range 
order and accompanying increase in free energy of 
the bcc structure caused by such a deformation. 
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Effect of Grain Growth on the Formation of the 


Cube Texture in an Al-Mn Alloy 


An Al-Mn alloy was used for the study of the effect of gram 
growth on the formation of cube texture. The volume fraction of 


the cube-texture component increases on continued annealing after 
recrystallization is complete and this can be correlated directly 
with the extent of grain growth. The effect of penultimate grain 
size on the volume fraction of the cube-texture component is 
clearly demonstrated in a quantitative manner. 


Earlier work! indicated that in rolled and an- 

“nealed copper the volume fraction of the cube- 
texture component may increase on continued iso- 
thermal annealing. Merlini found? that in rolled 
copper the well-known increase in the amount of 
cube-oriented material with increasing annealing 
temperature’ is concurrent with grain growth, which 
takes place after recrystallization is complete. It 
was found that both in copper? and in aluminum’ the 
texture resulting from primary recrystallization, 
even if this is followed by some grain growth, may 
in general comprise, in addition to the cube-texture 
component, four symmetrical texture components of 
the general type (123)[412], 7.e., components not 
very far from the ideal orientations of the rolling 
texture. The volume fraction of the cube-texture 
component increases on further annealing at the ex- 
pense of these four components.* 

The present work was undertaken to study quanti- 
tatively the increase in the volume fraction of the 
cube-texture component in the course of normal 
grain growth, under varying conditions. Since the 
grain-growth behavior of Al-Mn alloys has been 
already investigated in some detail,° an Al + 0.8 pct 
Mn alloy was chosen for this work, in which the ex- 
tent of normal grain growth can be effectively con- 
trolled by the inhibiting effect of a dispersed second 
phase. 


EXPERIMENTAL PROCEDURE 


High-purity aluminum of the following composition 
was used: Al 99.997 pct, Cu 0.0004 pct, Fe 0.0005 
pet, and Si 0.001 pet. A high-purity Al-Mn master 
alloy was prepared by dehydrating manganese chlo- 
ride at 500°C and reacting it with molten high-purity 
aluminum at 750°C in a graphite crucible.®° The Mn 
metal reduced from the salt by the molten aluminum 
goes into solution in the latter. The master alloy, 
containing 13 pct Mn, was solidified under conditions 
suitable for minimizing segregation. An ingot of the 
final alloy, to be used in the experiments, was pre- 
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pared by melting high-purity aluminum and the nec- 
essary amount of master alloy in a graphite cru- 
cible, and by pouring the molten alloy into a graphite 
mold preheated to 700°C through a box containing 
graphite baffles designed to intercept most of the 
aluminum oxide films floating in the melt. The melt 
was then solidified by placing the mold on a water- 
cooled copper plate and by keeping the top of the 
mold hot, in order to minimize piping. The 6 Tet its 
long, 1*/,-in. diam ingot consisted largely of a single 
crystal. Chemical analysis showed that there was 
little segregation from the bottom (0.83 pct Mn) to 
the top (0.81 pet Mn). Spectrographic analysis of 
the ingot showed that the impurity content remained 
essentially the same as that of the aluminum used. 

The ingot was processed so as to obtain a uni- 
formly small grain size, without banding. The ini- 
tial steps of rolling in the form of a flat bar and of 
annealing, down through a thickness of 0.4 in., are 
shown in Table I. 

At this point the bar was cut into four sections, 
each approximately 3 in. long, which were processed 
separately as shown in Table II. The table also 
gives the penultimate grain sizes obtained in each 
section by annealing prior to the final rolling of 
90 pet RA. During the final rolling the strips were 
reversed end to end between passes. Annealing 
treatments were given in a salt pot furnace, with 
the temperature controlled to +1°C. All annealing 
of section ‘‘6S’’ was carried out above the solvus 
point to avoid the formation of second-phase pre- 
cipitate. The penultimate annealing was sufficiently 
short to give a relatively fine grain size in spite of 
the high temperature. Section ‘‘6L’’ was processed 
in a Similar manner, except that the penultimate an- 
nealing was much longer, so as to allow considerable 
grain growth. Section ‘‘4’’ was given the two final 


Table |. Rolling and Annealing Schedule of Ingot 
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Annealing 
Thickness R. A. Pct Time Temp. °C 
Ingot diameter 1.25 in. 
Rolled to 1.060 in. 15 4hrs 650 
Rolled to 0.800 in. 25 30 min 615 
Rolled to 0.600 in. 25 30 min 615 
Rolled to 0.400 in. 33 
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Table Il. Rolling and Annealing Schedule of Four Sections 


Section 6S Section 6L Section 4 Section5 
lmin at 1 min at 15 min at 30 min at 
Annealed 600°C 600°C 550°C 550°C 
Rolled to 0.320 in. 0.320 in. 0.320in. 0.320 in. 
45 sec at 45 sec at 5 min at 5 min at 
Annealed 600°C 600°C 500°C 550°C 
Rolled to 0.205 in. 0.205 in. 0.205 in. 0.205 in. 
45 sec at 45 sec at 10min at 3 min at 
Annealed 600°C 600°C 430°C 550°C 
Rolled to 0.140 in. 0.140 in. 0.140 in. 0.140 in. 
20 sec at 30 min at 18 hr at 1 min at 
Annealed 600°C 600°C 430°C 550°C 
Ave. Penultimate 
Grain Size, mm 0.27 0.76 0.19 0.24 
Rolled to 0.014 in. 0.014 in. 0.014 in. 0.014 in. 


annealing treatments at 430°C, so as to produce a 
relatively large amount of precipitation. Section ‘‘5’’ 
was given annealing treatments only at 550°C, not 
far below the solvus point, so that it had a smaller 
amount of second-phase precipitate. In order to 
determine whether or not Mn in solid solution 
changes the rolling texture from the Cu-type typical 
of aluminum to the brass type, which occurs in many 
copper-base solid solutions, several transmission 
pinhole patterns were taken with Cu radiation of a 
specimen from section 6S after final rolling, at 
well-chosen angles These patterns confirmed that 
even with 0.8 pct Mn completely in solid solution 
the rolling texture was of the type typical of alumi- 
num. Therefore, it was possible to conclude that 
the various sections, having different amounts of 
Mn in solid solution, did not differ from each other 
as to their rolling texture. Consequently, the well- 
known influence of the rolling texture on the result- 
ing annealing texture did not need to be considered 
as a factor affecting the results. 

Grain size determinations were made by counting 
with a microscope the number of grains traversed 
over a known distance at the specimen’s surface. 

In every case at least 200 grains were counted. The 
etching reagent used was described in Ref. 5. | 

After final rolling to 0.014 in. each of the four 
sections was cut electrolytically® into specimens 
approximately 1-in. sq. A specimen from each 
section was given final annealing treatment accord- 
ing to one of the following schedules: a) 4 sec at 
600°C, b) 4 sec at 550°C, c) 12 sec at 550°C, d)4sec 
at 430°C, e) 5 min at 430°C, and f) 1 hr at 430°C. 
Since schedule d) represents the shortest annealing 
time at the lowest temperature, a specimen taken 
from each of the four sections and annealed accord- 
ing to schedule d) was tested in regard to the com- 
pleteness of primary recrystallization. These four 
specimens were electrolytically etched to a thick- 
ness of 0.004 in. Focussed transmission Laue pat- 
terns were taken by the Guinier-Tennevin’ method. 
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As shown by Nolting and Lticke,*® when the opening 
of the divergent primary beam is regulated so as to 
irradiate a reasonably large number of grains in the 
specimen, this method is very convenient and sen- 
sitive in detecting the beginning or the completion 
of recrystallization. This sensitivity is particularly 
high when a microfocus X-ray source is used,° as in 
the present work. It was found that specimens from 
all four sections were completely recrystallized 
after a final anneal of 4 sec at 430°C. Since all the 
other final annealing treatments involved either a 
higher temperature, or a longer annealing period, 
or both, all specimens were completely recrystal- 
lized after the final anneal. 

Specimens were prepared for quantitative texture 
measurement by electrolytic etching to a thickness 
of 0.004 in., 7.e., by removing approx. 0.005 in. on 
both sides. An electrolyte of two parts of methanol 
and one part of conc. nitric acid was used at a cur- 
rent density of approximately 1 amp per sq in. 
Under these conditions the etching was quite uni- 
form and pitting was avoided. 

In order to ascertain the identity of the anneal- 
ing texture components, a (111) pole figure was 
determined for a specimen of section 4, an- 
nealed for 4 sec at 430°C. The central part of the 
pole figure was determined by the reflection method 
and the peripheral part by transmission,*° the two 
portions being then combined into a single pole fig- 
ure, as described previously.* For all other speci- 
mens only an index of the ratio of the volume frac- 
tion of the cube texture component and of the 
(123)[412]-type components was determined by 
X-ray diffraction, using the Decker, Asp, and 
Harker’ transmission method, with CuKa radia- 
tion, at 19.5 kv and a Ni filter 0.8 mil thick. The 
intensity of the (200) maximum at the R.D., I200; was 
used as an indicator of the volume fraction of cube- 
oriented material.* The volume fraction of material 


*See Fig. 3 in ref. (2). 


near the (123)[412] orientation was indicated by the 
intensity of the (111) maxima about 18 deg on either 
side of the R.D. toward the T.D.* Since the two (111) 


*See Fig. 2 in ref. (2). 


maxima were not exactly the same, their average 
value for any one specimen, Ji11, was used. In order 
to minimize the effect of variations in thickness 
from specimen to specimen, the ratio of these two 
intensities R = Iz00 /I111 was calculated for each 
specimen. Although R is certainly not equivalent to 
the ratio of the volume fractions corresponding to 
the two types of texture components considered, it 
may be used as an index which varies monotonously 
with the ratio of the corresponding volume fractions. 
One of the reasons why R cannot be equated to the 
ratio of volume fractions, is that the two intensities 
relate to different Bragg reflections. Since the dif- 
fracted intensities were always measured at the 
same tilting angle, ¢ = 90 deg, the usual absorption 
correction was not necessary. It is true that, 
strictly speaking, for a constant ratio of volume 
fractions the ratio R = I20/J111 is not independent 

of the specimen thickness, because the Bragg 
angles, and thus the path lengths of the beam in 
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Table III. Final Grain Size after Various Treatments 


Ave. Grain Diam, mm after 
Final Annealing of 


Sec- 4 Sec 4Sec 12 Sec 4 Sec 5 Min 1Hr 
tion at 600°C at 550°C at 430°C 

6S 0.093 0.085 0.098 0.053 0.066 0.079 
6L 0.088 0.071 0.083 0.051 0.060 0.076 
5 0.089 0.067 0.075 0.045 0.050 0.062 
4 0.085 0.064 0.071 0.042 0.046 0.047 


the specimen, along which absorption takes place, 
are not the same for the two reflections. However, 
it was shown by calculation that, with the actual 
Bragg angle values for the CuKa (200) and (111) re- 
flections in aluminum, and with the range of thick- 
ness differences encountered, this variation is in- 
significant. Consequently, R is in fact, for practical 
purposes, independent of the specimen thickness. 


“EXPERIMENTAL RESULTS 


The results of the grain size determinations for 
the various specimens after final annealing are 
given in Table III. It may be noted that the grain 
sizes increase during continued isothermal anneal- 
ing at 430°C, particularly in the early stages. The 
great decrease in the rates of growth after longer 
annealing at 430°C was presumably largely due to 
the precipitation of inhibiting dispersed particles of 
a second phase. The specimens cut from section ‘‘4’’ 
represent an exception. These specimens had the 
largest amount of inhibiting second phase prior to 
the final annealing; the extent of grain growth from 
4 sec to 1 hr of isothermal annealing at 430°C was 
slight. Similar tendencies are also noticeable in the 
specimens which were given a final anneal at 550°C. 


Fig. 1—(111) pole figure for specimen annealed 4 sec at 
430°C, section 4, in arbitrary intensity units. Cube tex- 
ture component A. One of the four texture components not 
very far from (123) [412] is marked by A. In three of the 
four quadrants contour lines were determined only for the 
highest intensities. 
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Fig. 2—Relative amount of cube texture (Index R) after 
isothermal annealing at 430°C. 


Here the specimens from both sections ‘‘4’’ and ‘‘5’’ 
showed little evidence of grain growth. Microscopic 
examination of all specimens clearly showed the ab- 
sence of duplex structures, so that the grain growth 
observed here during isothermal annealing was 
normal grain growth, rather than coarsening (i.e., 
‘‘abnormal grain growth,’’ ‘‘discontinuous grain 
growth,’’ or ‘‘secondary recrystallization’’). 

As shown in the (111) pole figure, Fig. 1, for a 
specimen annealed 4 sec at 430°C (section 4), the 
annealing texture consists of a cube-texture com- 
ponent and of the four components near (123)([412], 
as expected. An attempt to determine the (200) pole 
figure also, by quantitative methods, failed, because 
the grain size was too large. However, these meas- 
urements definitely confirmed the presence of a 
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Fig. 3—Relative amount of cube texture (Index R) after 
isothermal annealing at 550°C. 
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strong cube-texture component in this specimen. 
Fig. 2 shows the measured changes in annealing 
texture in the course of further isothermal anneal- 
ing at 430°C. It is clear that an increase in the 
volume fraction of the cube-texture component oc- 
curred in those instances where appreciable grain 
growth took place. A very similar trend is clearly 
shown also in Fig. 3, which gives the textural 
changes on annealing at 550°C. In view of these 
findings, in Fig. 4 all R values were plotted as a 
function of the final grain size. It may be noted that 
specimens from all sections having approximately 
the same penultimate grain size (sections 68, 5, 

and 4; see Table II) give a quite consistent corre- 
lation between texture and final grain size, when the 
temperature of the final anneal is the same. Within 
the experimental accuracy, the volume fraction of 
the cube texture increases monotonously with in- 
creasing final grain size, z.e., with increasing ex- 
tent of normal grain growth during the final anneal 
at a given final annealing temperature. Another 
interesting feature shown in Fig. 4 is that the vol- 
ume fraction of the cube-texture component for the 
specimens cut from section 6L, which had a signifi- 
cantly larger penultimate grain size than the other 
sections, Table II, also increases with continuing 
grain growth, but the R values are consistently 
lower than for specimens cut from the other sec- 
tions, when compared at the same values of the final 
grain size. Fig. 4 also shows that, at least in the 
case of the smaller penultimate grain size (sections 
6S, 5, and 4), the final annealing temperature itself 
has a pronounced effect on the volume fraction of the 
cube texture component. The index R depends on the 
annealing temperature, even when compared at the 
same values of the final grain size. However, this 
effect is not pronounced, if at all present, for speci- 
mens with the larger penultimate grain size (sec- 
tion 6L). 

Final annealing treatments longer than 4 sec at 
600°C, or longer than 12 sec at 550°C produced 
grain sizes too large for quantitative texture meas- 
urements with the equipment available. Some ex- 
ploratory work was done, however, indicating that 
the volume fraction of the cube-texture component, 
as indicated by R, decreased with time and that, 
apparently, at the same time annealing texture 
components of a new type may have been beginning 
to form on further normal grain growth, when the 
average grain diameter exceeded about 0.1 mm. 


DISCUSSION 


The present work gives quantitative information 
on the increase in the volume fraction of the cube 
texture component during normal grain growth, after 
recrystallization is complete. In specimens with 
approximately the same penultimate grain size, the 
same annealing temperature, and the same final 
grain size, the volume fraction of the cube compo- 
nent is the same, regardless of the amount of the 
inhibiting dispersed phase and, therefore, of the 
period of annealing required to attain the finak grain 
size. Under conditions where the amount of the dis- 
persed second phase is sufficient to prevent grain 
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Fig. 4—Relative amount of cube texture (Index R) as a 
function of final grain size for specimens after various 
penultimate treatments (Sections 6S, 6L, 5 and 4), final 
anneals at 430°, 550°, and 600°C. 


growth, the volume fraction of the cube-texture com- 
ponent remains unchanged during annealing. 

It has been shown earlier’”’’” that selective growth 
readily explains the increase of the volume fraction 
of the cube-texture component with continued normal 
grain growth during the final annealing. Conditions 
are favorable for the formation of the cube texture 
if the recrystallized grains at an early stage of the 
annealing process reach a critical size at which they 
come into effective contact with regions in the de- 
formed matrix having more than one, preferably all 
four, principal orientations of the deformation tex- 
ture.’* During the rest of the recrystallization proc- 
ess, after this stage has been reached, the cube- 
oriented grains can grow faster at the expense of the 
deformed matrix than recrystallized grains having 
other orientations, since they alone are favorably 
oriented for growth with respect to all four defor- 
mation texture components.*”’** Thus, by the time 
recrystallization is complete, the cube-oriented 
grains are larger than the other recrystallized 
grains in the four orientations of type (123)[412]. 
Consequently, during subsequent normal grain 


growth, when the driving energy for boundary mi- 
gration is largely grain boundary interface energy, 
they will continue to grow at the expense of the 
latter. This growth is helped by the fact that the 
cube-oriented grains are favorably oriented for : 
growth with respect to the four recrystallization 
texture components of the type (123)[412]. From 
this point of view it is clear that, when grain growth 
is restricted, for instance by etching the rolled 
sheet to a very small thickness prior to the final 
annealing, the volume fraction of the cube texture 
component must be much smaller.'* The present 
work shows that the inhibition of grain growth by 
means of.a dispersed second phase also has the 
effect of preventing an increase in the volume 
fraction of the cube texture component on anneatl- 
ing. 

It may be pointed out here that a very interesting 
observation made many years ago by H. G. Miiller,”® 
which has never been explained, can be also simi- 
larly accounted for on the basis of oriented growth. 
Miller found that rolled ternary Fe-Ni-Cu alloys, 
which have the fcc crystal structure, develop the 
cube texture on annealing, whenever the alloy con- 
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sists of a single phase. Ternary alloys comprising 
appreciable amounts of a second fcc phase do not 
develop a pronounced cube texture, even when 
single-phase alloys corresponding to each one of 
the two coexisting phases.do so. In such an alloy 
most grains of either phase are adjoining grains of 
the other phase. Migrating grain boundaries cannot 
cross boundaries separating the two phases. Since 
grain growth following primary recrystallization is 
thus severely limited, from the point of view of 
oriented growth the relative weakness of the cube 
texture component in two-phase Fe-Ni-Cu alloys is 
to be expected. 

The great difference in the volume fractions of 
the cube-texture component in specimens with a fine 
and a large penultimate grain size, as found in the 
present work, is in agreement with the earlier ob- 
servations of Cook and Richards with copper.” The 
new feature here is that the difference in annealing 
Aextures is found at the same final grain size value. 
As shown earlier,” the effect of the penultimate 
grain size on the volume fraction of the cube-texture 
component is a natural consequence of selective 
growth. 

The effect of the final annealing temperature on 
the texture as shown in the present work for speci- 
mens with the same final grain size, Fig. 4, may 
well be connected with the grain growth inhibition 
by the dispersed phase. However, the mechanism 
through which this effect arises is not well under- 
stood. 


CONCLUSIONS 


1) The volume fraction of the cube texture com- 
ponent increases with continuing isothermal normal 
grain growth, after the completion of primary re- 
crystallization. 

2) Inhibition of normal grain growth by a dis- 
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persed second phase limits the volume fraction of 
the cube-texture component formed on annealing. 

3) For a given final grain size, attained by re- 
crystallization followed by normal grain growth the 
volume fraction of the cube-texture component is 
larger when the penultimate grain size is smaller. 

4) The observed phenomena described in Conclu- 
sions 1, 2 and 3 may be adequately accounted for on 
the basis of selective growth. 
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the Properties of Extruded 


‘Magnesium-Rare Earth Metal Alloys 


In contrast to the significant improvement observed in cast 
properties, zirconium additions to Mg-vare earth metal alloys 
have little effect on the properties of extrusions. Higher strength 
properties and creep resistance are found in extruded alloys con- 


taining Didymium than in those alloys containing Mischmetal. 
Additions of 2 to 4 pct Zn to Mg-rare earth metal-Zr alloys do 


not appear promising for wrought products. 


Tre effects of zirconium on the properties of sand 
cast Mg-rare earth metal alloys were discussed in 
detail in an earlier publication.’ It was shown that a 
significant improvement in strength properties at 
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temperatures up to 400°F resulted from the zir- 

conium addition. In general, the properties of cast 
Mg-Didymium-Zr alloys were superior to the cor- 
responding alloys containing Mischmetal and the 

optimum rare-earth level was approximately 3 pct. 
Jessup, Emley, and Fisher have also shown the ad- 
vantages of didymium in Mg-rare earth-Zr alloys,” 
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whereas Lucien and Tetart advocate specific Didym- 
ium- Lanthanum ratios for optimum properties. ? 

This paper presents the effects of the same alloy- 
ing elements on the properties of extruded alloys. 
Several magnesium alloys containing rare-earth 
metal mixtures were also investigated and the effect 
of zinc additions to Mg-rare earth metal-Zr alloys 
was determined. The effects of extrusion variables 
were determined on all alloys and the fabrication 
conditions necessary to produce a good combination 
of static and creep properties over a wide tempera- 
ture range are presented. 


EXPERIMENTAL PROCEDURE 


The alloys studied in this investigation were 
chosen from the more comprehensive evaluation of 
material in the cast state. Analyses, in most cases, 
are identical to those shown in the earlier paper’ 
Since the ingot and test bar molds were poured from 
the same heat. All the alloys were prepared in small 
laboratory melts applying the technique described by 
Nelson.* Electrolytic magnesium was used as the 
starting material to which the rare-earth metals 
were added in metallic form. Some of the didymium- 
containing alloys were prepared using a Mg-didym- 
ium hardener. The rare-earth metal content of this 
hardener analyzed 1.2 pct Ce, 10.4 pct Pr, 80.8 pct 
Nd, and 7.6 pct La. Current material produced by the 
direct reduction of Didymium fluoride yields Didym- 
ium consisting of approximately 90 pct Nd and 10 pct 
Pr. The zirconium was added as sponge zirconium, 
as a fused salt containing 50 pct ZrCl, and 50 pct 
alkali chlorides, or as a Mg-Zr hardener. Detailed 
discussions of the alloying procedures and melt 
handling techniques for alloy compositions of this 
type are given by Nelson and Strieter.*’® At least one 
3-in. diam ingot 10 in. long was cast for each alloy. 
These ingots were scalped to 2 15/16 in. and cut to 
a length of 9 1/4 in. prior to extrusion. 

The alloys were extruded into 1/2-in. diam rod on 
a 500-ton direct-extrusion press using a 3-in. con- 
tainer. The ingots were preheated for 2 hr at 25° to 
50°F above the extrusion temperatures which are 
found with the data. Extrusion speed was 5 ft per min 
and the reduction ratio was 36:1. Sufficient material 
was cropped from both ends of each extruded rod to 
assure that all test pieces were extruded under uni- 
form conditions. 

The ASTM designations used to indicate the dif- 
ferent conditions of heat treatment are as follows: 
T5, aged at 400°F for 16 hr; T4, solution heat 
treated; T6, solution heat treated and aged at 400°F 
for 16 hr. Differences in solidus temperatures of 
the various alloys necessitated the use of different 
solution heat-treating temperatures as shown in 
Table I. Under these conditions, maximum solution 
of the alloying elements was obtained without causing 
significant increases in grain size. A protective 
atmosphere containing 0.5 to 1.0 pct SOz was used 
for all high-temperature heat treatments. The aging 
temperature of 400°F was used because experience 
has shown this temperature to produce a maximum 
increase in strength, in a reasonable time, regard- 
less of composition within the alloy systems in- 
vestigated. 
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Table |. Solution Heat-Treating Conditions 


Alloy Additions to Solution Heat Treating 


Mg-Zr Base Alloy Temperature Time 

1 to 3 pct Mischmetal 1050°F 4 hr 
1 to 2 pct Didymium 1050°F 1 hr 
3 pet Didymium 1000°F Lhr 

2 to 4 pct Didymium + 2 pct Zn 925°F 4 hr 
2 to 4 pet Didymium + 4 pct Zn 900° F 4 hr 


Tension and creep specimens 6 1/2 in. long and 
compression specimens 1 1/2 in. long were cut from 
the extruded rod. A reduced section of 3/8 in. diam 
was machined on the tension specimens while a re- 
duced section of 0.450 in. was used on the creep 
specimens. Compression tests were conducted on 
the full 1/2 in. diam by machining the ends square 
with the cylindrical sides. 

Details of the methods used in tension and creep 
testing are found in earlier publications.”° The 
creep results are presented in the form of the fol- 
lowing three parameters obtained by interpolation of 
log stress vs log extension plots of the original data. 

1) Creep limit based on 0.1 pct creep extension in 
100 hr. 

2) Creep limit based on 0.2 pct total extension in 
100 hr. 


3) Creep limit based on 0.5 pct total extension in 
100 hr. 
All strain measurements were made at temperature 
under load. Total extension includes both the creep 
extension and the initial extension resulting from ap- 
plication of the load. Creep rates are not reported 
due to the brevity of the tests. 


DISCUSSION OF RESULTS 


As noted previously in the Mg-rare earth metal 
alloys,’ the best combination of properties was ob- 
tained by extruding at high temperatures and testing 
in the solution-heat treated and aged (T6) condition. 
Extrusion speed and reduction were found to have 
little effect on the final properties. A more exten- 
sive investigation of these variables is presented by 
Grube, Davis, and Eastwood. *° 

Table II shows that the addition of zirconium to a 
typical Mg-rare earth metal alloy does not alter the 
processing conditions required for high creep and 
elevated temperature properties. Higher strength 
and creep resistance in the solution-heat treated 
and aged condition are developed by extruding at 
900°F than by extruding at 700°F. The lower ex- 
trusion temperature produces slightly higher 
strength properties in the aged (T5) or as-extruded 
condition at test temperatures up to 400°F but creep 
resistance is very low. Considerably better creep 
resistance is obtained in material extruded at 700°F 
when the T6 treatment is utilized. To develop high 
strength properties and creep resistance in extruded 
Mg-rare earth metal-Zr alloys itis apparent that 
the extrusion must be carried out at 900°F and the 
alloys must be solution heat treated and aged. These 
conditions were used to obtain the data shown in 
Figs. 1 through 5. 
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Table Il. Effect of Extrusion Temperature and Heat Treatment on the Properties of Mg + 3 Pct MM and Mg + 3 Pct MM + 0.5 Pct Zr Alloys 


Tensile and Compressive Properties 


T5 Condition 


70°F 400°F 500°F 600°F 
Extrusion 
Pet Zr Temp. °F Pct E* TYS (NES TS Pct E TYS TS Pct E TYS TS Pct E TYS TS 
0 700 19 24 22 33 38 15 19 63 11 15 150 3 7 
0.5 700 17 30 28 37 36 18 21 64 11 15 190 3 7 
0 900 9 25 15 35. 29 14 20 43 10 17 117 5 8 
0.5 900 12 30 23 38 29 16 22 46 12 18 113 6 8 
T6 Condition 
0 700 18 16 15 32 30 12 20 50 11 16 114 i 10 
0.5 700 18 18 17 32 27 14 19 40 11 16 94 7 11 
0 900 8 26 13 37 16 16 21 25 14 21 62 9 15 
0.5 900 9 28 17 36 20 17 22 29 14 19 81 8 12 
100 Hr Creep Limits — 1000 psi 
T5 Condition 
400°F 500°F 600°F 
O;tPct 0.2 Pct 0.5 Pct O5Pct 0.2 Pct 0.5 Pct 0.1 Pet 0.2 Pct 0.5 Pct 
Extrusion Creep Total Total Creep Total Total Creep Total Total 
Pct Zr Temp. °F Ext. Ext. Ext. Ext. Ext. Ext. Ext. Ext. Ext. 
0 700 3.3 Sub 4.2 0.9 1.0 12 0.5 0.5 0.6 
0.5 700 PSS 3.1 4.4 1.0 1.1 1.2 0. 0.7 0.8 
0 900 6.1 6.2 6.9 13 1.4 1.6 0.6 0.7 0.8 
0.5 900 4.9 5.0 Wie?? 1.9 2.0 Dee 0.8 0.9 1.0 
T6 Condition 
0 700 6.8 6.6 8.8 2.8 3.0 3.4 0.9 0.9 1.0 
0.5 700 7.9 7.6 9.2 2.5 2.8 3.3 1.1 1.2 1.5 
0 900 10.3 9.0 12.3 Bee Sof 4.4 0.8 1.0 1.3 
0.5 900 8.7 8.0 10.2 2.9 3.1 3.6 1.4 15: 1.6 


*Pct E = Percent elongation in 1.5 in. 
CYS = Compressive yield strength in 1000 psi. 


TYS = Tensile yield OP get in 1000 psi. 
TS = Tensile strength in 1000 psi. 


Tensile Properties of Mg-Rare Earth Metal-Zr 
Alloys—Complete tensile data at room temperature, 
400°F, and 600°F have been determined on two 
magnesium-rare earth metal-zirconium alloys as a 
function of composition, Table III. Tensile strength, 
compression yield strength, and elongation data are 
presented graphically in the form of property vs 
composition plots in Figs. 1 and 2. Curves for Mg- 
Mischmetal and Mg-Didymium alloys (0 pct Zr) 
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Fig. 1—Compressive yield strength and elongation at 70°F 
of Mg-rare earth metal-Zr alloys in the T6 condition. 
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are reproduced from a preceding publication for 
comparison.® Tensile yield strength data are not 
presented graphically since the same trends are 
found as those shown for tensile strength. 

From the data presented in Figs. 1 and 2 it is evi- 
dent that the addition of Zr to Mg-rare earth metal 
alloys has little beneficial effect on the properties 
of extrusions in the T6 condition. Although there ap- 
pears to be a slight improvement in ductility and 
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Fig. 2—Tensile strength at 70°, 400°, and 600°F of Mg- 
rare earth metal-Zr alloys in the T6 condition. 
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Table Ill. Tensile Properties of Mg-Rare Earth Metal-0.5 Pct Zr Alloys Extruded at 900°F in the T6 Condition 


70°F 400°F 500°F 600°F 
Pct Mischmetal Pct E* TYS CYS TS Pct E TYS TS Pct E TYS TS Pct E TYS TS 
1.03 16 22 12 30 30 13 16 31 1 
1 
te 14 23 15 32 26 15 19 31 13 16 78 ; 
: 9 28 ay/ 36 20 17 22 29 14 19 81 8 12 
Pct Didymium 
1.04 17 17 12 34 26 14 18 28 12 16 68 
8 10 
aa 14 20 17 40 22 18 24 27 16 20 61 11 14 
3 13 23 21 45 Wy/ 21 32 21 20 24 60 12 15 
TENSILE YIELD STRENGTH TENSILE STRENGTH ALLOYS 9 
Zr 
———— 0% Zr 
| 
500°F t 500°F 
100/0 20 40 60 80 100 
% DIDYMIUM OF 3% (DIDYMIUM + CERIUM) ° 
Fig. 3—Tensile yield strength and tensile strength at 70°, Z 4 2 Z oe © 
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pet Zr alloys in the T6 condition. 


compression yield strength at room temperature, the 
Zr addition is definitely deleterious to the properties 
of Mg-Mischmetal alloys at elevated temperatures. 
The strength properties of extruded Mg- Didymium 
alloys are unaffected by the addition of Zr. 

The superiority of the Mg-Didymium-Zr alloys 
over the Mg-Mischmetal-Zr alloys is clearly shown 
in Table III. Mg + 3 pct Didymium + 0.53 pct Zr in 
the T6 condition, the alloy with the highest strength 
properties at elevated temperatures, also exhibits a 
high level of ductility at room temperature. Such a 
combination of properties is highly desirable from 
the standpoint of fabrication and use. Fig. 3 shows 
that replacing part of the Didymium by pure Cerium 
results in a steady decrease in strength of the ex- 
truded alloys as has been observed in sand cast al- 
loys. 


3 /0 
TOTAL RARE EARTH, PERCENT 


Fig. 4—Limiting stress for 0.1 pct creep extension in 100 
hr of Mg-rare earth metal-Zr alloys in the T6 condition. 


The marked increase in strength properties of 
cast Mg-rare earth metal-Zr alloys was found to be 
due primarily to the grain refining action of Zr.’ 
This increase in strength is not observed in the ex- 
truded Mg-rare earth metal-Zr alloys because of 
the grain refining accomplished during the extrusion 
process. The grain size of the extruded alloys is 
essentially the same whether or not Zr is present 
and grain growth during solution heat treatment is 
inhibited, in both cases, by Mg-rare earth metal 
compound in the grain boundaries. 


Creep Properties of Mg-Rare Earth Metal-Zr 


Alloys— Limiting creep stresses of the Mg-Misch- 
metal-Zr and Mg-Didymium-Zr alloys in the T6 


Table IV. Creep Properties of Mg-Rare Earth Metal-0.5 Pct Zr Alloys Extruded at 900°F in the T6 Condition 


100 Hr Tests 


Stresses in 1000 Psi 


400°F 500°F 600°F 
0.1 Pct 0.2 Pet 0.5 Pct 0.1 Pet 0.2 Pet 0.5 Pct 0.1 Pet 0.2 Pct 0.5 Pct 
Creep Total Total Creep Total Total Creep Total Total 
Pct Mischmetal Ext. Ext. Ext. Ext. Ext. Ext Ext Ext. Ext 
1.03 8.1 7.8 9.1 2.8 3.0 3.3 1.2 12 1.4 
2.08 7.8 7.5 3.1 1.2 1.4 
3.09 8.7 8.0 10.2 2.9 3.1 3.6 1.4 eS 1.6 
Pct Didymium 
1.04 9.4 8.4 11.2 3.3 4.0 4.5 1.2 1.4 1.8 
1.98 11.2 9.3 14.0 3.5 3.7 4.6 1.1 1.3 1.5 
3.08 10.8 9.0 13.4 2.3 2.8 4.2 0.9 1.0 12 


*Pct E = Percent elongation in 1.5 in. 
TYS = Tensile yield strength in 1000 psi. 


CYS = Compression yield strength in 1000 psi. 
TS = Tensile Strength in 1000 psi. 
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condition at 400°, 500°, and 600°F are shown in 
Table IV. Curves for 0.1 pct creep extension are 
found in Fig. 4 with data for the alloys without Zr 
included for comparison. Other creep parameters 
are not presented graphically due to the similarity 
of the curves. The addition of Zr lowers the creep 
resistance of the Mg-Mischmetal alloys at test tem- 
peratures up to 500°F. At 600°F the limiting creep 
stresses of extruded Mg- Mischmetal and Mg- Misch- 
metal-Zr alloys are identical. The creep resistance 
of the Mg-Didymium alloys is not affected by the 
addition of Zr. 


The Mg-Didymium-Zr alloys have limiting creep 
stresses superior to the Mg-Mischmetal-Zr alloys 
at temperatures up to 500°F. At 600°F, however, 
these alloys show no advantage in creep resistance 
over the corresponding alloys containing Mischmetal. 
Fig. 5 shows that replacing part of the Didymium 
with pure Cerium results in improved creep resist- 
ance only in the alloy containing two parts Didymium 
and one part pure Cerium. Since comparable proper- 
ties are obtained, replacing part of the Didymium 
with Mischmetal offers the possibility of a lower cost 
alloy and in addition conserves the less abundant 
rare earth metals. 

Properties of Mg-Rare Earth Metal-Zn-Zr 
Alloys— The addition of Zn to Mg-rare earth metal- 
Zr alloys has been found to be beneficial in castings 
and has resulted in a commercial alloy containing 3 
pet Mischmetal, 2.6 pct Zn, and 0.7 pet Zr (EZ33A).°— 
The tensile and creep properties obtained on a series 
of extruded magnesium alloys containing rare earth 
metals, zinc, and zirconium are shown in Table V. 
The use of a solution heat treatment prior to aging 
does not improve the strength properties of the Mg- 
Mischmetal-Zn-Zr alloys. To show this effect for 
extruded Mg-Didymium-Zn-Zr alloys, data for both 
the T5 and T6 tempers are shown in Table V. Itis 
evident that, although creep resistance is improved 
slightly, the strength properties of extruded Mg- 
Didymium-Zn-Zr alloys are lowered by the T6 treat- 
ment. The highest strength properties at room tem- 
perature are obtained in the T5 condition with the 
alloys containing 4.0 pct Zn. However, these alloys 
exhibit the lowest strength properties and creep 
resistance at elevated temperatures. The alloys 
with lower Zn contents (2.0 pct) maintain respectable 
strength levels at all testing temperatures but offer 
no advantage over the comparable alloys without Zn. 
The pronounced advantage of the Didymium contain- 
ing alloys is minimized by the Zn addition. 


Table V. Properties of Mg-Rare Earth Metal-Zn-Zr Alloys Extruded at 800°F 


Tensile and Compressive Properties 


Creep Properties 


400°F 
Composition 70°F 400°F 600°F 0.1 Pct 0.2 Pct 0.5 Pet 
Cree Total Total 

Pct RE Pct Zn PeteZr Pct E* TYS CYS TS Pct E TYS TS Pet E TYS tS Ext. Ext. Ext. 
Alloys containing Didymium Properties in the T5 Condition 

2.0 = 0.6 19 26 24 40 28 18 24 147 9 11 6-2 6. 

2.1 3.7 0.76 18 36 30 44 54 18 21 152 5 8 Le 2s 2.8 

3.9 1.9 0.58 16 31 29 39 37 19 25 141 9 9 6.0 6.1 8.6 

4.0 3.8 0.63 17 31 28 37 43 20 23 119 Uh vf 2.4 3.2 5.0 
Alloys containing Mischmetal 

Daa = 0.57 19 27 24 35 35 15 20 146 4 ih 4.6 

4.7 

Pade 4.1 0.61 10 36 27 44 52 16 21 175 5 5 1.8 2.0 
Alloys containing Didymium Properties in the T6 Condition 

2.0 - 0.6 17 20 18 40 22 16 24 61 11 13 

11.2 9.3 

2a 1.8 0.69 23 18 17 35 40 13 22 85 8 2 8.6 7.5 ico 

Dat: 3.7 0.76 24 21 19 36 58 12 16 132 6 7 2.8 3.4 4.4 

3.9 1.9 0.58 19 22 20 36 30 15 26 91 10 14 8.2 7.7 10.4 


*Pct E = Percent elongation in 1.5 in. 
TYS = Tensile yield strength in 1000 psi. 


CYS = Compressive yield strength in 1000 psi. 
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TS = Tensile strength in 1000 psi. 
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SUMMARY 


The results presented in this paper clearly show 
that the significant improvement observed in the 


properties of cast Mg-rare earth metal alloys due to 


the addition of Zr is not realized in extruded ma- 
terial. In fact, the addition of Zr to Mg- Mischmetal 
alloys is deleterious to creep resistance and tensile 
properties at elevated temperatures. The properties 


of extruded Mg-Didymium alloys are affected less by 


the addition of Zr than those of the Mg- Mischmetal 
alloys. In all cases, the best combination of proper- 
ties is obtained by extruding at high temperatures 
and testing in the solution heat treated and aged con- 
dition. Replacing part of the Didymium with Misch- 
metal in the 3 pet rare-earth alloy offers the pos- 
sibility of a lower cost alloy with little sacrifice of 


strength properties or creep resistance. The addi- 
tion of zinc to Mg-Didymium-Zr alloys does not ap- 
pear promising for wrought products. 
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The Relationship of Structure to Mechanical 


Properties in Udimet 500 


The phases present in a nickel-base, aluminum-titanium 
precipitation hardened alloy, Udimet 500, and their tempera- 
ture dependence have been investigated. The behavior of these 


phases together with the observed grain size variations produce 


M. Kaufman 


a fairly good explanation of the changes in mechanical properties 


brought about by different fabrication and heat-treatment processes. 


Tue mechanical properties of an alloy under given 
test conditions are in the main determined by the 
grain size and the phases present, their distribution 
and temperature-time dependence. Alloys intended 
for use at elevated temperatures, especially multi- 
phase alloys depending upon precipitation reactions 
for strengthening, are particularly susceptible to 
changes in the phases present. Unfortunately, for 
modern superalloys, very little published informa- 
tion exists which relates the mechanical properties 
to the basic structural variables. The present work 
is an effort to do this for an alloy widely used in 
aircraft gas turbines and related applications, 
Udimet 500.* The mechanical properties inves- 


*This alloy is covered by U. S. Patent #2,809,110, assigned to 
Kelsey-Hayes Co., Metals Division. 


tigated were hardness, stress-rupture life, bend 
ductility, and fatigue strength. 


MATERIAL 


The superalloy used in this work, Udimet 500, is 
a typical nickel-base alloy containing chromium, 
cobalt, molybdenum, aluminum, and titanium. Two 
heats were used. Their composition is listed in 
Table I. The difference in analyses between the 

MURRAY KAUFMAN and A. E. PALTY, Member AIME, are Techni- 
cal Engineers, Thomson Laboratory, Small Aircraft Engine Dept., 


General Electric Co., West Lynn, Mass. 
Manuscript submitted October 23, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


A. E. Palty 


two heats is within the normal specifications for 
the alloy. However, the elements which most 
strongly influence the phase reactions, C, Ti, Al, 
and Mo, are comparable in the two heats. There 
was no intentional addition of boron, but normal 
pickup is about 0.002 pct. 

The vacuum-melted material was received in the 
form of centerless ground wrought bar stock */, in. 
diam. 


PHASE STUDIES 


A) Methods—Two methods were used to determine 
the phases present: X-ray diffraction measurements 
on electrolytically digested residues, and micro- 
scopic examination. No single commonly used elec- 
trolyte will reveal all the phases that may be pres- 


ent; therefore, two complementary acids were 
selected: HCl and H,PO,. The necessity for this 
will be shown below in the results. 

The acid concentrations used were 10 pct HCl in 
alcohol and 10 pet H,; PO, in water. The current 
density was maintained below 0.1 amp per sq in. 
Residues were rinsed and separated by centrifuga- 
tion. X-ray diffraction patterns were obtained ina 
114 mm Debye-Scherrer type camera using cobalt 
radiation. 

A temperature of 2250°F was selected to obtain 
as complete solutioning of phases as possible with- 
out encountering incipient melting. Specimens were 
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Table I. Chemical Composition of Alloy 


@ Mn Si Cr Ti Co Mo Fe Cu Mg Ni 
Heat A 0.07 0.18 0.37 18.4 3.01 2.92 14.1 4.2 1.0 <0.1 <0.01 Bal 
Heat B 0.08 <0.1 0.1 19.2 3.01 18.9 4,3 0.3 2 — Bal. 


quenched in an ice-brine mixture after solutioning 
and in water after aging. The following is a list of 
the heat treatments used: 


age 
Aged at 1200°F, 100 hr 
Aged at 1400°F, 100 hr 
Aged at 1550°F, 48 hr 
2250°F Aged at 1800°F, 24 hr 
2 hr ice-brine quench | Aged at 1975°F, 8hr 
Aged at 2100°F, 4hr 
Aged at 1975°F, 4hr plus 
1550°F, 24hr plus 
1400°F, 16 hr 


Various furnaces were used for heat treatment so 
that the temperatures cannot be considered to be 
comparable to closer than +10°F. All heat treating 
was carried out in air, and the outer contaminated 
skin was removed before electrolytic digestion. Be- 
yond this, no differences were found through the 
cross-section, insofar as X-ray identifiable phases 
are concerned. 

Heat B was used for all the phase studies. 


B) Results—During the investigation four major 
phases were found. They are Ni, (Al, Ti), Ti (C,N), 
M,,C,, and an unknown ‘‘X’’ phase fitting a face- 
centered-cubic structure. 

Early in the program it was noted that the two 
electrolytes yielded greatly different residues. The 
HCl nearly completely dissolved the Ni, (Al, Ti) and 
‘**X’’? phase, while the H; PO, strongly attacked the 
Ti (C, N) and M23C, phases. Consequently, all phase 
compositions that will be reported represent the 
combined results of the two electrolytic digestions. 
A typical pair of X-ray patterns, for specimens 
solutioned at 2250°F, 2 hr, and aged at 1400°F, 

100 hr, is shown in Table II. The difference in 
patterns due to the electrolytes is clear. 

In addition to the four major phases, other phases 
occasionally appeared in small amounts, though not 
in a systematic manner. The only one identifiable 
was M,C. The strongest line of Ni, Ti appeared 
twice, but intensity matching was poor. Some of 
the unidentified diffraction lines are among those 
listed in Table II. Another line at ‘‘d’’ spacing of 
2.22 to 2.23A was found in several cases. This cor- 
responds to the strongest line of several materials, 
including titanium, molybdenum, and a new titanium- 
rich ‘‘T’’ phase found in several alloys by Beattie 
and Hagel.’ All three of these materials have their 
next most prominent line at an intensity so much 
lower that they would not be visible among the other 
diffraction lines on the films. The 2.22 to 2.23A 
line is also a weaker line of M,C, but this line was 
present when the strongest M,C line was absent. 

The lattice parameters of the phases as a function 
of aging temperature are listed in Table III. The 
Ti (C, N) parameters (4.30 to 4.32A) are much 
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closer to the pure TiC value (4.327A) than to the 
TiN value (4.240A),? as would be expected in a 
vacuum-melted alloy. Values for the M,,C, param- 
eter (10.70A) indicate a composition corresponding 
to Cr,,Mo,C,.”* There does not seem to be a sig- 
nificant dependence of lattice parameter on aging 
temperature for the Mz3C, and Ti(C, N) (except for 
the single low value at the 1200°F age). However, 
the lattice parameter of the Ni; (Al, Ti) shows a 
progressive increase with aging temperature. Pure 
Ni, Al has a parameter reported to be 3.574A (cal- 
culated from data by Wilde and Grant)* and 3.571A.° 
A parameter of 3.5937 and 3.584° was found for a 
composition corresponding to Ni, Alp ,Ti, ,. The 
parameters found here, therefore, increase from 
an approximate formula Ni,Al, to Nij;Al, 4, 
indicating an increased titanium content at higher 
temperatures. The Ti(C,N), M,,C, and Ni, (Al, Ti) 
parameters, and their variation with aging temper- 
ature are in excellent agreement (considering dif- 
ferences in aging times) with those found by Hagel 
and Beattie.® 

Chemical analyses of several of the residues were 
performed using X-ray fluorescent techniques as an 
aid toward identifying the unknown phases. Standard 
calibration samples were made from mixtures of 
fine, pure metal powders. Only the elements tita- 
nium and those of higher atomic number were meas- 
ured. Aluminum plus carbon content was obtained 
by difference. The relative amounts of carbon and 
aluminum were estimated from X-ray phase data. 
A rough corroboration of aluminum content was 
made by X-ray fluorescent analysis using a helium 
tunnel and pulse height analyzer.* Results of the 


*Performed by T. Whitehouse, MSTG & G Dept., General Electric Co. 


analyses are shown in Table IV. The most impor- 
tant observation from the variation in chemical 
compositions is that titanium is very high in the 
Hs PO, residues which are rich in Ni, (Al, Ti) and 
“*X’’ phase. However, there is much more tita- 
nium present than can be attributed to the Ni, (Al, 
Ti). The inference is that ‘‘X”’ is a titanium- 
bearing phase. Wet chemical analysis of the bar 
stock for ‘‘free’’ and ‘‘combined’’ titanium showed 
that only 0.2 pct out of the 3.01 pct Ti was in the 
‘‘combined’’ (presumably Ti(C, N)) state.* 


*Performed by S. J. Gootman, SAE Dept., General Electric Co. 


The variation with temperature of the relative 
amounts of the major phases present is described 
in Table V. Hardness values are also listed. Pho- 
tomicrographs of each condition are shown in Figs. 1 
to 8, respectively. In considering the relative quan- 
tities of phases in Table V, it should be remembered 
that the particle size will have an influence on the 
amount of phase recovered. Phases precipitating 
from solution at low temperatures will have finer 
particle sizes and, consequently, suffer greater 
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Table Il. Typical X-ray Diffraction Patterns 


Specimens Solutioned 2250°F, 2 Hr, Ice Brine Quenched, Aged 1400°F, 100 Hr, Water Quenched 


H,PO, Electrolyte 


HCl Electrolyte 


I d, in A Contributing Phases d, in A I 
Vw 3.583 Ni,(Al, Ti) 
3.330 
2 2.746 VW (diffuse) 
. i,(Al, Ti) 
M,3C,, Ti(C, N) 2.478 Vvvw 
VVVW 2.395 M,,C, 2.390 VvVw 
2.178 
Ti(C, N) 2.156 VVVW 
s 2.064 Ni, (Al, Ti), Matrix, M,,C, 2.065 M 
Ni, Ti(?) 2.006 Vw 
Ni, Ti(?) 1.957 VW (diffuse) 
VVW 1.910 
M,,C, 1.888 VVW 
1.805 VVVW 
MS 1.789 Ni, (Al, Ti), Matrix, M,,C, 1.790 W 
Ni, Ti(?) 1.747 VVW (diffuse) 
1.655 
VvVW 1.602 Ni,(Al, Ti), M,,C, 1.608 VVVW 
Ti(C, N) 1.525 VVVW 
VVVW 1.459 Ni,(Al, Ti) 
VVVW 1.371 
M,,C,, Ti(C, N) 1.2975 VVW (diffuse) 
VVW 1.2773 ? 
M 1.2669 Ni,(Al, Ti), Matrix 1.2663 WM 
M,,C, 1.2351 VVW 
VVVW 1.1925 Ni, (Al, Ti), M,,C, 1.1931 VVVW 
VVVW 1.1697 “X”, Ni,Ti(?) 1.728 VVVW 
M,3C, 1.0911 
MS (diffuse) 1.0800 Ni, (Al, Ti), Matrix 1.0793 WM 
M (diffuse) 1.0338 Ni, (Al, Ti), Matrix 1.0339 W 
VVW 0.9982 
M,,C, 0.9940 VVVW 
M,,C, 0.9767 VVVW 
Ti(C, N), M,,C, 0.9654 vvw 
VVVW 0.9560 Ni,(Al, Ti) 
0.9468 VVVW 
M,,C, 0.9330 VVW 
Notes: S = Strong W = Weak 
M= Medium V = Very 


losses in the electrolytic digestion compared to 
larger particles. The Ni,(Al, Ti) found at 1200°F 
had considerable line broadening, indicating its fine 
particle size. Electron micrographs by Hagel and 
Beattie® showed increasing Ni; (Al, Ti) particle size 
with temperature. The actual amounts of M,,C,, 
Ni, (Al, Ti) and ‘‘X’’ are, therefore, probably greater 
than shown in Table V at the lower aging tempera- 
tures. 

The major conclusions that can be drawn from 
Table V are: 
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1) M,,C, is completely solutioned between 1800° 
and 1975°F 

2) Ni, (Al, Ti) and ‘‘X’’ completely dissolve be- 
tween 1975° and 2100°F 

3) Ti(C,N) is not completely dissolved at tem- 
peratures up to 2250°F. 

4) At the temperatures of maximum M,, C, con- 
centration, the Ti(C, N) is lowered.* 


*The general trend of carbide reactions in this type of alloy is be- 
lieved to be TiC > M,,C, > M,C.’ Upon solution of the M,,C, (or M,C), 
carbon is freed to reform TiC. 
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Fig. 1—Udimet 500, solutioned at 
2250°F, 2 hr, ice brine quench. X250. 
Reduced approximately 32 pct for 
‘reproduction. 


The photomicrographs add further to these con- 
clusions. The unaged and the 2100°F aged speci- 
mens, Figs. 1 and 7, show no phases except the 
Ti(C,N) particles. At 1975°F, Fig. 6, no grain 
boundary phase is in evidence, but there is a uni- 
form matrix precipitate. At 1800°, 1550°, and 
1400°F, Figs. 5, 4, and 3, there is both grain bound- 
ary precipitate and matrix precipitate. At 1200°F, 
Fig. 2, both precipitates are quite low. Since M,,C, 
disappears at the same temperature that the grain 
boundaries dissolve, it must be the major boundary 
constituent. The general precipitate can be identi- 
fied with Ni, (Al, Ti), since both appear and disappear 
at the same temperatures. The action of the ‘‘X’’ 
phase cannot be distinguished from the Ni,(Al, Ti). 
Ni,(Al, Ti) and the ‘‘X’’ phase may also be present 
at the grain boundaries, but in the same concentra- 
tion as they are throughout the matrix. 

Another series of photomicrographs, taken on 
Heat A material, Figs. 9 to 16, will help to narrow 


Fig. 2—Udimet 500, 2250°F solution, 
aged 100 hr at 1200°F, water quench. 
X250. Reduced approximately 32 pct 
for reproduction. 


Fig. 3—Udimet 500, 2250°F solution, 
aged 100 hr at 1400°F, water quench. 
X250. Reduced approximately 32 pct 
for reproduction. 


the solubility temperature ranges. The specimens 
were exposed, as-received, to several long time 
‘‘solution’’ treatments and to multiple solution and 
aging cycles. In Fig. 13, after 24 hr at 2000°F, 
neither grain boundary nor general precipitate can 
be seen. After 1900°F, 48 hr, Fig. 12, both agglom- 
erated matrix and grain boundary precipitate are 
present. From these results, the solutioning ranges 
of the phases can be narrowed to the following tem- 
peratures: 


Ni, (Al, Ti) 1975° to 2000°F 
1975° to 2000°F 
1900° to 1975°F 


To supplement the above data in order to better 
determine the composition of the phase or phases 
present at the grain boundaries, a semiquantitative 
micro X-ray fluorescent analysis was run with a 
microemission X-ray spectograph* on the grain 


*By Mr. E. C. Buschmann, General Engineering Laboratory, Gen- 
eral Electric Co. 


Table III. Lattice Parameter Variations 


Lattice parameter a, in A 


Aging* Aging 

Temp. Time Ti(C,N) Ni,(Al1, Ti) M,,C, 
1200°F 100 hr 4.303 - 
1400°F 100 hr 4.319 3.579** 3.314 10.701 
1550°F 48 hr 4.318 3.580 3.314 10.699 
1800°F 24 hr 4.318 3.588 3.319 10.703 
1975°F 8 hr 4.320 3.586 3.320 - 
2100°F 4hr 4.321 - - = 
No Age - 4.317 - 3.318 - 
1975°F 4 hr 

1550°F 24 hr 4.317 3.586 3.314 10.70 
1440°F 16 hr 


*All specimens solutioned at 2250°F, 2 hr, ice brine quenched. 
**Parameters calculated from superlattice lines only. Overlap of 
matrix only on normal fcc lines of Ni,(Al, Ti) would cause displace- 

ment of values. 


boundary and in the interior of a specimen with a 
three-step treatment similar to Fig. 16. Relative 
to the matrix, the boundary was found rich in 


Table IV. Chemical Composition of Residues 


Weight Percentage 


Aging Aging  Electro- 

Temp.* Time lyte Cr~ “Ni= At Cc 
1200°F 100 hr HCl 1210 9 64 3 (0) (2) 
1400°F 100hr H,PO, 85 £47: BO) 
1550°F 48 hr HCl 26 19 «6©100=«=641 2 (0) (2) 
1800°F 24 hr H,PO, 14-421 7 46 #10 (2) (0) 


*All specimens solutioned at 2250°F, 2 hr, ice brine quenched. 
Water quenching used after all aging treatments. 


110-VOLUME 218, FEBRUARY 1960 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


\ 


24 


f 


Fig. 4—Udimet 500, 2250°F solution, Fig. 5—Udimet 500, 2250°F solution, Fig. 6—Udimet 500, 2250°F solution, 
aged 48 hr at 1500°F, water quench. aged 24 hr at 1800°F, water quench. aged 8 hr at 1975°F, water quench. 
X250. Reduced approximately 32 pct 


X250. Reduced approximately 32 pct 


X250. Reduced approximately 32 pct 
for reproduction. 


for reproduction. for reproduction. 


chromium and titanium, and low in nickel, iron, 
and cobalt. Molybdenum could not be analyzed. 
Since chromium is the major component in M,C, 
(Cr,,Mo,C,), the microemission results tend to 
confirm that the M,,C, is a grain boundary phase, 
possibly in conjunction with ‘‘X’’ phase. 


heavily at 1550° to 1800°F. Agglomerates at 1900°F. 
Ni, (Al, Ti)—General fine uniformly distributed 
precipitate at 1400°F. Gradually coarsens up to its 
solution temperature between 1975° to 2000°F. Con- 
tains more Ti at higher temperatures. 
titanium-rich phase. Appears 
under same conditions as Ni;(Al1, Ti) and cannot be 


SUMMARY— PHASE STUDIES distinguished in its action. 


To summarize the results of the phase studies, __ Except for the “"X"’ phase, these. conclusions are 
four major phases have been found. They act as in good agreement, with those of Hagel and Beattie 
follows: and Decker, ef al. 

Ti (C;.N)— Present at all conditions up to 2250°F. CORRELATION WITH MECHANICAL PROPERTIES 
Appears to decrease in favor of M,,C, at 1550° to 
1800°F. The action of the various phases as a function of 

M,,C,—Grain boundary precipitate. Solutions temperature has been described in the first section. 
completely between 1900° to 1975°F. Precipitates Knowledge of the variation of grain size with tem- 


Table V. Variation of Relative Amounts of Phases Present with Temperature 


1975°F, 4Hr 
1200°F 1400°F 1550°F 1800°F 1975°F 2100°F 1550°F, 24 Hr 
As Quenched 100 Hr 100 Hr 48 Hr 24 Hr 8 Hr 4 Hr 1440°F, 16 Hr 


| 


Hardness, 
Re 


22.2 33.6 39.6 38.0 Difenk 24.7 24.0 38.8 


All specimens solutioned at 2250°F, 2 hr, ice brine quenched. Water quenching used after all aging treatments. 


Note: Phases precipitating from solution at lower temperatures have finer particle sizes and suffer greater losses in extraction. 
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Fig. 7—Udimet 500, 2250°F solution, Fig. 8—Udimet 500, 2250°F solution, Fig. 9—Udimet 500, as received + 294 


aged 4 hr at 2100°F, water quench. aged 4 hr at 1975°F + 24 hr at 1550°F _—sihr at 1500°F. X500. Reduced approxi- 
X250. Reduced approximately 32 pct + 16 hr at 1400°F, all water quenched. mately 21 pet for reproduction. 
for reproduction. X250. Reduced approximately 32 pct 
for reproduction. 

perature and the consequent grain boundary precip- reduced 15 to 25 pct in thickness by forging between 
itate action is necessary to complete the picture. 1975° and 2100°F with rapid cooling. The material 
One of the major reasons this information is re- was from another heat with an analysis almost iden- 
quired is that most of the mechanical properties tical to Heat B. The grain size after forging was 
have been determined after a heat treatment cycle between 5 and 7 ASTM. This condition is the same 
including ‘‘solution’’ treatments which sometimes as normally received bar stock material. Speci- 
lead to considerable difference in grain size. The mens were heated to 1975°, 2050°, and 2100°F for 
larger the grain size, the smaller the grain bound- different time periods. The resulting grain sizes 
ary area available for precipitate. The same vol- are shown in Fig. 17. It can be seen that relatively 
ume of precipitate will, therefore, form a thicker short times (1 to 2 hr) at 2050°F can increase the 
and more continuous film at the larger grain sizes. grain size by two ASTM numbers. 

The grain size measurements were made in bars The thickness of the grain boundary, assuming a 


Fig. 10—Udimet 500, as received + Fig. 11—Udimet 


500, as received + Fig. 12—Udimet 500, as received + 48 


300 hr at 1600°F. X500. Reduced ap- 192 hr at 1700°F. X500. Reduced ap- _—ihr at 1900°F. X500. Reduced approxi- 
proximately 21 pct for reproduction. proximately 21 pct for reproduction. mately 21 pct for reproduction. 
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Fig. 13—Udimet 500, as received + 24 Fig. 14 
nr at 2000°F. X500. Reduced approxi- 


mately 21 pct for reproduction. 


reproduction. 


continuous uniform film, for various weight per- 
centages of precipitate (M,,C,) is listed in Table VI. 
For this alloy, it has been noted, metallographically, 
that when the precipitate thickness is below 0.015 
mils, a continuous film cannot be maintained. We 
would expect a significant drop in ductility when a 
continuous grain boundary film is formed. Table VI 
shows that with a grain size smaller than ASTM 4, 
a continuous film should not form, even with the 
maximum expected amount of M,,C,. With heat 
treatments that minimize the amount of M,, C., the 
grain size can be permitted to grow larger without 
the possibility of a continuous film. 

The following sections discuss the correlation of 
the phase structure and grain size with various 
mechanical property results. 


_ Fig. 16—Udimet 500, 
solutioned at 2150°F, 
2 hbr, aged at 1550°F, 
24 hr + 1400°F, 16hr 
all air cooled. X500. 
_ Reduced approx.- 
_ mately 21 pet for re- 
production. 
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—Udimet 500, solutioned at 
1975°F, 4 hr, aged at 1550°F, 24 hr 
+ 1400°F, 16 hr, all air cooled. X500. 
Reduced approximately 21 pct for 


Fig. 15—Udimet 500, solutioned at 
2150°F, 2 hr +1975°F, 4 hr, aged at 
1550°F, 24 hr + 1400°F, 16 hr, all 
air cooled. X500. Reduced approxi- 
mately 21 pct for reproduction. 


A) Hardness—Aging curves for Heat A at four dif- 
ferent temperatures (1300°, 1400°, 1550°, and 
1650°F) are shown in Figs. 18 to 21, respectively, 
as a function of three different ‘‘solutioning’’ treat- 
ments. Effects of reaging at higher and lower tem- 
peratures after an initial 24-hr age are also included 
on the curves. All specimens were air cooled after 
each treatment. This slow cooling from solution 
temperatures leads to some nucleation and precip- 
itation of Ni, (Al, Ti). Air cooling specimens from 
1900° to 2100°F results in approximately 3 to4 R, 
points higher than water quenching does. 

Initial hardening was fairly rapid in all cases. 


NS GRAIN SIZE IN 
2100 | 3-5 2-4). ASTM NUMBERS 
NX 
2075 
_ 2050 —€s) 
Qu) 
2025 
1 2 4 8 16 32 


Time (Hrs. ) 


Fig. 17—Udimet 500 grain size after exposure to various 
temperature-time conditions (Forged Bar). 
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Table VI. Grain Boundary Precipitate Thicknesses 


Continuous Grain Boundary Thickness 


Grain Grain Boundary for 
Size | Area per Unit Y% Pet 
ASTM mm?/mm** 1 Pet % Pct (by weight) 
-2 Rs) 0.119 mils 0.060 mils 0.030 mils 
0 6.7 0.059 mils 0.029 mils 0.015 mils 
2 13.4 0.030 mils 0.015 mils 0.007 mils 
4 27.0 0.015 mils 0.007 mils 0.004 mils 
6 54.0 0.007 mils 0.004 mils 0.002 mils 
8 107.0 0.004 mils 0.002 mils 0.001 mils 


With the M,,C, precipitate using one-half the available carbon, the 
maximum weight percentage of M,,C, is 1 pct in normal Udimet 500. 


*From ASM Metals Handbook, 1948 Edition. 


As usual, the lower aging temperatures lead to 
higher hardness. Overaging occurs after 5 to 10 hr 
at 1550°F and after 3 to 8 hr at 1650°F. The hard- 
ness curves agree well with those shown by Hagel 
and Beattie.® In all cases, the specimens with only 
the 1975°F ‘‘solution’’ were hardest, although no 
more than 3 to 4 R, points separate the hardest 
from the softest at all times. A 2150°F solution 
treatment leads to considerable grain growth, with 
subsequent loss in maximum possible hardness. 
The double solution treatment resulted in the lowest 
hardnesses. From the preceding section, it can be 
seen that 1975°F is not a complete solution treat- 
ment. The 1975°F treatment, however, must be 
able to dissolve enough of the fine Ni, (Al, Ti) pre- 
cipitate (while causing agglomeration of the re- 
mainder) so that there is a sufficient amount in 
solution to reprecipitate when the temperature is 
lowered. Following the 2150°F solution, some of 
the Ni; (Al, Ti) is agglomerated or precipitated by 
the 1975°F treatment, so that hardness with the 
double ‘‘solution’”’ is a trifle lower than without. 
The reaging treatments, at higher or lower tem- 
peratures, further support the concept that the 


SOLUTION TREATMENT 


1975°F, 4HRS. 


2150°F, 2 HRS. 


2150°F, 2 HRS. 
1975°F, 4HRS 


Hardness Re 
WN 


1 10 20 30 40 100 


Aging Time (Hrs. ) 


Fig. 18—Udimet 500 aging at 1300°F. 


finer (most effective) Ni, (Al, Ti) hardening par- 
ticles are dissolved as the temperature is raised, 
and reprecipitated as the temperature is dropped. 
After essentially full hardening (or even slightly 
overaging) treatments at 1400°, 1550°, and 1650°F, 
a reaging at a lower temperature always increases 
the hardness and a reage at a higher temperature 
decreases the hardness. 

B) Stress-Rupture—A large grain size is usually 
beneficial to long stress-rupture life, since a greater 
concentration of grain boundary strengthening pre- 
cipitate is possible. A matrix strengthened by solu- 
tion and precipitation hardeners (not necessarily 
visible optically) is helpful also. The combined ef- 
fects of solutioning treatments and aging treatments 
are shown in Table VII, for Heat A. Allowing for the 
considerable scatter encountered in this type of test, 
there seems to be a definite trend towards greater 
life after the higher solutioning treatments which 
erow larger grains. All of the aging treatments 
cause sufficient quantities of precipitate to form in 
both boundary and matrix. Rupture elongations 
ranged between 4 and 14 pct; reductions in area 
ranged from 8 to 19 pct. No trends in ductility 
values could be found at the single testing condition 
used in these tests. 

C) Fatigue Strength—The conditions favorable to 
high fatigue strengths are strong grain boundaries 


Table VIl. Effect of Heat Treatment on Stress-Rupture Life 


1st Solution 


Treatment 1975°F 4 Hr 2050°F 4 Hr 2050°F 4 Hr 2100°F 2-4 Hr 2100°F 2-4 Hr 2150°F 2 Hr 2150°F 2 Hr 

2nd Solution 

Treatment 1975°F 4 Hr 1975°F 4 Hr 1975°F 4Hr 
Aging Treatment 
1300°F, 8% hr 40.4 61.2 62.2 
1400°F, 8% hr 36.7 58.9 37.1 
1550°F, 8% hr 56.4 48.4 
1600°F, 24 hr 66.5 4 Hr 
1600°F, 24 hr + 28.9 
1400°F, 16 hr 64.9 50.2 
1650°F, 8% hr 48.6 63.6 


All specimens air cooled after all heat treatments. 
All tests conducted at 1650°F, 25,000 psi. 
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A REAGED 1300°F, 16 HRS. 
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XA 


SOLUTION TREATMENT 


XT 2isorr, 2 urs: 
# I975°F, 4 HRS. 


8 1975°F, 4 HRS 
F 


Hardness Re 


ee 2 4 10 
Aging Time (Hrs. ) 


20 30 40 100 
Fig. 19—Udimet 500 aging at 1400°F. 


and strong matrix, together with sufficient ductility 

to resist crack formation and propagation. Fatigue 

results at 1200°F for combinations of two different 

“‘solution’’ treatments and two different aging treat- 
ments are shown in Table VII (Heat A material). 

The 2150°F, 2-hr exposure causes considerable 
grain growth (see Fig. 17). Coarse grained mate- 
rial, when aged at 1400°F, apparently does not have 
_a sufficiently thick and continuous brittle grain 
boundary film (M,,C,) to cause loss in fatigue 
strength. However, when the 1400°F age is pre- 
ceded by a 1550°F treatment, a heavy brittle bound- 
ary network is formed. A considerable loss in 
fatigue strength results. The fine grained mate- 
rial has sufficient grain boundary area so that the 
heavy brittle film is not able to form (see Table VI) 
and, therefore, fatigue strength is not damaged by 
the 1550°F temperature. The next section, on 
notched bend ductility, further strengthens this 
explanation. 

D) Notched Bend Ductility—The ductility evidenced 
in a bend test (expressed either as bend angle or 
center deflection at fracture) is a combination of re- 
sistance to crack formation (allied to tensile ductil- 
ity) and resistance to crack propagation. Coarse 
grains and brittle grain boundary constituents are 
deleterious in both cases. Since turbine buckets, 
for example, are partly loaded in bending, the bend 
ductility may have some bearing on performance. 
Material from a heat very similar to Heat B was 
used. 

The specimens used in the bend test were stand- 
ard V-notch Charpy bars. These were supported on 
a 2-in. span and centrally loaded. A universal test- 


te 
REAGED 1400°F, 16 HRS. 


A ___REAGED 1550°F, 16 HRS. 


SOLUTION TREATMENT 


4 HRS. 
V 


ts 2IS50°F, 2 HRS. 


\ 


Hardness, Rc 


> 


—2I50°F, 2 HRS. 
# 1975°F, 4 HRS. 


25 


5 T 2030 40 100 
Aging Time (Hrs. ) 


Fig. 21—Udimet 50v aging at 1650°F. 
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© © REAGED 1400°F, 16 HRS. 
@ B A_ REAGED 1650°F, 16 HRS. 


SOLUTION TREATMENT 


975° F, 4 HRS. 


2150°F, 2 HRS. 


2 HRS. 
+ 1975°F, 4 HRS. 


Hardness, Re 


20 
1 4 T 20 30 40 100 


Aging Time (Hrs. ) 


Fig. 20—Udimet 500 aging at 1550°F. 


ing machine was used, and the bend deflection was 
measured by a dial indicator. The results are 
shown in Fig. 22. The fine-grain specimen (1975°F 
solution), as in the fatigue tests, shows a typically 
ductile response. When the normal heat treatment 
is preceded by a grain growth treatment (2150°F, 

4 hr) drastic brittleness results, since the specimen 
fractures immediately upon passing the ‘‘propor- 
tional’’ limit. Even with coarse grains, a ductile 
response is obtained if the 1550°F treatment is 
omitted. A brittle condition can be improved if the 
specimen is reheated to 1600°F; however, when 
this is followed again by a 1400°F age, the specimen 
returns to its brittle state. 

It is clear that the 1550°F treatment causes grain 
boundary embrittlement by the precipitation of 
M,,C,. If the grain size, Table VI, is larger than 
approximately ASTM 3, a continuous film is formed. 
With grain sizes ASTM 4, or smaller, the precipi- 
tate is not sufficiently continuous for embrittlement. 
The 1400°F age hardens the matrix by Ni,(Al, Ti) 
precipitation. The combination of continuous bound- 
ary precipitate plus hard matrix leads to brittle be- 
havior. If the grain size is sufficiently small, then 
the M.3C, cannot cause a brittle grain boundary net- 
work. If the matrix is kept soft by avoiding precip-, 
itation at around 1400°F, then even a brittle network 
can be partially compensated by the ductility of the 
matrix. It is the 1550° to 1600°F treatment, fol- 
lowed by a 1400°F treatment, that causes brittleness 
in coarse grained materials (above ASTM 3). Fine 
grained material will be ductile (at least after short 
time exposures) with any of the treatments. 

Impact tests were carried out by Hagel and 
Beattie® on similar specimens. Single aging treat- 
ments were used after a 2050°F solution treatment. 
Impact resistance fell off relatively slowly with time 
at 1200° and 1300°F. There was a drastic reduction 


Table VIII. Effect of Heat Treatment on Fatigue Strength 


Solution Treatment 


Aging Treatment 1975°F, 4Hr 2150, 2Hr+1975°, 4Hr 
1400°F, 16 hr 57,000 psi 55,000 psi 
1550°F, 24 hr 

59,000 psi 40,000 psi 


plus 
1440°F, 16 hr 


Fatigue strengths at 10’ cycles, 1200°F 
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A. FINEGRAIN 1975°F, 4 HRS. 
1550°F, 24 HRS. 
1400°F, 16 HRS. 
B. COARSE GRAIN 1975°F, 4 HRS. 

1400°F, 24 HRS. 
C. COARSE GRAIN 1975°F 4 HRS. 

1550°F, 24 HRS. 


1400°F 24 HRS. 
5000 D. SAME ASC 4 I600°F 8 HRS. 
E. SAME ASD # 1400°F, 24 HRS. 
GRAINS COARSENED BY 
I 2150°F, 4 HR. TREATMENT 
4000 A 
: 
“> 3000 \ 
a 


1000 N 


Total Deflection (Mils) 


Fig. 22—Udimet 500 bend tests at room temperature. 


(> 10:1) after only 8 hr at 1550°F or 2 hr at 1600°F 
and higher. This, again, may be attributed to the 
heavy grain boundary M,,C, precipitating rapidly at 
the higher temperatures. Their electron photomi- 
crographs corroborate this explanation. 


SUMMARY—MECHANICAL PROPERTY 
CORRELATION 


A continuous heavy grain boundary precipitate is 
deleterious to fatigue, ductility, and impact proper- 
ties. For this alloy, Udimet 500, a 1550° to 1600°F 
treatment with an ASTM grain size greater than 
3 produces such a condition (M,, C, is the precipi- 
tate). A hardened matrix is also necessary. This 
is produced by Ni, (Al, Ti) with an aging treatment 
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in the vicinity of 1400°F. The matrix hardening is 
reversible, for a 1600°F treatment will soften the 
matrix enough to regain some ductility. Reexposure 
to 1400°F will cause embrittlement again. 

When the grain size is ASTM 4, or finer, there is 
not sufficient M,,C, available to cause brittleness. 
However, with insufficient M2; Cg grain boundary 
density as a result of the fine grain size, a loss in 

stress-rupture life can occur. 

With this alloy, therefore, fine grained material 
(ASTM 4, or finer) is suitable for use with whatever 
thermal cycling occurs, if the strength values are 
acceptable. With coarse grained material, the alloy 
will become brittle if thermal treatment or cycling 
includes time at 1550° to 1600°F, followed by time 
or operation at about 1400°F. Steady operation at 
1550°F or higher is satisfactory. 

Since excessive solution temperatures of the 
order of 2200°F and higher are not used for an al- 
loy of this type, the grain size may be attributed to 
processing, 7.e., forging, rolling, and so forth. In 
applying such alloys, all factors of processing must 
be carefully controlled and, in some cases, should 
be modified in view of the stress, temperature, time 
conditions of the application, and the size and shape 
of the parts used. Unless alloy composition, heat 
treatment, and processing are all designed to de- 
velop optimum properties in a given application, a 
high-strength, high-temperature alloy cannot be 
used to its full potential. Conversely, if processing 
conditions used successfully for some applications 
are copied without considering the above factors, 
problems in operation can arise. 
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Some Properties and Metallography of 
Steel-Bonded Titanium Carbide 


Composite materials consisting of alloy steels and up to 54 
wt pet (65 vol pet) of titanium carbide are described. They are 
made by conventional powder-metallurgical techniques involving 
liquid-phase sintering. Unlike most cermets, these composite 
materials are capable of being annealed and hardened in a 
manner similar to alloy steels. In the annealed condition they can 
be machined; in the hardened condition their properties approach 
those of cemented tungsten carbide. The form and nature of the 
phases present in these structures was studied, and some of the 
effects on the properties of titanium-carbide concentration, 


alloying elements, and heat treatment are reported. One com- 
position, i.e., 33 wt pet (45 vol pct) TiC with a chromium -molyb- 


denum steel matrix, is described in detail. 


Dorinc the past decade, considerable work has 
been carried out on various cermet systems in an 
effort to produce materials suitable for high-tem- 
perature applications in gas turbines. Most of the 
materials have not, as yet, met the requirements of 
the engine manufacturers, primarily because of their 
lack of room-temperature ductility and thermal 
shock resistance. 

In the field of tool materials, however, although 
ductility is still of prime importance, much has 
been accomplished by improving design parameters 
and the quality of carbide materials with a view to 
using cermet compositions successfully. The sys- 
tems described in this paper were designed pri- 
marily for application in this field, although their 
development was a natural outcome of work on 
similar compositions designed for high-temperature 
service. 

In steel-bonded titanium carbide, the steel binder 
imparts heat treatability to the system while the 
carbide provides abrasion and wear resistance. 
Combining the carbide and the steel matrix in 
carefully controlled proportions results in a com- 
posite material which, when the steel is hardened, 
has many of the properties of cemented tungsten 
carbide.” In the annealed condition, this material 
can be readily machined by the conventional chip- 
removal techniques. 

Titanium carbide has certain distinct advantages 
over many of the other carbides when combined 
with a steel matrix. It is among the hardest of the 
carbides and is one of the most stable. Liquid iron 
wets titanium carbide, and this wetting assists in 
the formation of a dense cermet. Once the com- 
posite structure has been formed, the titanium 
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carbide acts as a relatively inert phase during the 
heat treatment of the matrix. 


PREPARATION OF ALLOYS 


The steel-bonded titanium-carbide materials 
described in this paper were prepared by the liquid- 
phase sintering technique. The titanium carbide 
used had an average particle size of 6 to 7y, a total 


‘carbon content of 19.4 pct and 0.35 pct free carbon. 


This was blended with the elemental metal powders 
by ball milling them together in a hexane medium. 
After drying, paraffin wax was added to the blend to 
provide green strength in the pressed briquettes, 
and compacting was performed at 15 tsi. 

Liquid-phase sintering was carried out in vacuum 
at temperatures which depended on the chemical 
composition of the system involved, but which were 
usually around 2640°F. The resultant materials had 
a density approaching 100 pct of theoretical. The 


Fig. 1—Carbon steel-titanium carbide cermet annealed 
structure at X750. Etched with 3 pct Nital. Enlarged ap- 
proximately 4 pct for reproduction. 
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NaOH saturated with KMmQ,. 
: 


duction. 


sintered pieces were then annealed in a neutral 
atmosphere after which they could be machined to the 
desired shape with conventional tools. 

Oil quenching from an austenitizing temperature of 
1750°F was used for hardening the compositions 
described in this paper. 


VARIATIONS IN MATRIX COMPOSITION 


In the early experiments on steel-bonded carbides, 
the matrix had a composition which was the same as 
that of a plain carbon steel. Fig. 1 shows the micro- 
structure of such a material, consisting of 33 wt pct 
(45 vol pct) TiC, balance carbon steel in annealed 
condition. The rounded carbide grains, which appear 
to be characteristic of most TiC-iron compositions,” 
contrast sharply with the more angular grains char- 
acteristic of WC-Co hard metals. 

Although material of this type responded to heat 
treatment in a manner similar to that of conventional 
steels, its plain carbon steel matrix imparted low ~ 
hardenability to the system. Oil quenching resulted 
in full hardness throughout in small sections only. 
Water quenching usually caused cracking. 

In an effort to overcome the low hardenability of a 
carbon-steel titanium-carbide cermet, chromium 
and molybdenum alloying additions were made to the 
matrix. A 2-in. diameter bar made from a blend with 
a steel composition containing 2.9 pct Cr and 2.9 
pet Mo was hardened throughout when oil quenched 
from 1750°F. This was the largest section examined 
for hardenability, and it is probable that the deep 
hardening characteristics are greater than are il- 
lustrated by this test. 

During the development of the steel-bonded 
titanium-carbide compositions, it became of great 
importance to determine how these alloying additions 
were divided between the matrix and the carbide 
phase after sintering and how this partition was af- 
fected by heat treatment. In this paper, when de- 
scribing the structure of the cermets, the term 
‘principal carbide’’ will be used to designate the 
carbide initially added to the powder blend, i.e., the 
TiC which may or may not contain other elements in 
the final structure. Most of the principal carbide 
particles are several microns in diameter, while the 
carbide formed in the steel matrix during manufac- 
ture and heat treatment is somewhat finer and will be 
termed ‘‘matrix carbide.”’ 
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Fig. 2—Molybdenum steel-titanium carbide cermet an- 
nealed structure at X750. a) As polished. b) Etched with : 
(Arrows indicate selectively 


etched regions).. Reduced approximately 10 pet for repro- 


In order to determine the distribution and chemical 
and crystallographic nature of the phases present in 
steel-bonded carbides, the following approaches were 
used: 

1) A metallographic investigation employing se- 
lected etching reagents to determine the location and 
nature of the carbide phases. 

2) An investigation of the extracted carbides using 
chemical and X-ray diffraction analysis techniques in 
order to gain more detailed information on these 
various phases. 

One specimen investigated was made from a 
powder blend of TiC with a steel containing 4 wt pct 
Mo and approximately 0.3 wt pct C, balance Fe. The 
steel constituted 67 wt pct (55 vol pct) of the initial 
blend. A metallographic examination of this speci- 
men was carried out using an NaOH + KMnO, 
etchant.* Certain regions of the ‘‘principal carbide,’’ 
generally close to the interface with the matrix, were 
revealed due to differential etching. Fig. 2(a) shows 
the polished structure; Fig. 2(0) shows the material 
after etching; the arrows indicate the interfacial 
regions. 

In order to investigate further the nature of the 
areas revealed by the etching technique, an elec- 
trolytic extraction of both the principal and the 
matrix carbides was carried out using an HCl cell.* 
Chemical analysis of the extracted powder showed 
its major constituents to be titanium, carbon, and 
molybdenum with iron present in a minor amount. 
Quantitatively, approximately 65 pct of the molyb- 
denum was to be found in the carbide phases when 
the material was in the annealed condition. The 
amount of iron present in the extracted carbides 
was very Small compared with that of the molyb- 
denum; it appears, therefore, that very little, if 
any, complex carbide of the type M,C (Fe,Mo,C) is 
present. 

The X-ray diffraction analysis of the extracted 
carbides showed only one structure, that of TiC 
with a lattice parameter almost identical with the 
accepted value. Using refinements in technique in 
order to measure more accurately small changes in 
lattice parameter, analysis was run on two speci- 
mens: 

1) Pure TiC powder of the type used in making the 
steel-bonded carbide. 

2) The carbide extracted from the molybdenum- 
bearing cermet. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


(b) 


Table |. Chemical Analysis of Extracted Carbides 


Typical Annealed Hardened 
Analysis 
Before Matrix, by Matrix, by 


Extraction Difference Carbide Difference Carbide 


Titanium 


26.2 26. 2* - 26.2* 
Iron 63.8 61.8 2.0 62.95 85 
Molybdenum 1.8 1.62 1.67 
Chromium 1.8 .96 142 38 
Carbon 6.4 - 6.38 - 6.62** 


*The assumption was made that a negligible amount of titanium 
was present in the matrix at any time. 
**High value possibly due to inaccuracy in the chemical analysis. 


The extracted carbide had a lattice parameter 
0.0015A smaller than that of the TiC powder, and 
calculations show that the change could be accounted 
for on the assumption that all the molybdenum car- 
bide present was dissolved in the titanium carbide. 
However, the possibility that oxygen or other ele- 
ments in the TiC may be responsible for the change 
in lattice parameter cannot be discounted. 

Further material was prepared from a powder 

‘blend of TiC with a steel of composition 2.9 wt pct 
Cr, 2.9 wt pct Mo, approximately 0.6 wt pct C, 
balance Fe. The steel constituted 67 wt pct (55 vol 
pct) of the initial blend. 

The carbide phases were extracted electrolytically 
from this material, in both the annealed and oil 
hardened conditions, and the results of chemical 
analysis on the extracted carbides are shown in 
Table I together with the analysis of the starting 
material. The matrix composition was obtained by 
difference. 

The figures indicate that 90 wt pct of the Mo in an 
annealed specimen is in the form of a carbide. In the 
hardened condition the same percentage of molyb- 
denum, within the limits of experimental accuracy, 
is in the carbide phase. It appears, therefore, 
that the molybdenum content of the carbide phase 
and, thus, that of the matrix is not appreciably af- 
fected by the heat treatment employed in this in- 
vestigation, 7.e., oil quenching from 1750°F. 

The distribution of the chromium is, however, 
very markedly affected by the same heat treatment 
cycle. Fifty-four wt pct of all chromium present in 
the material was found in the carbides extracted 
from the annealed material. The corresponding 
figure for the carbides extracted from the hardened 
material was 21 wt pct only. 

The iron content of the carbide phases also de- 
creased on hardening due presumably to the dis- 
solution of Fe;C or a chromium carbide containing 
iron. 

The X-ray analysis of the carbides extracted from 
this material containing both chromium and molyb- 
denum revealed the presence of a Cr,C3 phase simi- 
lar to that found by Crafts and Lamont? in certain 
steels containing approximately 5 wt pct Cr. The 
predominant structure was, however, that of TiC, 
and, as no other phases were observed, it was as- 
sumed that the molybdenum carbide had formed a 
solid solution with TiC in a manner similar to that 
suggested above for the molybdenum-steel cermet. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


8.0 
18% 
7.6 -—O-— No carbon added 
74h —4— Carbon in matrix adjusted 
: to 0.6% approx. 
--m—-Density predicted by Law 
zob of Mixtures 
— 
> 
6:6'- 
Z 
6.2F 
5.8 i 1 1 
(e) 10 20 30 40 50 60 70 


TITANIUM CARBIDE CONCENTRATION (VOL.%) 


Fig. 3—Effect of titanium-carbide concentration upon the 
density of a chromium, molybdenum steel-bonded titanium 
carbide. 


VARIATIONS IN TITANIUM-CARBIDE CONCENTRA- 
TION 


A blend containing 2.9 wt pct Mo, 2.9 wt pct Cr, 
balance carbon steel, was made standard for the 
matrix, and variations were made of the matrix 
carbon concentration and of the percentage of 
titanium carbide in the composite materials. The 
corresponding changes in the annealed and ‘‘as 
quenched’’ hardness of the resulting cermets were 
noted. 

A range of materials with titanium-carbide con- 
centrations varying from 0 to 54 wt pct (0 to 65 vol 
pet) were prepared. In one series of specimens, the 
carbon level of the matrix was adjusted to be ap- 
proximately constant at 0.6 wt pct. In the other, the 
matrix carbon was controlled principally by the free 
carbon contained in the titanium carbide. As the 
percentage of titanium carbide increased, so did the 
carbon content of the matrix. 

Fig. 3 shows the effect of varying the percentage 
of titanium carbide on the density of the composite 
material. The straight line relationship is only 
slightly affected by the carbon concentration in the 
matrix. The dotted line shows the theoretical 
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Fig. 4—The effect of titanium-carbide concentration upon 
the hardness of a chromium, molybdenum steel-bonded 
titanium carbide. 
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J Fig. 5—Chromium, molybdenum steel-bonded titanium 
carbide at X750. 3 pct Nital etched. a) Annealed. 46) Hard- 
ened. Enlarged approximately 4 pct for reproduction. 


densities calculated from the constituent elements 
and titanium carbide, assuming no Solid solution. 
The small deviations of the actual density from the 
theoretical are probably due to the solubility of the 
alloying elements in the matrix and carbide phases. 

Fig. 4 shows the effect of TiC concentration on 
the hardness of various steel-bonded carbides both 
in the annealed and the hardened conditions. In one 
series, the carbon level in the matrix was adjusted 
to be an estimated 0.6 wt pct in all cases; in the 
other, the matrix carbon level was governed prin- 
cipally by the free carbon from the TiC. In the 
first case, an approximately linear relationship 
existed between hardness and titanium carbide 
concentration; but, when the matrix carbon was al- 
lowed to vary, the relationship became more com- 
plex. 


PROPERTIES OF AN ALLOY-STEEL-BONDED 
TITANIUM CARBIDE 


As a result of experimental work of the type out- 
lined above, a steel-bonded cermet, made from a 
powder blend consisting of 33 wt pct (45 vol pct) TiC, 
balance alloy steel, was chosen for a more complete 
property evaluation. The steel portion of the blend 
consisted of 2.9 pct Cr, 2.9 pct Mo, balance iron con- 


Table Il. Properties of a Steel-Bonded TiC 


Nominal composition Ti 26 pct, C 6.5 pct, Cr 1.8 pct, Mo 1.8 pct, 
Balance Fe 


Hardness Annealed 38 to 43 R, 
As Quenched 68 to 71 R, 


Density 6.58 to 6.65 g per cc 


Modulus Elasticity 44 x 10° psi 


Compressive Strength 360,000 psi 


Coefficient of Thermal Expansion 


Temperature Coefficient 

Range, °C of Expansion 
20-200 7.8 x 10°/°C 
20-300 8.7 x 10°/°C 
20-400 9.1x 10°°/°C 
20-500 9.4 x 10°°/°C 
20-600 9.6 x 10°°/°C 
20-700 9.8 x 10°°/°C 
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taining an estimated 0.6 pct C. The material was se- 
lected with a view to obtaining a favorable combina- 
tion of such properties as machinability, hardenabil- 
ity, strength, and hardness. 

Fig. 5 shows the microstructure of this material 
in the annealed and hardened condition, while Table 
II shows some of the physical and mechanical prop- 
erties. 

Fig. 6 shows the temperature dilation curve which 
has a form similar to that of a conventional steel. It 
illustrates, however, the low coefficient of thermal 
expansion of the cermet which is a result of the fact 
that 45 vol pct consists of TiC. 

The effect of heating for 1 hr at various tempering 
temperatures on the room temperature hardness and 
transverse rupture strength of this material is shown 
in Fig. 7. The transverse rupture values were ob- 
tained on a specimen with a span of 1 in., a height of 
0.200 in. and a width of 0.300 in. The tempering 
characteristics are similar to those of conventional 
steels and a range of properties can be obtained from 
this steel-bonded carbide by varying the heat treat- 
ment procedure. 

The cermet can be hot worked if close control of 
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Fig. 6—Temperature-dilation curve of chromium, molyb- 
denum steel-bonded titanium carbide. 
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Fig. 7—The effect of tempering temperature upon the 
room-temperature hardness and transverse rupture 
strength of chromium, molybdenum steel-bonded titanium 
carbide. 


the conditions is maintained. After liquid-phase 
sintering, material of the above composition has 


been bent, forged, rolled, and extruded. The extruded 


material showed improved impact and transverse 
rupture properties when tested in the extruded di- 
rection, due presumably to refinement of the struc- 
ture and an introduction of a directionality effect. 

The material after it has been subjected to a 
series of different cutting and machining operations 
is shown in Fig. 8. 


DISCUSSION AND SUMMARY 


Several materials consisting of titanium carbide 
combined with various steel compositions have been 
mentioned; they introduce what may be regarded as 
a new class of cemented carbides—the steel bonded 
carbides. 

These materials are outstanding among eermiets 
as they are heat treatable and can be readily ma- 
chined when in the annealed condition. They have 
properties intermediate between those of alloy steel 
and those of cemented tungsten carbide. The types 
described in this paper are ideally suited for varied 
applications as wear- resistant materials. 

The high hardness of these materials falls off, 
however, with increasing temperature, making 
them unsuitable for use where considerable amounts 
of heat are generated. Using the techniques de- 
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Fig. 8—Steel-bonded titanium carbide after a series ot 
different machining operations. 


scribed in this paper, investigations are presently 
being carried out on more highly alloyed materials 
of a similar nature with a view to developing new 
materials which maintain their hardness at elevated 
temperatures, but which can still be machined when 
in the annealed condition. 
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Measurement of Deformation Resulting from Grain 
Boundary Sliding in Aluminum and Aluminum- 


Magnesium from 410° F to 940° F 


The contribution of gyain boundary sliding to total elongation 
in creep of pure aluminum was determined as a function of stress, 
strain, temperature, and solid solution alloying with magnesium, 
The contribution of grain boundary sliding to total deformation 
does not increase indefinitely with decreasing stress. It was found 
that a wide variation of the grain size had no influence on the con- 
tribution of grain boundary sliding to total deformation, whereas 


strain has a marked influence, the contribution being highest at 
the beginning of creep deformation and decreasing with increasing 


strain. 


Tue materials used in this investigation were 
furnished by the Aluminum Co. of America and 
consisted of high-purity aluminum (99.995 pct) and 
two aluminum-magnesium alloys containing approx- 
imately 2 and 5 pct Mg. The compositions of these 
alloys are listed in Table I. 

The materials were received as hot rolled % -in. 
diam rods and were made from the same heats as 
the materials which were previously used in this 
laboratory.’’* The rods were cold swaged to 7/s-in. 
diam by 1 in. long, and then had two parallel flats 
machined over the gage length 0.085 in. apart. The 
test bars were annealed for 10 min at 700°F, and 
strained 1 pct in tension at room temperature. They 
were electropolished (80 pct acetic acid; 20 pct 
perchloric acid, 70 pct concentration) at a temper- 
ature of 60°F at approximately 20 v. A grid, trans- 
verse or square, spaced 0.2 mm apart, was im- 
pressed by rolling a fine threaded screw (128 threads 
per in.) across the flat surfaces. The depth of the 
grooves was less than 5 uw. For final annealing and 
grain size control the specimens were enclosed in 
aluminum foil and sealed in Vycor tubes. Annealing 
conditions varied from 1 hr at 700°F to 5 days at 
1050°F, depending on the alloy content, to give for 
most of the specimens a final grain size of about 
1mm. This treatment was followed by electropol- 
ishing as described above. 

For the test series presented in Figs. 4 and 5 
round specimens were used instead of flat ones, and 
fine machining marks served as marker lines in- 
stead of the impressed grid lines. Electropolishing 
was omitted. The major advantage is that the spac- 
ing of the machining marks is only about 1 yp as 
compared to the 200 y of the impressed grid lines, 
permitting higher precision in strain measurements. 
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Unfortunately the strain annealing necessary for 
grain size control also resulted in some preferred 
orientation of the grains. The preferred orientation 
of three arbitrary specimens was measured by 
X-ray diffraction methods and the averaged results 
are shown in Fig. 1. The possible effects of the 
preferred orientation on the test results will be 
discussed later. 

The testing temperatures were 410°, 515°, 725°, 
and 940°F, with one exception in the case of the 
5.1 pet Mg alloy. Since the solubility limit of this al- 
loy is 520°F, a test temperature of 545° F was cho-se 
sen instead of 515°F. The selection of the test tem- 
perature was based on two considerations: 1) at 
900°F and above, extensive grain boundary migra- 
tion made it more difficult to measure grain bound- 
ary sliding; 2) at 400°F and below, there was so 
little grain boundary sliding that it was again diffi- 
cult to make precise measurements. 

The stress was chosen to give a creep rate of ap- 
proximately 2.7 pet per hr in connection with Figs. 2 
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Fig. 1—Preferred orientation of the Al-1.9 pet Mg alloy. 
The deviation of the density of {111} planes from the 
average density is plotted over the angle between {111} 
planes and the specimen axis. 
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Table |. Alloy Compositions in Wt Pct 


Alloy Mg Cu Fe Si NaandCa_ Al 
H.P. Al 0.0002 0.0017 0.002 0.001 0.0006 bal. 
2 pet Mg 1.92 0.002 0.003 0.002 0.000 bal. 
5 pet Mg 5.10 0.002 0.002 0.004 0.000 bal. 


and 3 and Table II, and 0.1 pct per hr for Figs. 4 
and 5. The load was applied directly to the speci- 
men. These test conditions meet the requirement 
that equicohesion is exceeded, based on the data of 
Gemmell and Grant® for these same aluminum- 
magnesium alloys. 

The data in Table II, Figs. 2 and 3, were obtained 
after approximately 10 pct elongation, the creep 
tests were interrupted and the grid offsets across 
grain boundaries were measured, using a magnifi- 
cation of X150. The accuracy of the readings was 
+0.0015 mm. The contribution of grain boundary 
sliding to total elongation as calculated from meas- 
urement from the two flat specimen surfaces of any 
one specimen was found to agree very well; the dif- 
ference between the two results never exceeded 2 pct 
of the total elongation, hence the accuracy of the 
average can be estimated to be better than +1 pct. 

The contribution of grain boundary sliding (A6) 
to total elongation can be calculated by integration 
of the longitudinal component of the shear vector 
of each grain boundary (Aw,), with subsequent sum- 
mation of the contribution of all grain boundaries: 


(f Au,dt) [1] 
W 


W 

where dt is the length increment in the transverse 
direction and W is the width of the specimen. The 
derivation of this and other applicable equations 
was reported previously.” 

If lineal analysis is preferred, the longitudinal 
component of grain boundary sliding has to be 
measured at each intersection of a grain bound- 
ary, either with an arbitrary longitudinal line or 
with an arbitrary transverse line. In the former 
case, the elongation A6 due to grain boundary slid- 
ing is simply equal to the sum of the longitudinal 
components of the shear vectors of all grain bound- 
aries encountered by the longitudinal line (Aw,) 

[2] 


A6 = DAu, 
L 
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Fig. 2—Contribution of grain boundary sliding to total elon- 
gation, in percent, for pure aluminum and two alloys, after 
about 10 pet strain. 


where 7 is the specimen gage length. 

If measurements for lineal analysis are made 
along the length W of a transverse line, the cor- 
responding equation is 

1 
Ab =F [3] 
where 6 is the angle between the trace of the grain 
boundary on the specimen surface and the direction 
of tension. Thus in this case it is necessary to 
measure not only the longitudinal component Au, of 
the shear vector but also the angle 6 at the same 
point. 

In either case experience has shown that the dis- 
placement Au, has to be measured at a minimum 
of 100 grain boundaries if the scatter is to be less 
than 10 pet of Ad. 

In most instances the creep tests were terminated 
after approximately 10 pct creep elongation. After 
the displacements had been measured, the surfaces 
of the specimens were smoothed by electropolishing 
and then elongated in creep for an additional 1 pct to 
study the role of the substructure. Since the migra- 
tion of subgrain boundaries results in shearing,* and 
since this shear has, in general, a component nor- 
mal to the surface, subgrain boundary migration 


2 (Au,-tan B) 


Table I]. Elongation Due to Grain Boundary Sliding, Percentage of Total Elongation* 


Av. Grain Emin» Pet Eg.p./Etot 
Material Size, Mm Temp. °F Stress, Psi per Hr Brot: bet Pct 
High-purity Al 1.59 940 110 3.4 10.5 9.3 
0.86 725 250 2.3 9.8 13.3 
0.75 515 840 1.7 10.0 85) 
1.48 410 1750 Seal 13.1 0.8 
Al-1. t M: 1.56 940 210 2.4 9.8 10.0 
A al 1.31 725 705 2.4 9.5 12.9 
1.62 515 3390 2.4 9.8 4.7 
0.88 410 6800 22 9.4 0.8 
- 1.03 940 230 3.6 9.7 8.6 
ePeaiene 0.77 725 860 2.6 11.0 10.6 
0.72 545 3840 2.5 9.8 14.5 
0.66 410 9350 2.7 10.0 2.4 


*Used in connection with Figs. 2 and 3. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 218, FEBRUARY 1960-123 


| 


2000 
\ 
\| 
pepe \ 
| 
i\ 
McLea 
Mcleant6 6)/ 
500 
/ 
Al-1.9%M9 
pure Al 
/ 2 4 10 20 40 % 
€9.b./Etot. 


Fig. 3—Comparison of the present test results with the 
published data of McLean.**® See Table II for test condi- 
tions. 


results in the formation of inclined bands on the 
surface which are clearly visible with oblique illu- 
mination. A complete examination of the sub-struc- 
ture and of the extent of subgrain boundary migra- 
tion is thus easily possible. Without intermediate 
polishing, the surface deformation due to subgrain 
boundary migration would be obliterated by slip 


25% 
—-—.|pureAl 
—— | Al-199%Mg 
Al-5.196Mg 
20 
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Fig. 5—Contribution of grain boundary sliding to total de- 
formation versus strain for pure Al at 940°F (strain rate 
3.4 pet per hr), Al-1.9 pct Mg alloy at 500°F (strain rate 
0.9 pet per hr), and Al-5.1 pct Mg (strain rate 2.6 pct per 
hr). Listed figures are grain diameters. 
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Fig. 4—Elongation due to grain boundary sliding versus 
elongation within the grains as a function of grain size for 
Al-1.9 pet Mg at 1750 psi and 500°F. Strain rate about 

0.9 pct per hr. Values listed are grain diameters. 


bands. Also, during the entire creep test subgrain 
boundaries would have migrated over such large 
distances that initial and final positions of different 
subgrain boundaries would overlap and any inter- 
pretation of the surface markings would be ex- 
tremely difficult. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Effects of Temperature, Stress, and Composition 
on Grain Boundary Sliding—For the determination of 
the grain boundary sliding contribution to total elon- 
gation, all three equations, above, were used. The 
test data are listed in Table II, and the results are 
shown in Figs. 2 and 3. 

Fig. 2 shows after 10 pct strain that grain bound- 
ary sliding becomes quite small at 400°F and would 
be negligible at lower temperatures at this strain 
rate (2.7 pct per hr). The data show that solid so- 
lution alloying has little influence on the amount of 
grain boundary sliding except that the maximum 
occurs at a different temperature for each alloy, 
being near 550°F for the 5.1 pct Mg alloy and near 
700°F for the pure aluminum and the 1.9 pct Mg 
alloy. With increasing temperature, grain bound- 
ary sliding decreases to a value near 10 pct for all 

three alloys. 

It has been indicated by Harper, Shepard, and 
Dorn’? that the ratio of grain boundary sliding to 
total strain is independent of strain and tempera- 
ture, but dependent on stress. Fig. 3 indicates that 
for pure aluminum, this ratio may be independent 
of temperature (but as indicated in Figs. 4 and 5, 
the ratio is not independent of strain, at small 
strains, and is relatively insensitive to strain at 
values greater than about 10 pct). 

Based on tests at 392°F, using high- -purity alu- 
minum, McLean® found, at constant grain size, that 
grain boundary shear increased with decreasing 
load. The curve was tentatively extrapolated to 
zero stress where grain boundary shear was in- 
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dicated to be about 40 pct of total strain (see Fig. 3). 
Harper efaler however, while showing an increase 
in grain boundary shear with decreasing stress, 
found a reversal at very low stresses, in agree- 
ment with the current results, shown in Fig. 3 for 
pure aluminum. The curves for the two magnesium 
alloys also indicate a maximum in the curve, the 
value of the ratio decreasing sharply at much higher 
stresses (off the graph). 

In terms of the amount of grain boundary sliding, 
Fig. 3 indicates our results to be in close agree- 
ment with McLean*® and in poor agreement with 
Harper et 

McLean’ did not make it clear whether the grain 
boundary displacements were measured in a lon- 
gitudinal, transverse, or arbitrary direction; how- 
ever, ina preceding paper by the same author® a 
detailed description of the measurements was 
given. It appears that the longitudinal component 
of the grain boundary displacements was measured 


along a transverse line instead of along a longitu- 
dinal line. If the published results accordingly are 
corrected,’ good agreement between the present 
-test results and those of McLean‘* is found, as in- 
dicated in Fig. 3. 

It must be expected that preferred orientation has 
some influence on the average magnitude of grain 
boundary sliding. Rhines published’ the results of 
tests with aluminum bicrystals which showed that 
grain boundary sliding decreases with decreasing 
angle of misorientation. This suggests that the gra- 
dient of grain boundary shear may be proportional 
to the vectorial difference of the slip vectors in the 
two adjoining grains. Since preferred orientation 
decreases the average angle of misorientation be- 
tween the two slip directions, it would also decrease 
the average magnitude of grain boundary sliding. 
However, calculations show that for the degree of 
preferred orientation noted in Fig. 1 the average 
angle of misorientation between [110] directions is 
still about 21 deg, as compared to 23 deg for a 
face-centered-cubic polycrystal without preferred 
orientation. It can thus be assumed that the pre- 
ferred orientation of the test specimens had an 
exceedingly slight influence on the test results. 

It is interesting that the corresponding average 
angle of misorientation between [111] directions 
in a body-centered-cubic polycrystal is 28 deg, 
and is 39 deg between the slip directions of a hex- 
agonal close packed polycrystal (if the fraction of 
nonbasal slip is insignificant). Our calculations 
predict that €,4,/€t , Should be about 0.14 for 
face-centered-cubic, 0.17 for body-centered-cubic, 
and 0.23 for-hexagonal close-packed polycrystals. 
The subject is under further study. The previously 
dominant view that grain boundary sliding was the 
consequence of the resolved shear stress on the 
grain boundary (and of the resolved shear stress , 
only) predicted that €,4,/€tot, would be about 0.24, 
or 0.33,’ depending on the assumptions made. Of 
significance is that the latter two figures should be 
independent of the crystal lattice, whereas the first 
three are not. Measurement of grain boundary 
sliding in metals with lattice transformations thus 
promises interesting results. 
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Effect of Strain and Grain Size on Grain Boundary 
Sliding—In order to determine the degree of repro- 


ducibility of the various strain measurements, and 


to study the effect of strain and grain size on the 
contribution of grain boundary sliding, five speci- 
mens of the Al-1.9 pct Mg alloy, with a X60 differ- 
ence in grain size were subjected to identical test 
conditions (500°F, 1750 psi, 0.09 pct per hr mini- 
mum creep rate). For these tests the displace- 
ments of transverse machining marks (1 yp average 
spacing) were measured at all intersections of ar- 
bitrary longitudinal reference lines with grain 
boundaries, with high accuracy. The results are 
plotted in Fig. 4. Each point in Fig. 4 represents 
the average of the measurements of at least 100 
grain boundaries, and is considered to be a re- 
producible measurement. For the calculation of 
the elongation due to grain boundary sliding, the 
appropriate Eq. [2] was used. In this instance, 

the elongation due to grain boundary sliding is 
plotted against the elongation due to deformation 
within the grains instead of plotting the fraction of 
grain boundary deformation over the total elonga- 
tion. The important features shown by the curves 
in Fig. 4 are that grain boundary sliding and grain 
deformation are not proportional except over short 
periods of strain, and that the ratio of grain bound- 
ary sliding to grain deformation decreases with in- 
creasing strain. At some arbitrary elongation be- 
tween about 2 and 7 pct (which is not related to the 
grain size) grain boundary sliding slows down or 
stops for many grain boundaries, and later resumes. 
The subsequent scatter suggests that further grain 
boundary sliding occurs intermittently. 

Fig. 4 also shows that grain size has no influence 
on the elongation due to grain boundary sliding, at 
least under the test conditions chosen. Only the 
finest grained material (0.025 mm) suggests a pos- 
sible effect, but in view of the small number of 
points, it would be difficult to suggest a significant 
effect. Otherwise a spread from 0.044 to 1.5 
(1 point) mm shows no effect. 

Plotting in the more conventional sense, Fig. 5 
shows a plot of €,.5./€to¢, for pure aluminum and 
two aluminum-magnesium alloys as a function of 
the strain. Note that several temperatures and 
grain sizes are involved. It is observed that the 
grain boundary creep contribution is large for small 
strains and approaches a constant value of about 8 
to 11 pct after about 5 to 8 pct strain. The effects 
of grain size and composition appear to be small. 
McLean had stated that grain boundary sliding in- 
creased as grain size decreased, at constant stress? 

In magnesium the ratio of grain boundary sliding 
to total elongation also decreases with increasing 
elongation as can be deduced from the test results 
of Couling and Roberts.° McLean® confirms the 
same fact for pure aluminum for strains below 
10 pet. Above 10 pct strain the ratio proved to be 
approximately constant, nevertheless McLean states 
elsewhere’ that this ratio is independent of strain. 

Further confirmation of the decreasing contribu- 
tion of grain boundary sliding to total creep defor- 
mation with increasing strain is shown in Fig. 6 for 
high-purity Al tested at 500°F at a strain rate of 
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duction. 


(a) 


0.17 pet per hr. The outline of the grain boundaries 
of a selected area is shown in Fig. 6(a) and the 
measurements are graphically presented in Fig. 6(d). 
From this figure it is clearly evident that the in- 
crements of grain boundary shear per 2-hr inter- 
val decrease despite the fact that the specimen had 
maintained a constant creep rate. Note that the di- 
rection (but not necessarily the magnitude) of grain 
boundary sliding is determined by the resolved 
shear stress on the grain boundary. Further de- 
tails of Fig. 6(b) will be discussed below. 
Structural Changes of the Grain Boundary during 
Creep—The most plausible explanation for the ob- 
served decrease of grain boundary sliding with in- 
creasing strain is the increasing severity of grain 
boundary corrugation with increasing strain. Such 
corrugations are obstacles to easy grain boundary 
sliding which have to be overcome if further grain 
boundary sliding is to occur. Fig. 7 shows the 
structure of a deformed 1.9 pct Mg alloy of alumi- 


Fig. 7—Al-1.9 pct Mg alloy repolished after preliminary . 
creep elongation of 9.8 pct at 515° F at a strain rate of 2.4 
pet per hr, then further elongated 1.2 pct in creep. Note 
absence of plastic deformation along straight section of 
grain boundary. Oblique illumination, X375. Reduced ap- 
proximately 24 pct for reproduction. 
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Fig. 6—Progress of grain boundary slid- 
ing in high purity aluminum during creep 
at 500°F at a strain rate of 0.17 pct per 
hr. (a) Schematic drawing of the grain 
boundaries. (4))Amount of marker line 
offset versus position in the grain bound- 
ary measured at 2 hr intervals. X20. 
Reduced approximately 8 pct for repro- 


” the 


(b) 


num tested at 515°F. Prior to taking this photo- 
micrograph, it had been observed, after about 
9.8 pet strain, that segments of some boundaries 
were corrugated, others were plane. The surface 
was repolished, etched, and further strained 1.2 pct 
under the same test conditions. The two stain 
streaks show that further shear of the grain bound- 
ary has occurred. Oblique illumination shows that 
further severe deformation has taken place only in 
the vicinity of the previously corrugated zone. Thus 
while the corrugations impede the rate and amount 
of grain boundary sliding, they do not prevent slid- 
ing. Fig. 8 shows corrugations in pure aluminum 
which had been deformed 9.8 pct at 700°F, was re- 
polished and further strained 1.6 pct. There has 
been migration of the corrugated grain boundary, 


Fig. 8—High purity aluminum repolished after preliminary 
creep elongation of 9.8 pct at 700°F at a strain rate of 2.3 
pet per hr, then further elongated 1.6 pct in creep. Note 
the branching off of subgrain boundaries from the grain 
boundaries at points of abrupt change of direction of the 
grain boundaries. Oblique illumination. X100. Reduced 
approximately 12 pct for reproduction. 
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but now it is noted that subgrain boundaries, which 
were present at each corrugation tip, had also mi- 
grated, forming characteristic triangular facets 
along the grain boundary. This process of subgrain 
boundary migration constitutes, at high tempera- 
tures, one of the important mechanisms to accom- 
modate grain boundary sliding along corrugated 
grain boundaries, as suggested in an earlier theo- 
retical treatment of this behavior. ? 

The process of increasing severity of grain 
boundary corrugation plus adjustment through grain 
and subgrain boundary migration could explain the 
observed creep spurts and lags noted in Fig. 6 for 
a particular grain boundary. 

At this point little can be said about the cause of 
the corrugation of sliding grain boundaries during 
creep, observed by Wyon and Crussard’? and by 
Chang and Grant.*° From equations found by 
Williams” for the strains near the edge of a shear 
interface (irrespective of the shear mechanism) it 
can be shown that lattice bending is a maximum 
along planes which branch off the edge of the shear 
interface at an angle of 70 to 80 deg. It is possible 

_that the bending gives rise to polygonization along 
these planes which would, in this case, be anchored 
at stress concentrations along the grain boundaries. 
From the relationship among applied stress, length 
of the corrugation segments, and lattice bending, it 
can also be deduced, in this case, that the length of 
the straight segments should be inversely propor- 
tional to the square of the applied stress. A very 
pronounced increase of the length of the segments 
with decreasing stress was actually observed. It 
has been noted further that slip bands (in high- 
purity aluminum tested at 515°F and 840 psi) showed 
corrugations due to intersection with rotating sub- 
grains; the length of the corrugation segments was 
the same as that at the grain boundary. 

Polygonization alone cannot account for the angles 
observed between segments of the grain boundaries 
after creep deformation. Polygonization could ac- 
count for the observed angles between the straight 


segments of slip bands, but the observed angles be- 
tween segments of grain boundaries are consistently 
much larger than those which could be attributed to 
polygonization alone. It must therefore be concluded 
that subsequent grain boundary migration makes a 
major contribution to the formation of grain bound- 
ary corrugations. 


SUMMARY 


Utilizing high-purity aluminum and two aluminum- 
magnesium solid solution alloys, a series of tests 
were performed which permit the following obser- 
vations: 

1) The contribution of grain boundary sliding to 
the total creep deformation of aluminum was de- 
termined as a function of temperature, strain, grain 
size, and solute content. It was found that with in- 
creasing temperature this contribution begins near 
the equicohesive temperature, reaches a maximum 
and then decreases with further increase of tem- 
perature or decrease of stress. The maximum 
value does not vary appreciably with solid solution 
alloying. These results are in contradiction to pre- 
viously published observations on aluminum and 
some of its alloys. 

2) It has been shown experimentally that the de- 
formation due to grain boundary sliding is not a 
constant fraction of the total elongation but de- 
creases with increasing elongation. It is suggested 
that this decrease is closely associated with the ob- 
served increase of the grain boundary corrugations 
during creep deformation. 

3) It has been shown experimentally that a con- 
siderable variation of grain size has no influence on 
the elongation due to grain boundary sliding. 
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Effect of Rare-Earth Additions on Some 
Stainless Steel Melting Variables 


Rare-earth additions were made to laboratory heats of Type 
310 stainless to observe their effect on as-cast ingot structure, 
nitrogen and sulfur contents, and nonmetallic inclusions. Lantha- 
num had a grain-refining effect in 30-lb ingots, but results with 
200-lb ingots were inconsistent. Cerium, lanthanum, and misch 
metal lowered the sulfur content when the sulfur exceeded 0.015 
pct and the rare-earth addition was greater than 0.1 pct. The 
rare-earth content in the metal dropped very rapidly within the 


first few minutes after the addition. The size, shape, and distri- 
bution of nonmetallic inclusions was not changed in 30-lb ingots, 


but changes were noticed in larger ingots. 


Rare-earth* additions have been made to austenitic 


*The term “rare earths” applies to Elements 57 to 71 of the periodic 
system. The rare earths most commonly used in steelmaking are cerium 
and lanthanum. 


Cr-Ni and Cr-Mn steels to improve their hot work- 
ability. The high alloy content of these steels often 
results in a considerable resistance to deformation 
and inherent hot shortness at rolling temperatures, 
particularly in larger ingots. Rare earths in the 
metallic, oxide, or halide form are usually added to 
the steel in the ladle after deoxidation although they 
can be added in the furnace prior to tap or in the 
molds during teeming. 

The literature indicates that the effects of rare- 
earth treatments on these stainless steels are not 
consistent, and sometimes even contradictory. Since 
no mechanism has been presented which satisfac- 
torily accounts for the claimed improvements, the 
effects of rare earths are a qualitative matter. The 
work described in this paper was initiated to expand 
the knowledge of the effects of rare-earth additions 
on melting variables such as ingot structure, chemi- 
cal analysis, and nonmetallic inclusions. 


REVIEW OF LITERATURE 


Ingot Structure—Rare-earth additions to stainless 
steels have been reported to causé a change in pri- 
mary ingot structure in that there are fewer coarse 
columnar grains. However, the results are incon- 
sistent. While one investigation’ has shown a large 
reduction in coarse columnar crystals, another” has 
been unable to observe this effect, particularly when 
small ingots were poured. Post and coworkers® ob- 
served ingot structures for a number of years and 
found that the columnar type of structure is not 
definitely a cause of any particular trouble in rolling 
or hammering, provided the alloy is ductile. Knapp 
and Bolkcom* found rare-earth additions to be quite 
effective in preventing grain coarsening in Type 310 
stainless steel. 
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Chemical Analysis— Many effects. of rare-earth 
treatment on chemical analysis have been claimed in 
the literature. Russell’ observed that some sulfur is 
removed by rare-earth metals, and that a high initial 
sulfur content improved the efficiency of sulfur re- 
moval. Lillieqvist and Mickelson® report that rare- 
earth treatment causes sulfur removal in basic open- 
hearth furnaces, but not in basic lined induction 
furnaces. Knapp and Bolkcom found no sulfur re- 
moval in acid open-hearth and acid electric furnaces, 
probably because the acid slag can not retain sul- 
fides. Snellmann’ showed that sulfur could be 
lowered appreciably with rare-earth additions; 
however, a sulfur reversion occurred with time. 
Langenberg and Chipman® studied the reaction CeS(s) 
= Ce(in Fe) + S(in Fe), and found the solubility 
product [% Ce] [%S] equal to (1.5 + 0.5) x 107° at 
1600°C. Results in 17 Cr-9 Ni stainless were about 
the same as those in iron. 

Beaver’ treated chromium-nickel steels with 
0.3 pct misch metal and observed some reduction in 
the oxygen content. He also noted an inconsistent 
but beneficial effect of rare earths when tramp ele- 
ments were present in amounts sufficient to cause 
difficulty in hot working. It is not known whether 
rare earths reduce the content of the tramp ele- 
ments or change the form in which these elements 
appear in the final structure. 

No quantitative data are available concerning a 
possible effect of rare-earth treatment on hydrogen 
and nitrogen contents. However, Schwartzbart and 
Sheehan’ stated that additions of rare earths had no 
effect on impact properties when the nitrogen con- 
tent was low (0.006 pct), but served to counteract the 
adverse effects of high nitrogen content (0.030 pct) 
on these properties. Knapp and Bolkcom* analyzed 
open-hearth heats in the treated and untreated con- 
ditions and found the nitrogen content (0.006 pct) to 
be unaffected. These two results lead to the specu- 
lation that rare-earth additions can reduce the nitro- 
gen content to a certain level. 

Decker and coworkers’® have observed that small 
amounts of boron or zirconium, picked up from 
magnesia or zirconia crucibles, increased high-tem- 
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perature properties. These results lead to the 
speculation that part of the effects hitherto at- 
tributed to rare earths might be due to boron or 
zirconium present in rare-earth additions. Boron 
and zirconium, as well as the rare earths, are strong 
nitride formers. 

Nonmetallic Inclusions—Rare-earth additions have 
been reported to change the size, shape, and distri- 
bution of nonmetallic inclusions in different steel 
grades.*’° "15 The effect of rare earths on the melt- 
ing points of sulfides has been reported by Wilson. !4 
This latter work confirmed the research of Tageev 
and Smirnov” who reported that rare-earth additions 
formed a high melting point sulfide constituent which 
solidified at an early stage in the solidification of an 
ingot. 


EXPERIMENTAL PROCEDURE 


Type 310 stainless was selected as the base metal 
for this investigation, and a 2000-lb heat made with 
virgin materials was melted for master melting 
stock. 

Pure cerium, pure lanthanum, and misch metal 
were uSed in the experiments. The cerium had a 
minimum purity of 98 pct with about 0.7 pct other 
rare-earth elements; the lanthanum was 99.6 pct 
pure. Misch metal consists of about 40 to 50 pct Ce 
and about 25 pct La, the remainder being other rare 
earths. 

The Type 310 melting stock and the rare-earth 
materials were analyzed for boron: 


Material Boron Content, Pct 


Type 310 stainless melting stock 0.0025 
Lanthanum <0.001 
Cerium <0.001 
Misch metal <0.001 


The experimental procedure varied depending on 
the objective of the particular experiment. How- 
ever, the general procedure was to induction melt 
30 lb of Type 310 stainless in a magnesia crucible. 
The furnace was fitted with a top that had an inlet 
for argon and a small hole that could be opened for 
temperature measurement, additions, or sample 
taking. The opening was closed when not in use. The 
argon flow rate into the furnace was 50 cfm. 

Temperatures were taken with Pt/Pt, 10 pct Rh 
thermocouples and automatically recorded. Tem- 
peratures were controlled to + 15°F. Samples for 
chemical analysis were taken by drawing the metal 
into quartz tubes connected to a rubber aspirator. 
Rare-earth additions were made by fastening the 
metal to an iron rod and submerging the rod to the 
bottom of the crucible. Samples for analysis were 
taken at certain intervals after the addition and be- 
fore a heat was poured. 


RESULTS 


Effect of Rare-Earth Additions on Liquidus Tem- 
perature—It has been reported that rare-earth ad- 
ditions improve the fluidity of certain steels. There- 
fore, some experiments were conducted to see if 
rare-earth additions changed the liquidus tempera- 
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ture (on cooling) of Type 310 stainless. The results 
were as follows: 


Material Liquidus Temperature, °F 


Type 310 stainless 2565 
Type 310 + 0.2 pct (Ce + La alloy) 2565 
Type 310 + 0.2 pet La 2565 


It can be seen that the 0.2 pct rare-earth additions 
had no effect on the liquidus temperature of Type 310 
stainless. 

Effect of Rare-Earth Additions on Ingot Structure— 
Two preliminary 30-lb heats of Type 310 stainless 
were poured into cast-iron molds (3-1/2 by 3-1/2 
by 12 in. with a wall thickness of 1 in.). Heat 58-106 
was the normal 310 composition while Heat 59-106 
was 310 + 0.25 pet misch metal. Although some dif- 
ferences in the ingot structure were observed, the 
solidification rates were too rapid to afford a good 
comparison. Therefore, a special mold was used for 
the remainder of the 30-lb heats shown in Table I. 
This mold consisted of a 3-1/2-in.-diam. thin-walled 
steel tube (wall thickness of 1/16 in.) with a welded 
bottom plate (1/8 in. thick). 

For Heat 1-165, this mold was surrounded by 
zirconia sand. The resulting ingot structure showed 
a considerably smaller columnar zone. Using the 
same mold without surrounding sand had little or 
no effect on the width of the columnar zone (Heat 
2-165). 

Heats 2-165, 4-165, and 5-165, also 30-lb heats, 
were treated with 0.25 pct misch metal, 0.25 pct La, 
and 25 pct Ce, respectively. They were poured at 
2650°F into the aforementioned special molds. The 
macroetchings of the treated ingots showed almost 
no differences in grain size, although the equiaxed 
grains appeared to be finer than in the untreated 
ingot. The width of the columnar zone of the 
lanthanum-treated heat was smaller than that of the 
remaining heats, and a slightly finer grain in the 
equiaxed zone could also be noticed. However, this 
effect is not pronounced. Nitrogen-bearing chromium 
had been added to these melts to check a possible 
effect of rare earths on the nitrogen content. 


Heats 9-165, 10-165, and 11-165 were treated with 
0.25 pect misch metal, lanthanum, and cerium, re- 
spectively, and were poured at 2700°F. The lantha- 
num-treated ingot had a finer equiaxed zone than the 
cerium-treated ingot. There was no significant dif- 
ference in the width of the columnar zones. 

Heats 12-165 and 13-165 were deoxidized with 0.2 
pet Si prior to the addition of 0.25 pct La and 0.25 pct 


Table |. Thirty-Pound Heats Made for the Study of Ingot Structure 


Heat Pouring 
No. Addition Temp., °F Mold 
58-106 - 2650 cast iron 
59-106 0.25 pct misch metal 2650 cast iron 
1-165 0.25 pct misch metal 2650 tube + sand 
2-165 0.25 pct misch metal 2650 tube (no sand) 
4-165 0.25 pct lanthanum 2650 tube 
5-165 0.25 pct cerium 2650 tube 
9-165 0.25 pet cerium 2700 tube 
10-165 0.25 pet misch metal 2700 tube 
11-165 0.25 pct lanthanum 2700 tube 
12-165 0.20 pct FeSi; 0.25 pct La 2700 tube 
13-165 0.20 pct FeSi; 0.25 pct Ce 2700 tube 
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Table Il. Effect of Rare-Eorth Additions on Nitrogen Content 


Nitrogen Con- Nitrogen Con- 


Heat tent before tent after 
No. Addition Addition, Pct Addition, Pct 
2-165 0.25 pct misch metal 0.201 0.203 
4-165 0.25 pct lanthanum 0.143 0.149 
5-165 0.25 pet cerium 0.246 0.185 


Ce, respectively. The pouring temperature was 
2700°F. The width of the columnar zone, as well as 
the grain size, was uneven. These two melts con- 
firmed the grain-refining effect of lanthanum com- 
pared with that of cerium, but it was not as pro- 
nounced as in the previous series. 

Additional work was done with 200-lb heats poured 
into 6 by 6 by 30-in. molds. However, the results 
were inconsistent and did not confirm the grain-re- 
fining effect of lanthanum. Thus, while it has been 
found that lanthanum has some effect on the grain 
size of 30-lb ingots, no effect was found in 200-lb 
ingots. 

Effect of Rare-Earth Additions on Chemical Analy- 
sis— Nitrogen—Nitrogen-bearing chromium was 
added to three heats which were then treated with 
0.25 pet misch metal, 0.25 pct La, or 0.25 pct Ce. 
The results show that only the pure cerium addition 
resulted in a decrease of the nitrogen content, Table 

Sulfur and Residual Rare-Earth Contents—A series 
of 30-lb heats was made to study sulfur removal 
from Type 310 stainless. Although these melts were 
made under an argon cover, the special top described 
under Experimental Procedure was not used. The 
results are presented in Table III. A definite de- 
crease in the sulfur content occurs only in Heat 
11-165 where the initial sulfur content was higher 
than in the other heats. The absence of a sulfur de- 
crease first led to the conclusion that the addition of 
the rare earths had not been successful. However, 
residual rare-earth contents were determined and 
found to be very high immediately after the addition. 
Despite the protective atmosphere of argon, 5 min 
after the addition the rare-earth content is already 
low, Table III and Fig. I. 

An additional series of 10-lb heats of Type 310 
stainless was made with the special top. The first 
three heats had the low sulfur content of the base 
metal, but the heats were deoxidized with 0.2 pct 
Al prior to the addition of 0.1, 0.2, or 0.3 pct La 
(Heats 18-165, 19-165, and 20-165). In the remain- 
ing heats of the series, the sulfur content was ad- 
justed to about 0.050 pct by adding iron sulfide. The 
sulfur contents and residual rare-earth contents of 
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Fig. 1—Residual rare-earth content of 30-lb heats. 


all these heats are shown in Table IV and Figs. 2 to 
4. These results definitely show that no sulfur de- 
crease takes place if the initial sulfur content is al- 
ready low, even when the residual rare-earth con- 
tent confirms that the addition was successful. When 
the initial sulfur content is higher, the addition of 
0.2 pct and 0.3 pct rare earths strongly reduced the 
sulfur content; additions of 0.1 pct caused little if 
any decrease. 

No difference can be seen in the desulfurizing 
power of cerium, lanthanum, and misch metal. 

Effect of Rare-Earth Additions on Nonmetallic 
Inclusions— Metallographic sections were prepared 
from both the 30-lb and 200-1b heats of untreated 
material and material to which pure cerium, pure 
lanthanum, or misch metal was added. Visual ob- 
servations showed no significant difference in size, 
shape, amount, and distribution of nonmetallic in- 
clusions between the treated and untreated heats. 

Samples were also obtained from six commercial 
heats of Type 310 stainless melted in 75-ton electric 
furnaces. However, in only three of six heats did 
rare earths appear to have a beneficial effect. 

Four types of nonmetallic inclusions could be 


Table III. Sulfur and Residual Rare-Earth Contents of 30-Lb Heats of Type 310 Stainless 


Heat Sulfur before 


Sulfur Content, Pct Rare-Earth Content, Pct 


1 Min after 


No. Addition Addition, Pct Addition Addition Addition Addition. 
9-165 0.25 pet Ce 0.010 0.011 0.012 0.184 0.015 
10-165 0.25 pct Misch metal 0.015 0.013 0.016 0.195 0.062 
11-165 0.25 pet La 0.018 0.017 0.011 0.147 0.042 
12-165 0.20 pct FeSi; 0.25 pct La 0.014 0.012 0.011 - 0.082 
13-165 0.20 pct FeSi; 0.25 pct Ce 0.012 0.011 0.012 - 0.034 
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Table IV. Residual Rare-Earth Content of 10-Lb Heats of 
Type 310 Stainless 


Rare-Earth Content, Pct 


Heat 1 Min after 3 Min after 6 Min after 
No. Addition Addition Addition Addition 
18-165 0.10 pct La 0.082 - 0.011 
19-165 0.20 pct La 0.090 — 0.030 
20-165 0.30 pct La = 0.073 0.064 
21-165 0.10 pct La 0.057 0.040 - 
22-165 0.20 pct La 0.092 0.057 0.008 
23-165 0.30 pct La 0.096 = 0.015 
24-165 0.10 pct Ce 0.035 - 0.009 
25-165 0.20 pct Ce 0.060 - 0.006 
26-165 0.30 pet Ce 0.192 - 0.100 
27-165 0.10 pct MM 0.068 - 0.031 
28-165 0.20 pct MM - 0.016 - 
29-165 0:30 pct MM 0.062 - 0.032 


distinguished by metallographic examination of these 
heats, Fig. 5: 

1) A light gray type, occurring in circular or ir- 
regular shapes. 

_ 2) A dark gray type of circular shape, mostly oc- 
curring as a duplex inclusion together with Type (1). 

3) A yellow angular type, mostly rectangular, 
sometimes triangular in shape. 

4) A dark gray angular type of triangular or 
hexagonal shape. 

The angular-shaped inclusions were the prevailing 
type in the heats which showed no improvements in 
hot workability after rare-earth additions. The cir- 
cular-shaped inclusions predominated in heats with 
excellent performance during rolling and forging. 

Attempts were made to identify these inclusions 
by extraction techniques and X-ray analysis. Since 


x= 
J 
2 
a 
= WwW 
= 
T T 
= .O70F 
0.1% Ce (24-165) 
4 
aN 
S 0.2% Ce (25-165) 7 
> 
= —e 
O O10F | 0.3% Ce (26- 165) 


3Min 6Min 


TIME AFTER ADDITION 
Fig. 3—Effect of cerium additions on sulfur content 
(10-lb heats). 
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Fig. 2—Effect of lanthanum addition on sulfur content 
(10-lb heats). 


these methods identify the inclusions in the total 
residue, classification of a specific inclusion is not 
possible. Inclusions which were indicated to be 
present are as follows: 


Type (1) 3 FeO*Al2,05-SiO2 (almandite) 
Type (2) 3 MnO-Al1,0,-2SiO, (spessartite) 
Type (3) Titanium-nitride (TiN) 
Type (4) MnO-Al1,0; (galaxite) and 
(Mg, Fe)O-(Cr,Al),O, (chrome picotite) 


INITIAL SULFUR 
RARE -EARTH 
ADDITION 


.060 | 5 


0.1% MISCHMETAL 


3Min 
TIME AFTER ADDITION 


Fig. 4—Effect of misch metal additions on sulfur content 
(10-lb heats). 
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CONC LUSIONS 


The treatment of Type 310 stainless steel with 
rare-earth elements did not result in any consistent 
effect on grain size and ingot structure. Examination 
of ingots from 30-lb heats indicated a grain- refining 
effect for lanthanum, but examination of 200-lb ingots 
did not confirm this observation. These contradic- 
tory results are in accordance with those reported in 
the literature. 

Chemical analyses of Type 310 stainless to which 
rare-earths had been added indicated that the rare- 
earth content drops very rapidly within the first few 
minutes after the addition. This drop occurred even 
though care was taken to maintain a protective argon 
atmosphere over the liquid metal surface. It is felt 
that many of the reported inconsistencies concerning 
the effects of rare-earth additions are due to this 
drop in rare-earth content with time. Thus, the lo- 
cation of the rare-earth addition or variations in 
holding time affect the rare-earth content in the 
solidified metal. 

Rare-earth additions will reduce sulfur content if 
the sulfur exceeds 0.015 pct. At higher sulfur con- 
tents, the addition of 0.2 pct and 0.3 pct rare earths 
lowered sulfur, but additions of 0.1 pct were not 
effective. 

The size, shape, and distribution of nonmetallic 
_inclusions were not changed in 30-lb ingots by rare- 
earth additions. Some changes were noticed in larger 
ingots. 
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Habit Plane of Hydride Precipitation in 
Zirconium and Zirconium-Uranium 


A platelet form of zirconium hydride was found in zirconium 
and Zr-1 wt pct U single crystals containing hydrogen in the range 
of 50 to 100 ppm. The habit planes for the hydride platelets in the 
zirconium crystals were found to be {1012\, {1121}, and {1122} 
while the habit planes in the Zr-1 wt pct U crystals were {1121}, 
{1123}, and {1231}. With the exception of the {1231} plane, these 
have been identified as the twin planes in zirconium. The dif- 


ferent effect of hydride on the mechanical properties of zirconium 


F, W. Kunz 


at high and low strain rates has been explained in terms of the 


deformation mechanism and the habit planes of the hydride. 


ZIRCONIUM and zirconium-base alloys are con- 
sidered for many nuclear reactor applications, where 
the pick-up of hydrogen is a distinct possibility, if 
not an unavoidable occurrence. An excellent example 
of this is the absorption of hydrogen by zirconium 
and its alloys during aqueous corrosion, where as 
much as 30 pct of the hydrogen produced by the cor- 
rosion reaction is picked up by the metal. Under the 
proper conditions, the absorbed hydrogen would pre- 
cipitate as zirconium hydride and consequently alter 
the mechanical and physical properties of the 
zirconium-base alloys. The knowledge obtained from 
a study of the crystallographic aspects of the hydride 
precipitation is necessary for the interpretation of 
the observed changes in the mechanical and physical 
properties. 

The deleterious effect of hydrogen on zirconium- 
base materials is not always observed in normal 
slow tensile loadings at or above room temperature, 
but becomes immediately obvious under impact 
loading, where the energy absorbed decreases with 
increasing hydrogen content,’ and in notched speci- 
mens where triaxial loadings are attained.” This 
effect is of serious consequence in the applications 
of Zr where shock loads or high strain rates are 
experienced. The purpose of this investigation was 
to determine the crystallographic planes of the Zr 
and Zr-1 wt pet U matrices upon which zirconium 
hydride will precipitate and to correlate these with 
the observed mechanical property data. 


PROCEDURE 


Crystal Growth—Single crystals of Zr and Zr-1 
wt pct U alloy were used in this investigation. The 
Zr crystals were made from sponge that had a 
typical analysis as shown in Table I. Large grains 
were grown in this material by rapid cooling an 
arc-melted charge in a button furnace. This opera- 
tion undoubtedly lowered the volatile impurity con- 
centration below those listed in Table I. Back-re- 
flection Laue patterns of these large grains showed 
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the presence of considerable substructure and lattice 
distortion within each grain. It was found that an 
18-day anneal in an argon atmosphere at 840°C 

(a high a heat-treatment) followed by furnace cool- 
ing, resulted in the further growth of the large 
grains and removed the detectable substructure ana 
lattice distortion. Equiaxed crystals with a cube 
edge of approximately 1/4 in. were produced in this 
manner. Large crystals of Zircaloy-2 (1.5 wt pct 
Sn, 0.15 wt pct Fe, 0.1 wt pct Cr, 0.05 wt pct Ni) also 


were produced by this technique but the large amount 
of substructure formed could not be removed by an- 
nealing. 

The Zr-1 wt pct U solid solution crystals were 
produced from an alloy rod consisting of Westing- 
house- Foote hafnium-free crystal bar zirconium and 
depleted uranium. The chemical analysis of the alloy 
is also given in Table I. Three-inch sections were 
cut from an 0.120-in.-diameter alloy rod and tapered 
to a fine point on each end. The samples were sealed 
in evacuated Vycor tubes, homogenized for 5hrat 
1000°C in the 8-phase field, and slowly lowered in a 
gradient furnace into the a phase (800°C), annealed 
for 60 hr at this temperature to produce grain growth 
and furnace cooled. This technique produced large 
grains approximately 1/2 to 3/4 in. long over the 
entire cross section of the rod, which were free of 
observable substructure. Metallographic examina- 
tion up to X1000 did not show the existence of any 
second phase in these grains. 


Crystal Orientation— All crystals were abraded on 
fine emery paper to produce two flat surfaces 90 deg 
to each other. The crystals were analyzed by the 
standard Back-Reflection Laue technique to obtain 
the crystal orientation with respect to the abraded 
surfaces. The Back-Reflection Laue Photograms of 
all crystals used were clear and sharp indicating 
that the crystals were free from any substructure 
that could be detected by these means. 

Hydriding—Only samples containing four to five 
grains were used for hydriding. Samples that 
exhibited fine grained patches were discarded. The 
samples were hydrided using the following technique. 
After etching in 48 vol. pct HNO,, 48 vol. pct H,O, 
and 4 vol. pct HF (48 pct) solution, the specimens 


VOLUME 218, FEBRUARY 1960-133 


were heated to 700°C for approximately 2 hr under 
a vacuum of 5 X 10° mm Hg to remove residual 
hydrogen and prepare the specimen surfaces for 
easier absorption of hydrogen. The calculated 
amount of hydrogen to give the desired concentra- 
tion (based on the sample weight and a calibrated 
volume) was introduced into the vacuum system by 
means of a heated palladium tube. The hydrogen 
was allowed to react with the specimens at 700°C, 
after which the specimens were homogenized in the 
equilibrium pressure of hydrogen (~10 y) for 12 
hr at 700°C and furnace cooled at the rate of 100°C 
per hr. 

Three Zr crystals were hydrided to 50 ppm and 
the remaining five crystals were charged with 100 
ppm hydrogen. The Zr-U crystals were charged with 
50 ppm hydrogen, examined for hydride habit planes, 
recharged with an additional 50 ppm and reexamined 
for hydride habit planes. Hydrogen analyses were not 
performed on these crystals but similar specimens 
were hydrided in the same manner to the same levels 
and when analyzed showed that the intended addition 
was met within + 5 ppm. 

It was also observed that the time required to 
absorb and diffuse the hydrogen into the crystals 
using this technique was increased about 20 fold in 
comparison to fine grain polycrystalline samples 
under similar conditions. 

Habit Plane Analysis— The habit planes of the 
hydride precipitate were determined by the standard 
two-surface analysis technique. This analysis re- 
quires that the crystal orientation be known and that 
the traces of the hydride be observable in two adja- 
cent surfaces of.the crystal. To fulfill the latter 
requirement, the crystals were lightly reetched in 
the HNO;-H-,O0-Hf solution to bring out the hydride 
phase and examined under a metallurgical micro- 
scope. Using a cross-hair eyepiece and a gonio- 
meter stage on the microscope, the angles made by 
the hydride traces on the two adjacent surfaces and 
the line of intersection of the two surfaces were 
determined to the nearest degree. 


RESULTS AND DISCUSSION 


Photomicrographs showing typical distributions of 
hydride traces in Zr and Zr-1 wt pct U crystals are 
shown in Fig. 1. One question arose during this in- 
vestigation; are the hydrides distributed in the form 
of needles or platelets? Smith® has stated that the 
hydride phase in titanium is distributed in platelet 
form, however, Liu and Steinberg* concluded that 
titanium hydride in various titanium alloys pre- 


\ 


tals. 
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Table |. Chemical Analysis of the Zr-1 Wt Pct U Alloy and the 
Starting Material for Zr Specimens 


Amount in Ppm 


Fig. 1—Hydride precipitate in (a) zirco- 
nium and (6) Zr-1 wt pet U single crys- 


Element U-Zr Zr 
U 10100 - 
50 
O, 59 1030 
N, < 10 50 
cS 1100 150 
Cu 95 < 20 
Ni 40 < 10 
Hf < 40 50 
W < 40 a!) 
Zn < 50 100 
Cl 450 
Fe ’ 5 550 
Mg < 10 500 

All other impurities Negligible Negligible 


cipitates as needles. No published information con- 
cerning the shape of the precipitated zirconium 
hydride phase was found. To resolve this question, 
a hydrided single crystal of Zr was abraded so that 
an angle of 135 deg was formed between adjacent 
faces. In this way, it was possible to focus on the 
intersection of the faces and to follow hydride traces 
around the corner. In a Similar manner, a hydrided 
Zr-1 wt pct U crystal was abraded on an edge, 
forming a third surface at about 150 deg to the 
normal crystal surfaces. The hydrides could, 
thereby, be traced around the three surfaces. By 
these techniques, it was observed that in the range 
of 50 to 100 ppm hydrogen, the hydride phase in Zr 
and Zr-1 wt pct U alloy is distributed in the form of 
platelets. 

The hydride habit planes were determined for 
eight Zr crystals. Three habit planes were found 
but it was observed that all three did not appear in 
each crystal. A maximum of two of the three planes 
appeared in each crystal and it is reasonable to ex- 
pect that with increasing hydrogen, above the 100 
ppm level studied, all three planes may appear in 
each crystal. The habit planes observed in the Zr 
crystals containing 50 to 100 ppm hydrogen were 
{1012}, {1121}, and {1122}. These results are sum- 
marized in the stereographic triangle shown in 
Fig. 2(@). 

The hydride habit planes in the Zr-1 wt pet U 
crystals were determined as previously described. 
The {2131} plane was predominant in the crystals 
containing 50 ppm. After hydrogenating the crystals 
an additional 50 ppm, the hydride planes were de- 
termined to be {1231}, {1121}, and {1123}. The re- 
sults are also summarized in the stereographic 
triangle shown in Fig. 2(0). 
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The maximum spread between the experimentally 
determined habit plane poles and the poles of the 
standard projection was less than 8 deg. These de- 
viations can be explained on the basis of experi- 
mental errors in accurately orienting the crystals 
with respect to the X-ray beam, in the Back-Re- 
flection Laue analysis, and in the preparation of the 
orthogonal crystal surfaces. 

It should be noted that the hydride habit planes in 
the Zr and alloy crystals were found to be the twin 


planes reported by Rapperport® and also by Sokurskii 


and Protsenko.® These investigators found that the 
twinning planes in Zr were {1121}, {1122}, {1123}, 
and {1012}. An increase in the hydrogen concentra- 
tion might be necessary to bring out the {1123} as a 
hydride habit plane in Zr and the {1122} and {1012} 
in the Zr-U alloy. 


The habit plane {1231}, however, has not been ob- 


served as a twin plane in Zr or the Zr-U alloy. How- 


ever, Feng and Elbaum’” have recently determined 
that in titanium crystals containing 0.5 to 1.0 wt 

pet O the fracture planes are {1232} at room tem- 
perature and {1230} at liquid air temperatures. Al- 
though the fracture planes have not been determined 
in Zr or the Zr-U alloy, it is conceivable that in 


these metals the {1231} is a fracture plane near room 


temperature, since the angles between the (1231), 


(1230), and (1231), (1232), are 12 and 10 deg respec- 


tively. 

Langeron and Lehr® studied the hydride precipita- 
tion in aZr crystals by a one surface technique and 
concluded that {1010} was the habit plane for 
zirconium hydride. This conclusion was not sub- 
stantiated by the present work where hydrogen con- 
centrations below 100 ppm were used. 

One of the authors (FWK) has observed that the 
effect of up to 500 ppm hydrogen on the tensile 
properties of Zircaloy-2 treated to precipitate 
hydride is slight in normal uniaxial low strain-rate 
tensile testing. This has also been observed by 


R. L. Mehan® in Zircaloy-2 and also by F. Forscher” 


in Zr containing ~50 ppm hydrogen. This would be 
expected from the results of this investigation since 
in normal tensile tests the mode of deformation is 
known to be prismatic slip® and the hydride was 
found to precipitate on the twin planes, thus causing 
only a slight resistance to the fundamental defor- 
mation process. On the other hand, during impact 
loading, precipitated hydride has been found to 
significantly reduce the impact strength of Zr.* 
Under high strain rate loading or low test tempera- 
tures the deformation mechanism of twinning be- 
comes increasingly important and if hydride is 
present on the twin planes, cracking may be ex- 
pected to initiate at the roots of the platelets where 
high stress concentrations must prevail. 
Experimental observations by one of the authors 
(FWK) and by R. L. Mehan® on Zircaloy-2 samples 
containing more than 500 ppm hydrogen indicate that 
the yield strength is increased and ductility de- 
creased under normal strain rate uniaxial tensile 
tests. These observations indicate that perhaps at 
hydrogen contents greater than 500 ppm other habit 


planes come into play and could be {1010} as de- 
termined by Langeron and Lehr.® Since {1010} 
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(b) e@- POLE OF PLANE 
B- 50 ppm Ho | 


+- 100 ppm He 


Fig. 2—Stereographic triangles showing distribution of 
hydride habit planes in (a) zirconium and (4) 1 wt pet U-Zr. 


is the slip plane, one would expect precipitation of 
the hydride phase on this plane to impede the plastic 
deformation process and, thereby, give rise to an 
increase in yield strength and a resultant decrease 
in ductility. 


CONCLUSIONS 


This investigation has shown that reasonable size 
single crystals of Zr and Zr-1 wt pct U can be grown 
essentially free of observable substructure. 

It was found that the zirconium hydride phase in 
Zr and Zr-1 wt pet U crystals is distributed in 
platelet form for hydrogen concentrations in the 
range of 50 to 100 ppm. 

The hydride habit planes in Zr were found to be 
{1122}, {1012}, and {1121}. The hydride habit planes 
in Zr-1 wt pct U were found to be {1231}, {1121}, and 
{1123}. All habit planes found with the exception of 
of {1231} are observed twin planes in Zr. 

A rationalization of the observed effects of hydro- 
gen on the low and high strain rate mechanical 
properties of Zr with respect to the hydride habit 
planes has been presented. 
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Electrochemical Characteristics of 


FeO-MnO-SiO, Melts 


The properties of the FeO-MnO-SiO, system were studied by 
current efficiency measurements of melts contained in an tron 
crucible. Iron electrodes were used and current efficiency was 
determined from the amount of anodic dissolution. In all melts, 
the efficiency was less than 100 pct and this deviation is attributed 
to the presence of positive hole conduction. Both the positive hole 
and ionic conductivities decrease in magnitude with increasing MnO 
and SiOz concentration. The effect of partial replacement of FeO by 
MnO on current efficiency is governed by the SiOz concentration. 


The effect is one of increased efficiencies for the greater part of 
the SiO, range. Limited observations pertaining to the cathode re- 
action indicated that the only metal deposited was Fe. 


Tue FeO-MnO-SiO, system has many properties of 
fundamental interest besides its occurrence in steel- 
making. The system is the simplest ternary compli- 
cation of the FeO-SiO, binary whose electrochemical 
properties have been explored. Therefore, knowledge 
of the conformance of FeO-MnO-SiO, melts to 
Faraday’s laws, as investigated by current efficiency 
measurements, would be of particular value in inter- 
preting the observed variations of electrical conduc- 
tivity, while at the same time furthering understand- 
ing of this type of molten oxides. 

Pertinent to the present study are conductivity data 
of FeO-SiO, and FeO-MnO-SiO,, and current effi- 
ciency data of FeO-SiO,. 

Concerning conductivity measurements, Inouye, 
Tomlinson, and Chipman’ studied the specific con- 
ductivity, o, of molten wiistite as a function of tem- 
perature and oxide addition. Liquid FeO in equilib- 
rium with an iron crucible was found to have a o 
whose magnitude and positive temperature coefficient 
were undeniably semiconductor in nature (04 
= 269 ohm™“cm™"). Additions at 1400°C of 5 mole pct 
MnO decreased o to 227 while a similar addition of 
SiO, dropped o to 125. Additional SiO, produced an 
exponential decline of o. It was reasoned that be- 
cause wiistite is known to be oxygen excess and since 
there is no pronounced change in Oreo UPON melting, 
that 18 p-type semiconduction. 

Bjorling2 gives o data for the ternary FeO-MnO- 
SiOz using fayalite, 2 FeO-SiO,, as the base sub- 
stance. Upon addition of tephroite, 2 MnO-SiO,, he 
noted a small decrease in o. Taking his data for 
1400°C with one-half of the fayalite replaced by 
tephroite, o shows a decrease of some 40 pct rela- 
tive to o for fayalite, i.e., 5 ohm™cm™ to 3. In line 
with this observation, Mori and Matsushita® reported 
that substituting MnO for FeO in the silicate de- 
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creased o slightly except at high SiO, contents where 
the decrease was somewhat larger. 

Investigating the ionic nature of FeO-SiOz melts, 
Simnad, Derge, and George* found the anode current 
efficiency, C,, as calculated from iron anode weight 
loss, was temperature invariant and in general in- 
creased with SiOz concentration. The authors sug- 
gested the possible presence of electronic\conduction 
to explain why C; <100 pct. Fig. 4 includes their 
results as curve (b). 


EXPERIMENTAL METHOD 


Apparatus— Fig. 1 is a schematic section of the 
electrolysis cell used in all the current efficiency 
runs. The melt was contained in an iron crucible 
that rested on an alundum ring. A centered silica 
tube came within 1 in. of the surface of the melt and 
initially served as a thermocouple well and then as 
the guide for the anode. 


Mo wire lead 
Steel rod 
Silica guide tube 


| 


7] Silica tube for alumel- 
chromel thermocouple 
| E  Mullite tube 
F Alumina plug 
G Tungsten wire connection 
| 
H Armco iron anode 
a | Melt 
Armco iron crucible 
H K  Alundum ring 
Y 
4 Z 
Z 
SNESN 
Scale: =|" 
K 2 


Fig. 1—Electrolysis cell for current efficiency measure- 
ments. 
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Fig. 2—Current efficiency of FeO-MnO-SiO, melts at con- 
stant SiO»: (a) 31 pct, (b) 25.4 pct. 


A copper coulometer included in series with the 
cell afforded the means of determining the quantity 
of electricity used in each electrolysis. The melt 
was heated by conduction and radiation from the iron 
crucible which in turn was heated by induction. The 
temperature distribution inside the empty crucible 
was determined by a Pt - Pt (10 pct) Rh thermo- 
couple and an optical pyrometer. Temperature was 
constant between 0 and 1/2 in. from the crucible 
bottom and at a distance of 1 1/2 in. the tempera- 
ture decrease was only 5 deg. During a run the 
temperature was controlled by an alumel-chromel 
thermocouple positioned outside the crucible. 


Procedure—Slags— All slags were prefused in 
iron crucibles (open to the atmosphere) employing 
C.P. grade reagents. The slags were adequately 
mixed by stirring with an iron rod. FeO-SiO, slags 
were made by reacting Fe,O, with an iron crucible 
in presence of SiO, (quartz). Slags containing MnO 
were prepared either with MnCO; or MnOo. Every 
slag was quenched onto an iron plate and appeared 
homogeneous. 

Description of a Run—After reaching the desired 
temperature and allowing time, 7.e., 1/2 to 1 hr, for 
melt-crucible equilibrium to be established (that 
equilibrium was attained was confirmed by the re- 
producibility of results as a function of time), the 
iron anode was lowered about 0.5 cm into the 2.5-cm 
deep melt. 

Electrolysis time depended on the expected C,, 
é.g., if Cy = 90 pct, times of 5 min with currents of 
0.8 amps were suitable. An argon atmosphere was 
maintained over the melt throughout the run and at 
the conclusion of an electrolysis, the anode was re- 
moved slowly while being cooled in a stream of ar- 
gon. Finally, a 2-g slag sample was withdrawn in a 
3-mm quartz tube which was introduced through the 
guide tube. 

Now assuming the anode reaction is oxidation of Fe 
into the melt as Fe**, one may express C, as Eq. [1]: 


0.878 W_ 


where C, is anode current efficiency 
Wis Fe anode weight loss 
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Fig. 3—Current efficiency of FeO-MnO-SiO, melts at con- 
stant SiO»: (a) 0 pct, (b) 34.5 pet. 


W_is Cu cathode weight gain of coulometer 
0.878 is ratio of equivalent weights of Fe and Cu 


The assumption that the only reaction at the anode is 
production of Fe** was experimentally supported by 
the fact that C, was independent of current density as 
was found by Simnad, ef al in their work with the 
FeO-SiO, system.* If there were more than one 
redox reaction occurring in the electrolysis, the 
ratio of reacting ionic species would be current den- 
sity sensitive and C, as calculated by Kq. [1] would 
have varied. 

Chemical Analysis— Total iron in the slag was 
analyzed by a ceric sulfate titration method’ and 
manganese was determined by potentiometric titra- 
tion® against KMnO, in a sodium pyrophosphate satu- 
rated solution. Both these metals are reported as 
their lowest oxides, z.e., FeO and MnO. 

Most SiO, contents were obtained by difference; 

a method which gave values that agreed within 1 pct 
with several check analyses. 


EXPERIMENTAL RESULTS 


Parameters Involved— Current Density and Elec- 
trolysis Time—Within suitable limits C,, was inde- 
pendent of current density. The upper limit being 
the advent of concentration polarization and the lower 
limit being that which requires lengthy electrolysis 
times. With lengthy electrolyses one risks short cir- 
cuiting of electrodes by a dendrite metal deposition. 
Simnad, * found current efficiency independent 
of current density over the range 0.5 to 4.0 amp per 
sq cm for FeO and FeO-SiO, slags. 
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Fig. 4—Current efficiency of FeO-MnO-SiO, melts: 
(a) pet FeO/pct MnO = 8.1, (b) pet MnO = 04 


Temperature—No significant effect of temperature 
on C, was evident. This result is shown in Fig. 2, 
curve (a), and Fig. 3, curve (b). 

Composition— After elimination or determination 
of the effects of other parameters on C,, attention 
was focused on melt composition. In case of terna- 
ries there are two independent variables so it was 
decided to make several constant SiO2 runs with a 
range of FeO/MnO ratios and one run with invariant 
FeO/MnO and a range of SiO,. The former would 
ascertain the C, in relation to replacement of FeO by 
MnO, while the latter experiment would relate C, and 
pet SiO,, thereby offering a comparison with the 
binary function depicted in Fig. 4, curve (b). The 
results are summarized in Table I. 

Constant SiO,, Variable FeO/MnO —The curves in 
Fig. 2 show the influence of MnO content for slags 
containing 25.4 and 31.2 pct SiO,. They are very 
similar in shape with two salient features: 1) the 
initial increase of C, with MnO concentration, and 
2) the sudden C, independence of MnO for concen- 
trations above about 20 pct. Both of these silicas, 
31.2 and 25.4 pct, are concentrations corresponding 
to that portion of curve (b), Fig. 4 where further 
SiO, additions influence Cy. 

To remove the influence of SiO, entirely a series 
of runs was conducted with binary FeO-MnO slags 
on the FeO rich side. Three compositions were 
examined between pure FeO and 16.8 pct MnO and, 
as indicated by Fig. 3, curve (a), MnO has no effect 
on 

Finally a series of runs was made in which the 
melt contained 34.5 pct SiO,. This is the composition 
in the FeO-SiO, system (see curve (b), Fig. 4) where 
C; becomes independent of SiO,. Curve (b), Fig. 3 
illustrates that C, for this SiO, content is also un- 
changed by addition of MnO. Thus, for both silica 
free and silica rich slags, MnO additions to the 
FeO-SiO, system have no influence on the C, 
values 

Variable SiOz, Constant FeO/MnO=—With the 
general effect of FeO replacement by MnO at con- 
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Table |. Anode Current Efficiency, C, 


Electrolysis Composition 
Temp., Time, Current, Pct Pct Pct 
Run Min. Amp FeO MnO 
Av. Silica— 31.2 pet 
6a,c* 1330 15 0.62 29.9 70.1 0 80.2 
6d 1380 15 0.62 29.9 70.1 0 78.9 
7a 1330 15 0.62 29.8 69.2 1.04 80.2 
8a 1330 15 0.62 29.5 67.6 2.92 81.6 
8b 1380 15 0.62 29.5 67.6 2.92 82.1 
9a 1330 15 0.62 30.8 62.3 6.86 86.8 
10a,c 1330 15 0.62 31.1 58.3 10.6 88.6 
10e,f 1380 15 0.62 Sink 58.3 10.6 88.3 
1lb,c 1330 15 0.62 32.6 51.6 15.8 91.9 
12a 1330 15 0.62 32.5 47.8 19.7 95.5 
3a,c 1330 15 0.62 32.3 42.5 2502 94.0 
Ic 1380 15 0.62 32.2 26.8 41.0 97.5 
le 1380 15,9 110.93 82.2 26.8 41.0 97.5 
lf 1380 15 0.80 32.2 26.8 41.0 97.2 
lg 1330 15 0.62 32:2 26.8 41.0 96.0 
Av. Silica— 25.4 pct 
13a,b 1430 15 0.62 25.6 74.0 0 56.2 
14a,b 1430 15 0.62 25.5 70.0 4.46 60.4 
15a,b 1430 15 0.62 272 63.2 9.65 62.0 
16a,b 1430 15 0.62 2555 59.5 15.0 67.8 
17a 1430 15 0.62 24.7 55.6 19.7 70.8 
18a 1430 10 0.74 24.6 50.6 24.8 72.0 
22a 1430 5 0.72 24.5 44.6 29.9 71.2 
21la,b 1430 5 0.72 25.0 35.4 39.6 Waed 
20a,b,c 1430 5 0.72 25.0 26.2 48.8 70.8 
19a,b 1430 5 0.72 25.9 16.5 57.6 TES: 
Av. Silica—0 pct 
25a 1430 5 1.5 0  §=100.0 0 6.95 
26a 1430 10 15 0 89.0 11.0 8.16 
30a 1430 5 1.5 0 89.0 11.0 6.97 
34b,c 1430 15 15: 0 83.2 16.8 7.61 
Av. Silica— 34.5 pct 
33b,c 1430 5 0.80 34.5 65.5 0 90.8 
35a,b 1330 5 0.80 33.7 62.6 3.69 91.8 
35c,d 1430 5 0.80 S37, 62.6 3.69 91.0 
36a,b 1430 5 0.66 53.5 91.2 
37a 1330 5 0.64 34.4 52.3 13.3 92.3 
37b,¢ 1430 5 0.65 34.4 52.3 13.3 91.2 
38a,c 1330 5 0.64 34.2 41.6 24.2 92.6 
38b,e 1430 5 0.64 34.2 41.6 24.2 90.6 
FeO/MnO = 8.1 
32a,b 1430 5 135 21 70.3 8.7 64.0 
29c,d,e 1430 5 15 A 73.8 9.1 42.9 
28a,b 1430 5 1.5 14 76.8 9.5 35.4 
27d,e 1430 5 1:5 9.0 81.0 10 24.4 
31a,b 1430 10 1.5 6.4 83.3 10 13.9 


*The small letters refer to specific electrolyses in a given experiment. 


stant SiO, established, a study was made of melts 
in which SiO, varied. Fig. 4, curve (a), represents 
the results obtained in this investigation. 

Reproducibility—In order to estimate the repro- 
ducibility of the experimental procedure, the runs 
made at 1430°C were compared. There were 
eighteen of these which included either two or three 
C, measurements per run. Eq. [2] is indicative of 
the reproducibility of the measurements. 


1 2 100A; 2 
[2] 
Cay 
C,.,; = the arithmetic mean current efficiency of run j 


= C,; (high) — C,; (low) of run j. 


The Cathode Reaction—A few runs were made with 
various FeO-MnO-SiO, melts in which the cathode 
deposit was collected, separated from slag, weighed, 
and analyzed. The cathode current efficiencies cal- 
culated from these runs were not considered reli- 
able since the dendritic deposit entrapped consider- 
able slag and could not be collected completely after 
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slag separation. However, these analyses indicated 
clearly that the only metal deposited was Fe. 


DISCUSSION OF RESULTS 


Relation Between Current Efficiency, C, and 
Conductivity—C is the percentage of total cirrent 
which is carried by ions and is capable of measure- 
ment by electrolysis from the fact that, if there is 
ionic conduction present, then there also must be 
discharge reactions at the electrodes. Symbolizing 
the first part of this statement one has 


J; = ionic current [3] 
I, = other current 

and from Ohm’s law 

fea where E; is potential drop due to [4] 
the flow of J; 
o; and go, are specific conductance due 
to ions and other carriers respec- 

tively 
I, is impressed electro- [5] 


motive force and k is the cell constant 


By taking J; and J, as parallel currents and as- 
Suming that £, in the ionic branch is only used to 


drive ionic current, i.e. Ey = E;, leads to 
100 o; [6] 


In the interpretation of C, values, all explanations 
concerning the relative magnitude of and changes in 
C, will be in terms of conductivity. 

The Current Efficiency of the FeO-SiO, System— 
Conductivity and Carriers—If a system has more 
than one species of current carrier, the specific con- 
ductance may be expressed as 


o=Luzen [7] 


u = carrier mobility in sq cm per sec volt 
Z = carrier valence 
e = electronic charge in coulombs 


3 
number of carriers per cm 


The / electronic conductivity characteristics of 
liquid FeO are known’ and since the present work as 
well as earlier measurements* have disclosed a 
small proportion of ionic conduction as being pres- 
ent, Eq. [7] may be rewritten to express the conduc- 
tivity of liquid FeO. 


= NU ZC + [8] 
or 
Oo = 0; + Op,7 and p denoting ion and positive 
hole, respectively. [9] 
and 


The mechanism for production of the positive holes 
would seem to be the same as in solid-state band 
theory. In anionic excess solids, cation vacancies 
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act as centers of negative charge and provide dis- 
crete levels above the valence band which can be 
occupied, thus creating vacant electron levels 
(positive holes).*® 

Effect of SiO, on C,—Reference to Fig. 4, curve 
(b), shows the effect of SiOz, on C,. The general in- 
crease of C, with addition of SiO, (up to 34 pct) to 
liquid FeO is attributed to a greater decrease of 
op than 

One reason for diminishing Op is clearly related 
to the rapid decrease of Fe*’ in this SiO, range, 
thereby meaning that n, steadily declines since a 
Fe*' in nonstoichiometric FeO may be considered as 
a ferrous ion in the vicinity of a positive hole. 
Schuhmann and Ensio’ give data showing that there 
is a sharp decrease of pct Fe,0, with addition of SiO,. 

Also the incorporation of SiO, into the FeO melt is 
likely to decrease the mean free path of the positive 
holes, hence increasing the scattering of positive 
holes, 7.e., decreasing u,. This effect is quite well 
known in the case of solids and a theory of the mean 
free path in polar crystals has been developed.® 

Coinciding with a decreasing op, there is also a re- 
duction in o, magnitude with increasing SiO, as cal- 
culated from Eq. [10] and o data,’ e.g., at 1400°C a; 
has decreased from 20 ohm™ cm™ to 2.6 with 30 pct 
SiO, addition. This reduction is ascribed not only to 
decrease in cation density but also to the increased 
melt viscosity, which lowers u;. 

The current efficiency shown in Fig. 4, curve (b) 
above 34 pct SiOz, where Cy becomes constant, can 
be expressed as: 


do;/dX 
do /aX 


= Si. where X = % SiO, and D 
constant [11] 
Eq. [11] contains several noteworthy features, 

é.g., 0; Can not be constant over this range (34 pct 

—Si02...) if varies and vice versa. Furthermore, 

it is known that o is decreasing;* hence o; and o 

vary with SiO, in the manner required by Eq. [11]. 
The only positive statement that can be made 

toward a physical reason for Eq. [11] is that beyond 

34 pct SiO, the pct Fe,0, is almost constant;” there- 

fore nv. is constant. This would imply that in this 

composition range SiO, must affect n;,ui, and Up 

in such a way to satisfy Eq. [11]. 

C,is Temperature Independent—Simnad ef al, 
reported no significant temperature dependence of 
C, between 1200° and 1400°C. This may be ex- 
plained by writing Eq. [10] exponentially (where Q 
is activational energy) and imposing several con- 
ditions. 


100A exp 


[12] 
Aexp — B exp - 
ART RT 
Now, if Q@, = Q;, anda and B are constant, then 


C, is independent of temperature as experimentally 
observed. 

That A and B are not functions of temperature 
receives support from an equation derived for cation 
conduction in slags*® in which A was constant, and in 
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analogy with solid state behavior® where it is known 
that B varies slowly with T. 

The assumption that Q = Q; is the simplest 
mathematical condition that can be imposed upon the 
activation energies, which makes C, temperature 
independent. 


The Current Efficiency of the FeO-MnO-SiO; 
System— The partial replacement of FeO by MnO 
produced very interesting and somewhat unusual re- 
sults. These results will be discussed in a similar 
manner as those of the FeO-SiO;z interpretation. The 
results of the ternary investigation were labeled un- 
usual from the standpoint that MnO in a number of 
instances seems to behave as SiOz in its effect on C,. 
Furthermore, what effect MnO has on C, appears to 
depend upon the SiO, content. 

A direct comparison of the conductivities of FeO 
and MnO in the liquid state is impossible due to lack 
of information for MnO. However, solid-state com- 
parison’”?” reveals that FeO is a much better con- 
ductor than MnO, and this in conjunction with o data 
on silicate melts” leads to the conclusion that 
OFeQ(L) > Omnc(Ly. Even though there are many pos- 
sible valence states for manganese which would tend 
to produce electronic conduction, apparently these 
higher valence states are not important relative to 

In discussing the increase of C, by MnO addition 
at constant SiO, it is with the understanding that the 
reasoning applies to any FeO-MnO-SiO, melt with 
0 < pet SiO, < 34. The latter part of this statement 
is implied in Fig. 4, curve (a) where every C, in 
this SiO, range is greater than those in Fig. 4, 
curve (b) where MnO is absent. Hence, Fig. 2 rep- 
resents two of a family of curves. _ 

As stated earlier o with MnO substituted for FeO 
decreases. Using Bjérling’s* o data for a 30 pct 
SiOz, FeO- MnO-SiO; slag and C; values from this 
study for the 31.2 pct SiO, melts, o; can be shown 
to decrease in magnitude with the substitution. 
Therefore, as brought out in Eq. [11], 0, must 
decrease. 

Considering 9, one would expect this quantity to 
decline with MnO addition at constant SiO, due to the 
fact that MnO is a poorer electronic conductor than 
FeO. The substitution—whether or not n, decreases— 
probably tends to diminish up from additional im- 
purity resistance to hole movement. 

Examination of the ionic radii of Fe**and Mn”, 
which are 0.75 and 0.80A, respectively, ** indicates 
that the smaller ferrous ion should have a higher 
mobility than the manganous; therefore, o; falls upon 
replacement. However, this difference in mobilities 
is deemed inadequate to explain the entire change. 

Since no effect may be assigned to viscosity for 
the change in o;, the decrease remains inexplicable, 
for according to a viscosity diagram® for this sys- 
tem, if correct, the melts in Fig. 2 lie in a constant 
viscosity region. 

As with the binary FeO-SiO,, no satisfactory ex- 
planation can be offered for ranges where C, is 
independent of concentration. However, in analogy 
with the binary case it might be that beyond a cer- 
tain pet MnO and in conjunction with a certain pct 
SiO, , 2 becomes constant leaving and wu to vary 
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so that C, is independent of further MnO additions. 
From Gurry and Darken’s’*? FeO- Fe,0,-MnO equi- 
librium study, one notes that the pct Fe,O, or n is 
constant up to 20 pet MnO; therefore Fig. 3, curve (a) 
is seen to be analogous to the FeO-SiO, observation. 
In the present investigation, see Fig. 2, curve (a) 
and Fig. 3, curve (b), it was also found that the cur- 
rent efficiencies of the binary melts are independent 
of temperature within the reproducibility of C, val- 
ues. Although 100°C is not a large range, it is 
thought adequate to make the preceding statement 
for C, is a function of a temperature sensitive con- 
ductivity terms. Interpretation of this temperature 
independence phenomenon reverts to the same math- 
ematical reasoning advanced for the binary system. 


CONCLUSIONS 
It was found that Fe equilibrated FeO-MnO-SiO, 
melts have temperature invariant current efficien- 
cies ranging from 7.5 pct for FeO to 96 pct for a 
high SiOz, FeO-MnO-SiO, liquid. Partial replace- 
ment of FeO by MnO results in higher current 
efficiencies at all SiO, concentration where 
0 < %SiO2z < 34, but with continued replacement, C+ 


becomes constant. No effect on C, was observed with 
MnO substitution when the pct SiO, = 0 or 34.5, and 
it is assumed that this behavior persists at concen- 
trations above 34.5%in analogy with binary FeO-SiO;. 

FeO-MnO-SiO; melts have been established as 
mixed conductors and it is reasoned that the car- 
riers are cations, probably Fe?*and Mn?* and posi- 
tive holes. This points to the fallacy of classifying 
conductors on conductivity values alone, for in this 
system some melts had conductivity of ‘‘ionic mag- 
nitude’’ yet were found from current efficiency 
measurements to be mixed conductors. 

A few electrolyses were made in which the de- 
posit was collected and analyzed. Since the metal 
deposit was entirely iron, it follows that Fe has a 
smaller deposition potential than Mn in FeO-MnO- 
SiOz melts. 


ACKNOWLEDGEMENTS 


Support for this study was in the form of a Fellow- 
ship Grant from the Electro Metallurgical Co. 

The study has made use of data obtained from re- 
search in non-aqueous liquids sponsored by the 
A.E.C, 


REFERENCES 


tH. Inouye, J. Tomlinson, and J. Chipman: The Electrical Conductivity of 
Wustite Melts, Trans. Fara. Soc., 1953. 49, p. 796. 
*G. Bjorling: The Conductivity of Some Molten Silicates on Fayalite Basis, 
Acta Polytechnica, 1952, vol. 24, p. 3. 
3K. Mori and Y. Matsushita: Electrical Conductivity of Molten Iron Oxide- 
Silicon Oxide and FeO-MnO-SiO, Slags, Tetsu-to-Hagane, 1952, vol. 38, p. 365. 
“M. T. Simnad, G. Derge, and I. George: Ionic Nature of Liquid Iron-Silicate 
vol. 200, p. 1386. 
. F. Smith: Ceric Sulfate, 4th Ed., vol. I, Colum! BGs. i i 
fate, ibus, G. F. Smith Chemistry 
®J. J. Lingano and R. Karplus: New Method for Determination of Manganese, 
Ind. and Eng. Chem., 1946, vol. 18, p. 191. 
™R. Schuhmann, Jr, and P. J. Ensio: Thermodynamics of Iron-Silicate Slags: 
Slags Saturated with Gamma Iron, AJME Trans., 1951, vol. 191, p. 401. 
N. F. Mott and R. W. Gurney: Electronic Processes in lonic Crystals, 2nd Ed. 
London, Oxford at the Clarendon Press, 1948, pp. 104, 158. 
°P. Kozakevitch: Tension superficielle et viscosite des scories synthetique, 
Rev. de met., Premiere partie, 1949, vol. 46, p. 505; Deuxieme partie, p. 572. 
7 J. O’M. Bockris, J. A. Kitchener, S. Ignatowicz and J. W. Tomlinson: Elec- 
tric Conductance in Liquid Silicates, Trans. Fara. Soc., 1952, vol. 48, p. 75. 
C. Wagner and E. Koch: Die Elektrische Leitfahigkeit der Oxyde des Ko- 
balts und Eisens, Z. Physik. Chem. B., 1936, vol. 32, p- 439. 
Rake Heikes and W. D. Johnston: Mechanism of Conduction in Li-substi- 
tuted Transition Metal Oxides, J. Chem. Physics, 1957, vol. 26, p. 582. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


8J. O’M. Bockris, J. A. Kitchener, S. Ignatowicz, and J. W. Tomlinson: The 
Electrical Conductivity of Silicate Melts: Systems Containing Ca, Mn and Al 
- F. Wells: Structural Inorganic Chemistry, ed. 2, London, Oxford at 
Clarendon Press, 1950, p. 70. 


45R. W. Gurry and L. S. Darken: The Composition of CaO-FeO-Fe,0; and 
MnO-FeO-Fe,O, Melts at Several Oxygen Pressures in the Vicinity of 1600°, 
J. Am. Chem. Soc., 1950, vol. 72, p. 3909. 

A. L. Rees: Chemistry of the Defect Solid State, London, Methuen & Com- 
pany, Ltd.. 1954, p. 62. 


Deformation Textures in Aluminum-Uranium Alloys 


The cold-rolled textures of aluminum (99.996 pct), Al-5 pet U, 
and Al-13 pct U alloys were obtained to determine the effect of the 
dispersed phase UAL, on the texture of pure aluminum. There was 
an increase in spread and a decrease in intensity associated with 
increasing uranium content. However, a vandom texture was not 


obtained and results can be analyzed in terms of a change from a 


W. C. Thurber 


{5, 6, 16}<10, 13, 8> (near —{113}<343>) texture in the pure 


aluminum to a near — <111> fiber texture in the 13 pct U alloy. 


Tue deformation textures of metals have been ex- 
tensively studied because of both the practical im- 
plications in metal fabrication and the fundamental 
insight into the behavior of the metal during defor- 
mation. Most studies have been concerned with 
pure metals or solid-solution alloys and relatively 
little attention has been directed toward more 
complex alloy systems. 

Barrett’ and Brick? have summarized work on 
multiphase systems in terms of the relative ease 
of deformation of the phases. Thus, if the phases 
are deformed about equally, each develops its 
usual texture for the particular fabrication process. 
This behavior has been reported for Ag-Cu and 
Cd-Zn alloys® and 62-38 brass.* A dispersion of 
hard particles in a softer matrix interferes with 
the normal reorientation of the matrix lattice dur- 
ing deformation, thus distorting the texture or in 
some cases preventing its development. Increasing 
the amount of carbon in steel has been observed to 
increase the randomness of the ferrite® and almost 
random textures have been reported for Al-12 pct 
Si eutectic alloy wires.° It has also been noted that 
if the second phase is platelike, deformation causes 
the platelets to line up in a common direction. 

The present work concerns a quantitative study 
of the deformation textures in aluminum-uranium 
alloys containing 5 or 13 wt pct U. Alloys in this 
composition range are characterized by a pure 
aluminum matrix in which the intermetallic com- 
pound UAL, is dispersed. From a fundamental 
standpoint, this system affords the opportunity for 
studying the effects of a dispersed phase on texture 
development in an essentially pure metal matrix. 
Further, these alloys are commonly used as fuels 
for nuclear research and testing reactors, and a 
knowledge of the preferred orientation may be use- 
ful in evaluating physical and mechanical properties 
as well as response to fabrication. 
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EXPERIMENTAL PROCEDURES 


The deformation textures in sheets of aluminum 
(99.996 pct), Al-5 pet U alloy, and Al-13 pct U alloy 
were determined for reductions in thickness of 
90 pet by cold rolling. The texture in an alloy rod 


of the latter composition which had been extruded 


at 455°C was also determined. 

It can be readily ascertained from the aluminum- 
uranium phase diagram that the 5 pct U alloy is 
hypoeutectic and contains 7.3 wt pct (3.4 vol. pct) 
UAI,. The 13 pct U alloy has the eutectic composi- 
tion and contains 18.9 wt pct (9.4 vol. pct) UAI,; 
however, because of nonequilibrium solidification 
conditions, the typical eutectic microstructure was 
not developed. 

The alloys were prepared by open-air melting in 
graphite crucibles. The slab castings were cropped 
and cold reduced 90 pct in thickness on a two-high 
mill. The slabs were reversed after each pass. 
Although the uranium-bearing alloys exhibited edge 
cracking, they could be cold rolled to the desired 
thickness. Small coupons 1.5 by 0.75 by 0.1 in. thick 
were sheared from the center of the rolled plate 
with a major axis parallel to the rolling direction. 
To obtain a specimen of sufficient thickness for 
machining of the X-ray diffraction specimen, three 
coupons were laminated into a single three-ply 
sandwich with a suitable adhesive. Adhesives which 
could be cured at room temperatures were selected 
in order to prevent recrystallization during bonding. 
Bondmaster M-648 (Rubber and Asbestos Corp.) was 
used for the pure aluminum laminate and Armstrong 
A-6 (Armstrong Products Co.) was used for the 
alloys. 

The alloy for extrusion was cast in a cylindrical 
graphite mold, cropped and machined into a 3-in. 
diam by 4-in. long billet. This billet was preheated 
to 455°C, upset to 3.125 in. diam, and extruded on a 
700-ton hydraulic press at a speed of 6 fpm through 
a flat-face, 1-in. diam die. The rod was quenched 
with a water spray as it emerged from the die. 

Pole-distribution data were obtained using the 
diffractometric method described by Jetter and 
Borie.’ A spherical X-ray diffraction specimen of 
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Fig. 1—Axis-distribution charts of (a) the rolling direc- 
tion and (6) the normal direction in aluminum sheet cold- 
rolled 90 pct. 


0.2 in. diam was machined with provision for attach- 
ing a stem in either the rolling, normal, or trans- 
verse direction. A quasi-fiber texture was produced 
by rotating the specimen rapidly about the reference 
direction while the intensities for {200}, {220}, {113}, 
{222}, {400}, {133}, {420}, and {422} pole charts were 
recorded in turn. These pole charts were used to 
construct axis-distribution charts (inverse pole 
figures) as described by Jetter, McHargue, and 
Williams.® An axis-distribution chart shows con- 
tours of equal normalized reference-axis density, 
that is, the distribution of the rolling, normal, or 
transverse direction relative to the crystallographic 
axes. A value of unity corresponds to a random 
distribution. 


DISCUSSION OF RESULTS 


In order to compare the behavior of the alloy 
sheet with pure aluminum fabricated under similar 
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Fig. 2.—Standard stereographic projection showing the 
textures in cold-rolled aluminum and aluminum-uranium 
alloys. ---Al; ----Al-5 pct U; shaded area Al-13 pct U. 


conditions, a redetermination of the cold-rolled 
sheet texture of aluminum was carried out. The 
axis distribution charts for the rolling and normal 
directions are shown in Fig. 1, and the positions of 
the centers of the maxima are shown in Fig. 2. The 
texture can best be described as {5, 6, 16}<10, 13, 8>, 
in which the normal and rolling directions are 2 to 3 
deg from <113> and <343>, respectively. The ideal 
texture differs from those reported by other in- 
vestigators. Both the rolling and normal directions 
are 14 deg from those reported by Jetter, McHargue, 
and Williams,® and are 23 and 10 deg, respectively 
from those reported by Hu, Sperry, and Beck.° 
However, cold-rolled thorium sheet has been re- 
ported to have a near — {113}<211> component which 
is similar to that found in the aluminum in this 
study.*° 

The differences in texture in cold-rolled alumi- 
num may be due to the effect of prior texture and/or 
rolling techniques. It is known that prior texture 
affects the preferred orientation developed. In the 
present study, the aluminum was rolled from a 
coarse-grained, cast ingot. That used by Hu, 
Sperry, and Beck had a prior treatment of cold- 
drawing, rolling, and annealing in several cycles. 
Different total reductions were also employed. 

The axis distribution charts for the Al-5 pct U 
alloy are shown in Fig. 3. The intensity maxima 
associated with the most preferred crystallographic 
directions of the rolling and normal directions are 
reduced by about 50 and 60 pct, respectively, from 
those for the pure aluminum specimen. The rolling 
direction is coincident with the <232> direction and 
represents a shift of 3 to 4 deg from that shown in 


Fig. 1(a2). The normal direction shows no sharp 
maxima, the most intense region being only 1.9 
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Fig. 3—Axis-distribution charts of (a) the rolling direc- 
tion and (5) the normal direction in Al-5 pct U sheet cold- 
rolled 90 pct. 


times random. This low maximum is centered at 
<124>. The ideal texture, shown in Fig. 2, is 
{124} <232>. 

The axis distribution charts for the cold-rolled 
Al-13 pct U alloy, shown in Fig. 4, show a concen- 
tration for the rolling direction 4 deg from <111> 
which is 2.5 times random. There is a great deal 
of scatter about this position. The chart for the 
normal direction shows no sharp intensity maxima 
but contains a band of orientations between <113> 
and <001>. These charts may be interpreted to 
show a near — <111> ‘“‘fiber’’ texture for the 
13 pet U alloy. The band of orientations repre- 
senting the normal directions is shown in Fig. 2, 
as well as the <111> direction 90 deg away. 

As a mechanistic explanation for the develop- 
ment of a “‘fiber’’ texture in rolled sheet, it is sug- 
gested that during the initial stages of rolling the 
UAL, particles become aligned with the rolling plane 
and rolling direction. The relatively large areas of 
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Fig. 4—Axis-distribution charts of (2) the rolling direc- 
tion and (b) the normal direction in Al-13 pct U sheet cold- 
rolled 90 pct. 


pure aluminum are then virtually extruded between 
the array of UAI, particles which form the ‘‘ex- 
trusion dies.’’ 

The axis distribution chart for the Al-13 pct U 
alloy which was extruded into rod at 455°C shows 
a <111> fiber texture, Fig. 5. The spread about 
<111> is asymmetrical toward <112> and may 
indicate a tendency for some other component be- 
tween <111> and <112> to develop. 

A photomicrograph of this specimen, Fig. 6(a), 
shows that the areas of pure aluminum contain 
equiaxed grains and is suggestive of recrystallized 
material. Etch pits, Fig. 6(b), reveal that these 
grains have <111> directions parallel to the rod 
axis. 

Other work’ at this laboratory has indicated that 
pure aluminum extruded at 455°C at a slower speed 
(0.3 fpm as compared to 6 fpm in the present case) 
developed a duplex texture having 22 pct of the vol- 
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Fig. 5—Axis-distribution chart showing the fiber texture 
of an Al-13 pct U rod extruded at 455°C. 


ume associated with the <111> component and 78 pct 


with the <001> component. It was further shown 


that the <001> material was recrystallized, whereas 


the <111> grains consisted of a substructure within 
the boundaries of deformation bands. Reasons for 
development of a predominant <111> recrystalliza- 
tion texture in the specimen containing UAI, and a 
predominant <001> recrystallization texture in the 
pure aluminum are not now known. Since the solu- 
bility of uranium in aluminum is at most a few 
parts per million, the composition of the matrix in 
which the texture forms should be essentially the 
same in both cases. 


SUMMARY 


The cold-rolled sheet textures of aluminum- 
uranium alloys exhibits an increasing tendency 
toward random orientation with increasing amounts 
of the dispersed phase UAI,. However, the weak 
texture which does develop tends toward the fiber- 
‘type with the rolling direction as the fiber axis. The 
ideal textures deduced for pure aluminum, a 5 pct U 
alloy and a 13 pct U alloy were {5, 6, 16} <i0, 13, 8>, 
{124} <232>, and a near <111>-— fiber texture, re- 
spectively. The texture of a 455°C extruded rod of 
13 pet U consisted of a single <111> component. 
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Fig. 6—Microstructure of transverse section of Al-13 pct 
U rod extruded at 455°C. (a) Electropolished, anodized, 
and photographed in slightly oblique illumination. X750. 
(6) Etch pits produced by aqueous solution of HF, HCl, 
and HNO3. X750. Reduced approximately 48 pct fer re- 
production. 
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Theory of Deformation in Superlattices 


In a superlattice dislocations may be expected to occur in 
pairs, connected by a strip of antiphase boundary. Additional 
antiphase boundary is normally present as a consequence of 
the ordering process. At low temperatures the nature of the 
deformation is determined by the interaction of the dislocation 
pairs with antiphase boundary. At elevated temperatures, where 
diffusion can occur during deformation, the mechanism of de- 
formation changes. An increase in high-temperature yield 


strength and creep resistance is observed. 


A.LTHouGH many physical properties of superlat- 
tices have been studied intensively, relatively little 
attention has been paid to their mechanical proper- 
ties until recently. Even for the well-known trans- 
formation in 6 brass, the effect of the transforma- 
tion on plastic behavior has only lately been exten- 
sively investigated.”* A partial analysis of dislo- 
cation structure in superlattices has been given by 
Cottrell® and his theory agrees well with the ex- 
perimental results on Cu,Au.”° His analysis, how- 
ever, is implicitly limited to low-temperature ef- 
fects, since it does not include the behavior of dis- 
locations at temperatures high enough for diffusion, 
and hence climb, to occur. The work of Herman and 
Brown’ on the creep of 8 brass indicates that im- 
portant effects occur under such conditions, and 
consequently, the theory should be extended to in- 
clude them. Such high-temperature effects cannot 
be observed in Cu,Au, since it disorders below the 
temperature at which diffusion occurs at a reason- 
able rate. There are materials of the same struc- 
ture, however, such as Nis;Al, which retain their 
order up to, or close to, the melting point. 


GEOMETRY OF THE COMMON SUPERLATTICES 


The two best-known ordered structures are the 6 
brass type, B2, shown in Fig. 1, and the Cu,Au type, 
L1,, shown in Fig. 2. In the B2 structure the (000) 
and (1/2, 1/2, 1/2) sites are different in that they 
are occupied by different types of atoms. The sym- 
metry of the structure is then lowered from a body- 


centered cubic, A2, in which the sites are equivalent, 


with atoms located randomly in the sites, to simple 
cubic. This lowering of symmetry has the conse- 
quence that two types of regions may occur within a 
crystal: regions where A atoms are in the (0, 0, 0) 
sites, and regions where they are in (1/2, 1/2, 1/2) 
sites. The boundary between two such regions will 
contain bonds between like atoms, and be a surface 
of higher energy. These regions are known as anti- 
phase domains and the boundary as antiphase bound- 


ary. In the B2 structure, boundary formed during the 


ordering process should disappear as a result of 
domain growth, since any domain growing to the 
boundary of two others will join one and engulf the 
other.® In any well annealed crystal, only a single 
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domain should exist, with antiphase boundary present 
only in connection with dislocations, as discussed 
below. 

The L1, structure is related to the Al (face-cen- 
tered cubic) in much the same way as the B2 is to 
the A2. The face-center sites are occupied by A 
atoms, and the corner sites by B atoms. The sym- 
metry is again lowered to simple cubic, and anti- 
phase domains can exist. In this case, however, 
there are four initially equivalent sites in the unit 
cell: (0,0,0), (@;°1/2, 1/2), (1/2, 0, 1/2) and (1/2, 
1/2, 0). In the ordered structure any one may be 
occupied by a B atom and the other three by A 
atoms. Thus four types of antiphase domains can 
occur in this structure. This is sufficient to permit 
a metastable ‘‘foam structure”’ to exist within a 
crystal.”” Antiphase boundaries along three dif- 
ferent planes are shown in Figs. 3, 4, and 5.* 


*The presence of a layer of disordered material between antiphase 
domains, as suggested by Jones and Sykes® does not seem likely. Such 
a layer would be a region of unnecessarily high energy which could 
readily be reduced by the formation of the type of boundary discussed 
here. 

The notation (111) [110] means a boundary lying 
along a (111) plane between antiphase regions re- 
lated by a 1/2 [110] translation. It may be seen in 
Figs. 3 and 4 that an antiphase boundary usually 
results in incorrect nearest neighbors (shown 
connected by braces). However, as pointed out by 
Wilson, a boundary of the (001) [110] type can exist 


Fig. 1—CsCl structure (B2). 
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Fig. 2—The ordered Cu3Au structure (Ll). 


with no incorrect nearest neighbors, Fig. 5, and 
X-ray results indicate that in unstrained ordered 
Cu,Au the boundaries are predominantly of this 
type.”® This situation leads to certain complex- 
ities for the L1, structure not present in the B2 
(8 brass) structure. 


ENERGY OF ANTIPHASE BOUNDARY 


The energy of an antiphase boundary can probably 
be associated principally with nearest neighbor ar- 
rangements. The results of Cowley,° and Sutcliffe 
and Jaumot’® indicate that second neighbor inter- 
actions are only about 1/10 as strong as nearest 
neighbor; in fact, there is some disagreement about 
the sign of the second neighbor interaction. Con- 
sidering only nearest neighbors, we can easily cal- 


Fig. 4—(110)[110] antiphase boundary in the Ll, structure. 
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Fig. 3—(111)[110] antiphase boundary in the Ll, structure. 


culate the energy of the boundary as a function of 
orientation. 

We consider first the L12 structure, and a general 
plane p = (h, k, 1), with k >k, which becomes a 
boundary between two antiphase regions related by a 
1/2 [1, 1, 0] translation. Any bond of the form 1/2 
[+ 1, + 1, 0] which goes from a B atom across the 
boundary plane (h, k, 1) will then be a ‘‘wrong’’ bond. 
The condition that a given bond vector t cross a 
plane p is that the projection of t on p equal or ex- 
ceed the interplanar spacing 1/p. That is: 


> [1] 


or 


Fig. 5—(001)[110] antiphase boundary in the Ll, structure. 
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Fig. 6—Energy surfaces for a [011] anti- 
phase boundary in the Ll, structure. Oto 


For the vectors 1/2 [+1, +1, 0] and the plane (h, k, 1), 


we have 


+h,+k 


1/2[+1, £1, 0] fh, k, 5 


[2] 


For the special case (0, 0, J), there are no inter- 
sections; for (h, h, l),there is one set; and for h =k 


there are two, >1 and >1, 


since [h| — |k| = 2 for all planes in this structure. 


For convenience we will consider the case h >k 2 0, 


for which bonds of the type 1/2 [1, 1, 0] and 1/2 
areccut. 
All such AB bonds in the [110] direction cut by the 


Fig. 7—Energy surfaces for a [111] anti- 


phase boundary in the B2 structure. AiG 
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antiphase boundary are converted into AA and BB 
bonds with an increase in energy (—v), where 


— 1/2 + Epp). 


For an ordering system, v is negative. These 1/2 
[110] bonds lie normal to a (110) plane, with spacing 
a in the [100] direction and a/V2 in the [110] direc- 
tion. The number of these bonds per unit area in this 
(110) plane is therefore V2/a*. The number of bonds 
per unit area in the (h, k, 1) plane is then V2 cos 6/a’, 
where @ is the angle between (1, 1, 0) and (#, &, 1), 


valh, 
number of 1/2 [1, 1, 0] bonds per unit area: 


and cos @ . Thus we have for the 


100 


A(t] Screw 


100 
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Similarly, for the 1/2 [1, ty 0] bonds, we have per 


area a no bonds. The total energy per unit area 


of antiphase boundary is therefore: 


It may easily be verified that this result also holds 
for the special cases (h,h, 1) and (0, 0, 7). Contour 
lines for the function k/VN are shown in Fig. 6, at 
intervals of 0.1, in a stereographic projection. It 
may be seen that the energy surface has rather flat 
maxima at (+1, 0, 0), (0, +1, 0); saddle points at 
(41, +1, 0), and gulleys running from the saddle 
points to (001), the orientation of zero energy if we 
consider only nearest neighbor effects. . Actually the 
second neighbor interactions will cause the boundary 
energy to remain nonzero, but since they are usually 
an order of magnitude smaller than nearest neighbor 
effects they will be unimportant except for orienta- 
tions very close to (001). 

The analysis for the B2 structure is quite similar. 
The bonds cut are all of the 1/2 [111] type, the area 
per bond on the (111) plane is V3a?, and the surface 
energy per unit area is simply: 


(N = +1"). [3] 


[5] 


Since there are some wrong bonds present in all 
orientations, the energy never vanishes. The energy 
surfaces are shown by contour lines in Fig. 7. It can 
be seen that the an poles are maxima, the {111} 
minima, and the 4110; saddle points. 


DISLOCATIONS IN THE ORDERED STRUCTURE 


As pointed out by Cottrell,* dislocations of the 
disordered lattice are only partial dislocations in 
the superlattice. They must either combine to form 
larger dislocations with Burgers vector equal toa 
primitive translation of the superlattice, or occur in 
pairs connected by a strip of antiphase boundary,” 
as shown schematically in Fig. 8. We shall be con- 


Fig. 8—Dislocation pair in superlattice. 
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cerned with the case where the ordering energy is 
low enough for connected pairs to exist. In addition 
to this effect, in the L1, structure the usual forma- 
tion of extended dislocations (partials connected by 
stacking fault) will occur. The extension will be re- 
duced in the ordered structure, however, since there 
will be wrong bonds in the faulted area raising the 
surface energy above the ordinary surface energy of 
the fault. 

The separation of the dislocation pair can be cal- 
culated in a simple fashion analogous to that used 
to calculate the width of an extended dislocation. 
For two pure screw dislocations separated by a dis- 
tance 7, the repulsive force per unit length will be: 


6? Cag (Cr — C12) 

6 
9 [ ] 
This must equal the surface tension, 0, of the anti- 


phase boundary. Hence we have for the equilibrium 
separation: 


Tbh = 


Caa (C11 — C12) 
As an example, we can calculate the separation in 
fully ordered Cu,Au, for which all the necessary con- 
stants are known. The energy v is approximately 
360 R,° and using the elastic constants’ determined 
by Siegel: 


(C4) — Cy2). = 5.238 
C44 = 6.631 
we have 


If the two screw dislocations are on a common (111) 
plane, the surface energy of the boundary is: 


2 x 360 Rk 
¥3 a? 


The equilibrium separation, 7,, then will be given 
by (using b? = a?/2): 


a” (Cia — C12) 
Vy ~ dno = 114A [8] 


ORIENTATION OF DISLOCATION PAIRS 


In general, the lowest energy configuration for 
two partial dislocations connected by a strip of 
antiphase boundary may be such that their common 
plane is not the slip plane. Two terms enter into 
the energy of the pair: the surface energy of the 
antiphase boundary, discussed above; and the elastic 
energy of interaction of the two dislocations, which 
is orientation dependent except for pure screw dis- 
locations (isotropic approximation). The effect of 
the first term can be understood by reference to 
Figs. 6 and 7. In the Liz structure, for pure screw 
dislocations, (A in Fig. 6), a considerable reduc- 
tion of energy will occur if the common plane 
changes from the slip plane, (111), to (001). The 
nearest neighbor energy then vanishes. For [211] 
Singular lines, (C in Fig. 6), the maximum reduction 


= 41 ergs/cm? 
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in surface energy will occur for a shift of the com- 
mon plane from (111) to (113). For this dislocation 
orientation, however, an elastic term will also ap- 
pear, which will be a minimum at (011). The equi- 
librium orientation will then be somewhere between 
(113) and (011). 

For the pure edge case, [112] singular line, (B in 
Fig. 6), the minimum surface energy occurs for the 
(111) orientation, but the elastic energy is at a max- 
imum. For this case, the total energy as a function 
of orientation can be easily calculated. Consider 
two edge dislocations initially on a common slip 
plane separated by a distance 7). Taking one dislo- 
cation on the origin of coordinates, we consider 
the work done in moving the other dislocation to a 
new position, (, 2} in rectangular coordinates, or 
(r, 0) in polar coordinates. This work can be cal- 
culated as follows: we compute the work of moving 
the dislocation on the slip plane to some position 
(A, 0), then to the new plane, position (A, /), and 
back along the new plane to (R,/), in the limit of 
infinite A. That is: 


Gb? 2 
2n(1 —v) =p) —> 


x(x" 


4 dx 


A? Uh?) 


vA? 
We also require the surface energy of the anti- 


phase boundary as a function of 6. For a general 
plane (h,R,1): 


_ (1,1,1)-@, 2,1) h+ k+l 
cos aN BN [ ] 


However, for a plane to contain the [1, 1, 2] singular 
lines, we must have 


1) = 0 [11] 
or 


= [12] 


31 
cos 6 = 
We can now calculate o as a function of 6. Using 
[12], we find: 


3 32 
2 
cos" 
sin’ @ = N = N 
h? — 2hk +h? _ (h—k)? 
2N 2N 
and 
sin @ _ 
v2 2/N 
From [12] 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


[9] 
To 


cos _ (h + k) 
v3 


so that, using [4], we have: 


_ av 6 sin [13] 
v3 v2 
Then combining [9] and [13], we find for the total 


energy of a dislocation pair with separation 7 and 
angle 6, relative to the energy atr=%, @=0, as 


x 2vr [cos 6 sin 6 
B= [sinto + in « [008 + 
[14] 


If we minimize E with respect to 7, for a fixed @, 
we find, for dE/dr = 0 


= 1 
2n(1-v) cos @ sin [15] 


V2 
The corresponding minimum energy, 
tion of 6, is given by: 


En, aS a func- 


Gb? 6 | 16 
with 4 
Gb 177 
for convenience. [ 
+ 0.8 
+0.4 
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Fig. 9—Orientation dependence of the energy of edge dis- 
location pair in the Ll, structure. . 
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A plot of the bracketed term in Eq. [16] is shown 
as Fig. 9. There is a sizeable hump between the 
relative minimum at 0°, (111), and the absolute mini- 
mum at 90°, (110); a dislocation pair lying in the 
(111) plane will be metastable, since a large activa- 
tion energy would be required to climb over the 
hump. 

A similar analysis can be applied in the Bz case. 
The pure screw dislocation pair (A in Fig. 7) will be 
stable in (110) orientation, while the pure edge will 
be stable in (111), and metastable in (110). There 
will, however, be dislocation pairs with singular 
lines of orientation near [110] which will not be 
metastable at (110). Their energy will fall smoothly 
with angle to a minimum somewhere between (111) 
and (001). 


DEFORMATION AT LOW TEMPERATURES 


We consider first deformation under conditions of 
temperature and strain rate such that diffusion and 
dislocation climb will not occur. In undeformed 
material the dislocation pairs will all be in stable or 
metastable orientations, since any unstable configu- 
ration will have been eliminated during the formation 
of the superlattice, when diffusion and climb were 
possible. Many dislocations will be relatively im- 
mobile, since the motion of any pair not lying ina 
slip plane will require the creation of new antiphase 
boundary, and there will be a corresponding opposing 
force. However, in each structure, there are certain 
orientations of singular lines for which stable or 
metastable posifions are those with both dislocations 
in the same slip plane, as discussed above. In the 
Li, structure this occurs for orientations close to 
[112] (pure edge); in the B, structure for those close 


to either [111] (pure screw) or [112] (pure edge). 
Portions of dislocation line with these orientations 
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Fig. 10—Successive stages of slip in ordered material at 
low temperatures. 
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can act as Frank-Read sources. The loops gene- 
rated will contain dislocation pairs which are in 
unstable positions, but if no climb can occur the 
entire loop will remain in the slip plane. It may be 
noted, however, that screw dislocations in the B2 
structure will be confined to {110} planes. Hence, 
we may expect that the wavy slip lines and choice 
of slip planes possible in the disordered structure 
should not be observed when the ordered structure 
is deformed. 

The principal obstacle to slip should come from 
the effect of antiphase boundaries. These will be 
present in the L1, structure, even when slowly 
cooled; but in the B2 structure probably only when 
quenched. 

Whenever a dislocation pair passes through an 
antiphase boundary in the L1, structure, it pro- 
duces additional boundary of (111) type, Fig. 10. 
Associated with this additional boundary will be 
extra energy per unit area which can be calculated 
by Eq. [4] as: 


If slip occurs over a distance, 6, with an antiphase 
boundary space, ¢, the amount of new boundary pro- 
duced per unit length of dislocation line will be 6/, 
and the corresponding increase in energy will be 
o6/t, which must equal 76, the work done by the 
moving dislocation. Hence the resistance to dis- 
location motion will be given by: 


2v 


[18] 


More complicated expressions have been derived by 
Cottrell and others,*’* but they differ from the above 
principally for very small domain sizes, and it is 
doubtful whether very small, highly ordered domains 
exist. The material formed during the early stages 
of annealing probably consists of a mixture of small, 
partially ordered nuclei and disordered material. 
Jones and Sykes suggest that in Cu,Au the amount of 
disordered material between nuclei becomes small 
after the nuclei exceed 40A in size. It is only below 
40A that deviations from the simple Eq. [18] appear. 
In the absence of detailed information about the 
structure under these conditions, an elaborate analy- 
sis seems of doubtful value. 

The value of o calculated above for Cu,Au, 41 ergs 
per sq cm, is too low by about a factor of two to give 
agreement between Eq. [18] and the data of Ardley,° 
using the scale of domain sizes given by Sykes and 
Jones.* This is not too surprising in view of the ap- 
proximations used in the domain size calculation. A 
distribution of sizes is undoubtedly present and the 
weighting of the distribution implicit in the X-ray 
calculation may differ considerably from the weight- 
ing effective for the strengthening effect. It would be 
interesting to have an X-ray determination of par- 
ticle shape and size distribution by Fourier analysis 
of the superlattice lines. 

Although no quantitative information on domain 
sizes is available, the age softening of 8 brass! after 
quenching is presumably due to the elimination of 
antiphase boundaries. 
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Fig. 11—Reduction in antiphase domain size by plastic de- 
formation. 


WORK HARDENING OF POLYCRYSTALLINE 
ORDERED ALLOYS 


Deformation of polycrystalline material requires 
slip on intersecting slip planes to relieve stress 
concentrations at grain boundaries. In an ordered 
material this type of slip results in a high work- 
hardening rate, since the domain size is rapidly 
reduced as the slipped planes become new antiphase 
boundaries, as shown in Fig. 11. An experimental 
observation of this effect is shown in Fig. 12, in 
which the stress-strain curves are shown for two 
nickel-base alloys, one solid solution hardened with 
5 pct Al; the other ordered, with the L12 structure. 
Although the initial strength was about the same for 
the two alloys, the much more rapid work-hardening 
of the ordered alloy is evident. Associated with this 
effect is a tendency toward grain boundary fracture, 
since the stresses at grain boundaries become rela- 
tively large before they are relieved by slip on new 
systems in the adjoining grains. This alloy char- 
acteristically fails by grain boundary fracture, with 
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Fig. 12—Stress-strain curves for ordered and disordered 
alloys. 


very low ductility at large grain size. The ductility 
increases as the grain size decreases, since the 
possible stress build up falls as crystal diameter is 
reduced. 

Taoka, Sakata, and Honda have observed that de- 
formation of fully ordered Cu;Au™ and Ni;Mn’° gives 
rise to fine slip similar to that observed for pure 
metals, while the disordered alloys show the char- 
acteristic coarse slip of alloys. These observations 
may be interpreted in the light of the above model. In 
the ordered alloy the resistance to deformation is not 
removed by the passage of dislocations along the slip 
plane; each one increases the antiphase boundary 
area, whether on an old or a new slip plane. In the 
disordered alloy, however, only local order is pres- 
ent. One or two dislocations transversing the slip 
plane destroy most of the order across it,’”*® and the 
passage of more dislocations is greatly facilitated. 
Thus we get extensive slip on a few planes, and 
coarse slip. 


DEFORMATION AT INTERMEDIATE TEMPERA- 
TURES 


At temperatures high enough for some diffusion to 
occur during deformation a new effect appears. Por- 
tions of the dislocation rings produced during de- 
formation may leave the slip plane when a lower 
energy orientation for the common plane of the pairs 
exists. When this occurs the dislocations become 
much more difficult to move, since each one now 
produces antiphase boundary as it moves, as shown 
in Fig. 13. The yield stress for the superlattice 
should increase with temperature in some ap- 
propriate temperature range as a result of this 
phenomenon. This effect is not observed in Cu,Au 
because the disordering temperature is so low. In 
alloys based on Ni;Al, however, the effect is clearly 
seen. The proportional limit for an alloy of 20 pct 
Al, 10 pct Fe, 70 pct Ni as a function of temperature, 
is shown in Fig. 14. The rise begins at a surpris- 
ingly low temperature, suggesting that the vacancies 
required for dislocation climb are generated during 
the deformation. 

The measurements of Ardley and Cottrell*® on 
B-brass single crystals show a similar effect in the 
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(a) Slip at Intermediate Temperatures 
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Fig. 13—Slip at 
elevated tem- 
peratures. 


(b) Slip at High Temperatures 


JE 
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B2 structure. The critical resolved shear stress 
shows a marked rise from 2 kg per sq mm at 25°C 
to a maximum of 3.5 kg per sq mm at 200°C, fol- 
lowed by a rapid fall with further temperature in- 
crease, 

Another origin for this sort of effect has been sug- 
gested,™ associated with changes in order near the 
antiphase boundary. Effects connected with changes 
in order with temperature cannot be responsible for 
the peak in this nickel-base alloy, since, as dis- 
cussed in the section on high-temperature deforma- 
tion: 


_ 9,400 
v= cal = 1570k 
so that at the temperature of the peak 
v/kT = 1.6 


Under this condition, no appreciable disordering is 
to be expected. 


DEFORMATION AT HIGH TEMPERATURES 


At sufficiently high temperatures and low stresses, 
the rate of dislocation motion will be low in compari- 
son with the jump rate of atoms. Under these con- 
ditions the dislocation pairs will all be in stable or 
mestastable orientations, and the flow rate will be 
governed by the motion of those sections of disloca- 
tion loop in which the plane of the dislocation pair is 
not the slip plane. When the stress applied is less 
than that required to form antiphase boundary di- 
rectly these segments will move only as fast as anti- 
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Fig. 14—Proportional limit as a function of temperature 
for an ordered nickel base (20 pct Al, 10 pct Fe, 70 pct Ni) 
alloy. 


phase boundary is produced by thermal motion of 
atoms. Atoms will jump at a rate IT, so as to pro- 
duce wrong bonds just ahead of the dislocation, thus 
causing it to move forward; and there will also be 
jumps at a rate I, producing wrong bonds just be- 
hind the dislocation, forcing it to move backward. A 
jump causing the dislocation to move forward re- 
quires work done of 7b, and one causing motion back- 
ward, work done of —7b, The jump rates will be 
given by: 


=v exp Ean) exp exp [19] 
and 

—A AF 

=v exp an exp ( xp [20] 


where #f, = free energy of vacancy formation 
F, = free energy for vacancy motion into 
equivalent sites 
energy required for the formation of 
wrong bonds 
v = vibration frequency 


€ 


Assuming 1b < RT, the net jump rate I will be given 


by: 
ar) 
27b ve\®! e RT 


[21] 
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Table | 


Load, Dynes 

Specimen Temp., °K per Sq Cm Strain Rate, Sec 

VM91 C4 1144 6.89 x 10° 5.00 x 107” 

1144 4.83 x 10° 1.94 x 107” 

1255 6.89 x 10° 

1255 3.45 x 10° 

1255 2.07 x 10° OF 

VM132 C2 1200 6.89 x 10° 1.78 x 107° 

C3 1200 4.83 x 10° 4.78 x 1077 

C4 1311 3.45 x 10° 2.92 x 107° 

CS 1311 2.07 x 10° 1.94 x 107° 

VM226 C1 1366 1.38 x 10° 2.53 x 107” 

C2 1255 2.76 x 10° 4.07 x 1077 

(Gs) 1200 4.14 x 10° 3.50 x 107” 

C4 1144 5.52 x 10° 1.30 x 107’ 

C5 1089 8.27 x 10° 9.60 x 107° 

C6 1200 3.45 x 10° 2.50 x 107” 

C7 1311 1.72 x 10° 4.23°x 10>” 

C8 1366 1.38 x 10° 6.53 x 107” 

VM268 C1 1422 1.03 x 10° 7.36 x 107” 

C4 1450 6.89 x 10’ 1.30 x 107’ 

VM91 T3 1273 2.68 x 10° 1.00 x 107° 

T4 1273 2.24 x 10° 3.332c10m 

1273 1.78 x 10° 

VM268 C21 1273 2.23 x 10° 1.00 x 107° 


All-samples approximately 20 pct Al, 10 pct Fe, 70 pct Ni, 


= AH+eE 


= entropy of activation for diffusion 
AH = heat of activation for diffusion 


[23] 


[24] 


This jump rate will lead to a net rate of advance of 
the dislocation, dx/dt, given by: 


[25] 


Since this is a viscous type of dislocation motion, 
Weertman’s analysis for microcreep” should apply. 
The creep rate should then be roughly: 


Q 


An experimental test of this equation is possible by 
analysis of the creep data for a Ni-Al-Fe alloy with 
the L1, structure. The data listed in Table I were 
fitted by least-squares analysis to an equation of the 
form: 


B= [27] 
The parameters obtained were: 
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Fig. 15—Stress dependence of creep rate (20 pct Al, 10 
pet Fe, 70 pct Ni) alloy. 


107168 1.4 (dynes/em?)"? 


(af 
n= 3.24.2 
Q@ = 78 +2 kcal mole 


The fit is quite satisfactory, as may be seen in 
Figs. 15 and 16. The data points appear to be ran- 
domly scattered about the least-square lines, with no 
evidence of curvature. 

Although the necessary constants in Eq. [26] for 
the alloy are not all known, we can use the values for 
pure nickel for an approximate comparison. For 


u = 8X 10” dyne/cm? 
= 1cm’/sec 
H = 67 kcal/em? 


and for the alloy = 2.5 x cm. 

We may estimate e from the heat of formation of 
Ni,Al, which is 9,400 cal per g atom.” 3N unlike 
bonds will be formed for each gram atom of Ni,Al, 
corresponding to an energy 3Nv. We will assume 
that this energy is roughly equal to the heat of for- 
mation. Each atom jumping into a wrong site in this 
structure will form three wrong bonds, so that 


€ = 3Nv = 9,400 cal/g atom 
Using these results, we can calculate a and Q, 


comparing Eqs. [26] and [27]. 
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Fig. 16—Temperature dependence of creep rate (20 pct Al, 
10 pet Fe, 70 pct Ni) alloy. 


_ Qa Deb 


= 1.8x 107° (dyne/em’)~* (°K) 
Q = H+e = 67+9=76 kcal/mole 


The agreement for all three parameters is as 
good as can reasonably be expected. The calculated 
values for 7 and @ lie at the edge of the 95 pct con- 
fidence interval for the experimental values; @ is 
outside by about an order of magnitude, but in view 
of the approximations involved, this is not surpris- 
ing. 


SUMMARY 


The deformation characteristics of superlattices 
can be understood in reasonable quantitative detail 
by considering the properties of dislocation pairs 
and their interaction with antiphase boundary ma- 
terial. At low temperatures the dominant feature of 
the deformation process is the increase in antiphase 
boundary area by slip. At elevated temperatures the 
dominant feature becomes the viscous drag on dis- 
location pairs associated with the antiphase boundary 
connecting the members of the pair. 
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The Effects of Cold Work on the Alloy Cu,Au 


Specimens of initially ordered and initially disordered Cu.Au 
were cold worked. Their energy contents increased with strain 
and at high strains became nearly equal in ordered and disordered 
specimens. The hardness, yield strength, and ultimate tensile 
strength changed with cold work; the rates of change and the magni- 
‘tudes of these properties showed characteristic differences between 
the ordered and disordered alloy. The resistivity of the ordered 
alloy increased gradually with strain and approached the value of 
the disordered alloy; the resistivity of the disordered alloy showed 
a shallow maximum as a function of cold work. The broadening of 
the superstructure lines in the X-ray diffraction pattern of the 
cold-worked ordered alloy differed from that of the fundamentals. 
An analysis of the broadening shows that the reduction of order by 


cold work involves a reduction of antiphase domain size, but the 


J. B. Cohen 


measured energy effects indicate that this is not the only mecha- 


nism operative in the mechanical disordering of ordered Cu,Au. 


Cop work destroys long-range order, as was 
first observed by Dehlinger and Graf.’ Dahl? 
showed that the mechanical disordering caused by 
cold work produces changes in those properties 
that are affected by long-range order. The exist- 
ence of order has a marked effect on the manner in 
which an alloy deforms and therefore on its me- 
chanical properties.* The relation between order 
and deformation behavior, however, is only begin- 
ning to be understood. 

Seemann and Glander* suggested that cold work 
reduces an ordered alloy to a kind of gruel of anti- 
phase domains. According to Cottrell,® superdis- 
locations and pairs of dislocations in a slip plane 
connected by a strip of anti-phase domain boundary 
provide deformation mechanisms which do not 
change the state of order. In general, however, 
slip may be expected to produce new domain bound- 
aries and destroy order if dislocations move on 
intersecting planes or cut through existing domain 
boundaries. The yield strength of an ordered alloy 
may pass through a maximum with decreasing do- 
main size.°-’ The reduction of domain size result- 
ing from cold work may, therefore, lead to a maxi- 
mum in strength properties. Flinn® suggests that 
dislocations can climb by short-range diffusion 
during deformation and thus can generate domain 
boundaries not only on slip planes, but also on other 
planes which will be those with the lowest domain- 
boundary energy. 

It has long been known that the rate of strain 
hardening of an alloy in the ordered state is larger 
than in the disordered state.*® Also the slip bands 
in ordered Cu, Au’? and Ni,;Mn”™ are finer than in 
the disordered alloys. The stress which causes 
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initial yielding in Cu, Au passes through a maxi- 
mum with decreasing domain size.®’’? A maximum 
has also been observed in the hardness of ordered 
Ni, Mn as a function of strain.” These observations 
suggest, but do not prove, that domain size reduction 
occurs during deformation. 

According to Fisher’ slip destroys short-range 
order and thus the strength of an alloy is related 
to the degree of short-range order present. Rudman 
and Averbach™ and Averbach et al.,'° demonstrated 
that cold work reduces short-range order in copper- 
gold and gold-silver alloys. Destruction of long- 
range and short-range order by cold work implies 
slip on an appreciable fraction of planes. 

Yielding of an alloy in which short-range order 
exists or antiphase domain boundaries are present 
should be discontinuous because the first disloca- 
tions moving across the slip plane meet with the 
largest resistance.® Such discontinuous yielding 
has been observed in Cu, Au°’*® and CuZn."” This 
phenomenon, however, can also be explained by 
mechanisms not involving order.° 

The published investigations of the effects of cold 
work on alloys with long-range or short-range order 
have not been covered thoroughly in reviews of 
order-disorder phenomena. These investigations, 
therefore, will be listed here. They have been con- 


cerned with strength properties,” elec- 
trical resistivity, thermoelectric 

1, 26 
power,*®”> magnetic and X-ray 


scattering.” The slip systems and the 
appearance of the microstructure after deformation 
in ordered and disordered alloys have also been in- 
vestigated.© 1014717 The alloys used in these 
investigations were copper-gold,*~ 9 
23- 26328129 aonner-zinc, nickel-manganese, ” 
11,21 i-on-aluminum,”” iron-nickel,* copper palla- 
dium,?’*”’ and palladium-silver- 
copper.” 

In the work reported here, the changes in proper- 
ties of polycrystalline Cuz Au were investigated as 
functions of strain in wire drawing and rolling. 
Specimens were heat treated before deformation 
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to induce long-range order. Others were quenched 
from above the critical temperature and will be re- 
ferred to as ‘‘disordered’’ although they contained 
short-range order. The properties investigated 
were the energy content, electrical resistivity, 
strength properties, and some of the structural 
features which could be determined by X-ray dif- 
fraction; these included changes in the long-range 
order, particle size, and microstrain. 


EXPERIMENTAL PROCEDURES 


1) Preparation and Cold Working of Specimens— 
The alloy was received as drawn rod, + in. diam, 
and rolled strip, 0.030 in. thick. The average gold 
content of the wire was 0.02 +0.03 at. pct smaller 
than the composition of Cus; Au; the gold content of 
the strip was 0.06 at. pct smaller than that compo- 
sition. The impurities totaled 0.02 to 0.05 wt pct 
and were principally silver and palladium. 

' The rods, after a recrystallization treatment, 
were drawn to the various starting sizes for the 
cold working described below. After another re- 
crystallization treatment at 810° + 10°C for 

3.3 hr, some of the wires of each starting size 
were disordered by heating in evacuated pyrex 
tubes for periods of from 1 to 4 hr at 440° to 
465°C followed by quenching into cold water; the 
tubes shattered or were broken as they entered 
the water. To produce long-range order the bal- 
ance of the wire of each size was annealed at 
367° + 5°C for 60 hr and cooled to 180°C at an 
average rate of less than 3°C per hr; they were 
then furnace-cooled to room temperature. The 
final grain size of all wires was approximately 
0.12 mm. 

Wires were prepared from two lots of material 
of essentially identical composition. These lots 
were given similar heat treatments. 

For quantitative X-ray studies the as-received 
strip was given a recrystallization treatment by 
annealing in vacuo at 460° + 5°C for 30 min. To 
induce ordering, the temperature was lowered and 
the specimens held at 355° + 5°C for 75hr. They 
were then cooled to 180°C at an average rate of 
3°C per hr and furnace-cooled to room tempera- 
ture. Half of this material was disordered again at 
460° + 5°C for 30 min, followed by quenching. The 
grain size resulting from this treatment was about 
0.012 mm in both the ordered and the disordered 
alloys. 

The wires were drawn through a series of tung- 
sten carbide dies at a rate of /, in. per min. The 
total reductions in area ranged from 10 to 90 pct 
and were so planned that all wires had a final di- 
ameter of 0.04 in. This uniformity minimized 
differences in the rate of solution in the calorimet- 
ric determinations and was advantageous for the 
resistivity measurements. 

In rolling the strip, reductions in area up to about 
64 pct were made in stages. (Beyond this reduction 
the strip cracked at the edges.) As only one initial 
thickness was used, the final specimens of strip 
varied in thickness. The rate of deformation in 
rolling probably was at least 100 times larger than 
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in wire drawing, but varied with the mill used. 

The cold working was conducted at approximately 
30°C. The cold-worked specimens were stored at . 
or below 0°C before the measurements were made. 
When several types of measurements were repeated 
during a period of 6 months after cold working, no 
effects of self-annealing were detected. Coefficients 
of the Fourier series representing the {110} and 
{200} diffraction peaks from a cold-worked sample 
had changed less than 10 pet after 4 months. This 
lies within the error for the observed broadening. 
Hardness measurements made on specimens stored 
5 months at room temperature were comparable to 
measurements made on the same specimens soon 
after drawing. 


2) Measurements—Calorimetry—The heat effects 
of adding annealed and cold-worked samples from a 
reference temperature of 0°C to liquid tin at 350°C 
were measured. The calorimeter and the calcula- 
tions have been described.** Thermal compensation 
was employed to increase the precision of the cal- 
orimetric measurements.*” Thin strips of at least 
99.99 pct pure Au were added in a ratio of Au: Cus Au 
equal to 2.2795:1. The exothermic dissolution of 
gold in tin reduced the heat effects from about 4,000 
to less than 1,000 cal per g-atom. The effects of 
cold work on the energy content of one lot of ordered 
and disordered Cu;Au wires and the strip were de- 
termined with thermal compensation. Annealed and 
cold worked samples were added in the same run, 
and the difference in the heat effects, adjusted for 
changes in composition of the tin bath was the 
change in energy content due to cold work. Several 
annealed and cold-worked samples were added in 
every run; some determinations were repeated in 
additional runs. 

The energy of cold work was determined with the 
second lot of wires as the difference in heat effect 
upon dissolution of a cold-worked ordered sample 
and the published heat effect of annealed ordered 
Cu; Au.** The same procedure was followed with 
the second lot of cold-worked disordered samples. 
In a check run the heat effects of unworked ordered 
and disordered samples agreed with the published 
values. 

Mechanical Tests—The Knoop hardness of annealed 
and cold-worked wires was measured on a Tukon 
tester. Specimens were mounted in bakelite and 
polished and etched. Several specimens represent- 
ing each reduction were mounted separately and 
were tested to average out any effects of mounting 
and errors in sampling. Measurements were made 
with the indenter parallel.and transverse to the wire 
axis. The load was 100 or 500 g. 

Miniature tensile specimens were machined from 
the wires which had been used for the resistivity 
measurements. Their diameter at the grips was 
0.040 in. and tapered to 0.030 in. in the test section, 
which was 1.3 in. long. The diameter of the test 
section of any one specimen did not vary by more 
than 0.0001 to 0.0002 in. The ends of the specimen 
were threaded and fitted to grips, which were at- 
tached by chains to the heads of an Instron testing 
machine. The maximum error in the stress due to 
the uncertainties in the cross-sectional area and 
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Fig. 1—Energy content vs strain in wire drawing or roll- 
ing initially ordered and initially disordered Cu3Au. 
(2) First lot of wires, (6) second lot of wires; (c) strip. 


the load was about 3 pct at the largest reduction 
and 9 pct for the annealed specimens. 

The ultimate tensile strength and elongation ob- 
tained in control tests with annealed and cold- 
worked tough-pitch copper agreed with published 
data.** Although the measured values of the yield 
strength of copper were not in good agreement with 
published data, the measured yield strength of 
Cu; Au is believed to show significant trends. The 
yield strength reported is the stress at 0.2 pct 
elongation, except for the annealed specimens, the 
stress-strain curves of which showed sharp changes 
in slope at the stresses reported. 

Resistivity Measurements—The resistivity of the 
wires was determined by a potentiometric method 
with a Leeds and Northrup Type K-2 calibrated po- 
tentiometer and a 0.1 ohm standard resistance. 
Switches allowed the flow of current and the direc- 
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tion of measurement to be reversed. They were 
immersed in an agitated bath of oil to minimize 
stray thermal emfs. The specimen was held taut 
by two brass clamps, and the measuring length was 
fixed by knife edges mounted on a spring-loaded 
bakelite arm.*° The diameter of the wires was 
measured at several positions. The estimated max- 
imum error of the resistivity values was +0.5 pct, 
and was mainly due to the uncertainty of the average 
diameter. 

The resistance was determined with the specimen 
immersed in oil at room temperature, in a mixture 
of dry ice and trichloroethylene, in liquid nitrogen, 
and in liquid helium. The exact temperatures of the 
last two were calculated from barometric pressure. 
The values of the resistivity measured at room 
temperature were corrected to a reference tem- 
perature of 20°C. The temperature coefficient was 
determined from the resistivities measured at 78°K 
and at room temperature; averages of the coefficient 
based on two or three specimens at each reduction 
were used. 

The equipment was checked by making measure- 
ments on five annealed wires of platinum, 99.999 pct 
pure. The average value of the resistivity meas- 
ured at room temperature agreed with published 
values within 0.3 pct.***6 

X-Ray Diffraction—Ten to 20 pct of the thickness 
of the cold-worked strips was removed by surface 
grinding under a coolant. Specimens were then 
mounted cold, polished, and etched several times. 

A specimen was placed in a Philips Norelco dif- 
fractometer and rotated about an axis normal to its 
surface. Cobalt radiation was used with an iron 
filter. Some of the weak high-angle peaks were 
evaluated by point counting, but in most instances, 
the recorder was used at low speed. One specimen 
was investigated for each strain. 

In order to check the reproducibility of the method 
of preparing the specimens for X-ray diffraction, 
duplicates of the annealed ordered alloy and dupli- 
cates of the disordered alloy were prepared. Three 
peaks were recorded for each of the four specimens. 
Peaks of each specimen were recorded again after 
the specimen had been moved in the holder. Com- 
paring either the two ordered or two disordered 
specimens the largest difference between any two 
measured areas of the same peak was 10 pct and in 
most cases the difference was 3 pct or less. The 
ratios of the areas of the two different peaks dif- 
fracted from a given specimen varied about 6 pct. 

The strip specimens with which the X-ray work 
was carried out were subsequently used for cal- 
orimetric determinations. 

Presentation of Results——In the figures, the length 
of the vertical lines indicates the mean deviation, if 
several values were measured. The values of the 
resistivity of the wires reported in Table I are av- 
erages and mean deviations; those of the strip rep- 
resent measurements on a single sample with limits 
based on estimated uncertainties, primarily those of 
the cross section and length of the specimen. 


RESULTS AND DISCUSSION 
1) Energy Effects of Cold Work—The energy con- 
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Fig. 2—Knoop hardness vs true strain in wire drawing 
initially ordered and initially disordered CugAu. 


tents of the wires and strip as a function of the 
strain are presented in Fig. 1. The energy of the 
alloy in the unworked disordered state has been 
taken as zero. The values obtained by employing 
thermal compensation and by taking the difference 
between annealed and cold worked specimens in a 
single run, Fig. 1(a), showed less scatter than those 
obtained by subtracting the measured heat effect 
upon dissolution of a cold-worked sample to the tin 
bath from the published value’ of the heat effect 
upon dissolution of an annealed sample, Fig. 1(d). 

In Fig. 1(a) and (0) corresponding curves are in 
good agreement in spite of the scatter in values for 
the second lot, Fig. 1(b). A discrepancy may be 
noted in the ordering energy of the two lots. This 
energy was determined as the difference between 
the heat effects of unworked ordered and disordered 
specimens. For the first lot these heat effects were 
in general not measured in the same run but were 
taken from different runs, which may explain part 
of the discrepancy. 

Cold work lifted the ordered alloy from its energy 
well, as order was destroyed. Ata strain of 1.7, the 
energy content of the initially ordered alloy was the 
same as that of the annealed disordered alloy. The 
first lot of ordered wires at a strain of 2.28 stored 
a total energy of 628 + 12 cal per g-atom, which was 
140 cal per g-atom greater than the energy of or- 
dering of the wires. The total increase caused by 
cold work in the energy content of the initially 
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ordered specimens of the second lot was 660 + 84 cal 
per g-atom at the largest strain. 

As shown by the curves in Fig. 1, the initially or- _ 
dered alloy did not reach the same level of energy 
content as the initially disordered alloy, even at the 
largest strains. This difference was also deter - 
mined directly in a single run by adding several 
ordered and disordered samples worked to the larg- 


est strain and taking the difference of the heat ef- 
fects directly; the difference measured in this way 
was 85 + 18 cal per g-atom for the first lot of wires. 
The values of the energy of cold work stored by 
1 g-atom of disordered Cus Au were about eight 
times as large as those stored in wires of a silver- 
gold alloy containing approximately 25 at. pct Ag 
drawn to comparable strains.*’ The short-range 
order in quenched samples of Cuz Au is greater than 
in silver-gold alloys’”***? and destruction of short- 
range order, therefore, is likely to make a greater 
contribution to the stored energy. The magnitude of 
this contribution can be estimated approximately 
from the quasi-chemical theory.** If the interaction 
energy is taken as 700 cal per g-atom*° and the 
short-range order coefficient is assumed to be re- 
duced to one-half of its initial value, as observed 
for filings of copper-gold™ and silver-gold alloys,”° 
a contribution of about 160 cal per g-atom results. 
This equals 70 pct of the total energy stored by 
disordered Cu; Au, whereas in a silver-gold alloy 
containing 75 wt pct Au the destruction of short- 
range order accounts for 32 pct of the total stored 
energy.’ Most of the balance of the energy stored 
by disordered Cu; Au is probably attributable to’the 
formation of subgrains as in the silver-gold alloy. 
Guttman* has stated that the value of the order- 
ing energy measured by Rubin et al.** in the same 
equipment and by the same procedure as those used 
in this investigation is ‘‘probably too low, both be- 
cause of partial ordering of the quenched disordered 
specimen, and partial disordering of the ordered 
specimen at the temperature of the experiments, 
350°C.’’ These ordering and disordering proc- 
esses, however, were not likely to occur and if they 
had occurred under the experimental conditions, 
they would not have affected the results. In the ex- 
periments referred to by Guttman (as in the inves- 
tigation reported here) samples were added from 
0°C to a tin-rich solution at 350°C. They had to 
slide a distance of about 32 in. in an inclined glass 
tube followed by a nearly free fall through a distance 
of approximately 20 in. The time required was of 
the order of 1 sec or less. The temperature along 
most of the path was below 350°C; the temperature 
of the samples, when they entered the bath, was not 


likely to be much above 0°C. Moreover, even if 
partial ordering or partial disordering had taken 
place during the passage of the samples from the 
storage tube to the bath, the associated heat effects 
would not have affected the measured values which 
depended only on the differences between the initial 
and final state of the samples and not on the path, 
provided adiabatic conditions were approximated 
after any ordering or disordering process began. 
2) Mechanical Properties—The hardness of the 
first lot of wires is plotted in Fig. 2 as a function 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


150,000 


120,000 


90, 000 


Ultimate Tensile Strength, psi ——=— 


60,000 
150,000 — = 
—3— 
120, O00 }— 
a 
— 
2 
a ——Initially Ordered Wires 
2 —-—-Initially Disordered Wires 
= 
0.9 1.2 1.5 1.8 2.1 2.4 2.7 
True Strain, In 


A 
Fig. 3—Yield strength and ultimate tensile strength vs 
true strain in wire drawing of initially ordered and initi- 
ally disordered Cu3Au. 


of strain. Their yield strength and ultimate tensile 
strength are shown in Fig. 3. At small strains the 
hardness of the ordered alloy increased more rap- 
idly than that of the disordered alloy. At inter- 
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Fig. 4—Ratio of stored energy to energy expended as a 
function of strain in wire drawing of ordered and disor- 
dered CugAu. 


mediate strains, the hardness of the ordered alloy 
passed through a slight maximum and then decreased 
up to the largest strains investigated. A similar 
maximum of the hardness of ordered Ni; Mn was ob- 
served by Dahl.” The yield strength and ultimate 
tensile strength of the ordered alloy decreased 
slightly or at least leveled off at large strains, 

while the ultimate tensile strength and probably 


Table |. Resistivity as a Function of Cold Work 


Resistivity Resistivity Resistivity Temperature 
True at 293.2°K, at 77.4°K at 4.2°K, Coefficient, * 
Strain Microhm-cm Microhm-cm Microhm-cm Microhm-cm —°K7* 


Initially Ordered Wire 


0.0 4.27 + 0.05(8)** 1.69 + 0.02(3) 1.07 + 0.02(3) 0.0122 + 0.0003 
0.19 6.07 + 0.01(3) 3.33 + 0.03(3) 2.65 + 0.03(3) 0.0127 + 0.0002 
0.80 8.97 + 0.01(3) 6.48 + 0.02(3) 5.83 + 0.04(3) 0.0115 + 0.0002 
1.42 10.51 + 0.01(3) 8.45 + 0.02(3) 7.89 + 0.01(3) 0.0095 + 0.0001 
2.28 11.37 + 0.04(3) 9.65 + 0.01(2) 9.26 + 0.01(2) 0.0080 + 0.0002 

Initially Ordered Strip*** 
0.0 4.43 + 0.09 Assumed to be 
0.06 4.86 + 0.07 0.012 at all re- 
0.13 5.51 + 0.09 ductions to ob- 
0.20 6.57 + 0.05 tain resistivity 
0.38 8.49 + 0.08 at 293.2°K from 
0.72 10.15 + 0.13 values at about 
0.95 10.99 + 0.08 300°K. 
Initially Disordered Wire 
0.0 11.32 + 0.04(8) 9.75 + 0.01(3) 9.37 + 0.02(3) 0.0074 + 0.0002 
0.11 11.42 +0.01(2) 9.81 + 0.03(3) 9.41 + 0.02(3) 0.0075 + 0.0002 
0.20 11.52 + 0.01(3) 9.93 + 0.03(3) 9.51 + 0.01(3) 0.0074 + 0.0002 
0.81 11.44 + 0.02(3) 9.85 + 0.01(3) 9.49 + 0.00(3) 0.0074 + 0.0001 
1.46 11.34 + 0.04(3) 9.76 + 0.03(3) 9.39 + 0.04(3) 0.0073 + 0.0003 
2.28 11.41 + 0.03(3) 9.86 + 0.01(3) 9.49 + 0.02(3) 0.0072 + 0.0002 
4 Initially Disordered Strip*** 

0.0 11.40 + 0.16 Assumed to be 
0.05 11.38 + 0.15 0.0074 at all re- 
0.16 11.46 + 0.09 ductions to ob- 
0.26 11.68 + 0.09 tain resistivity 

: "49 +0. from 
0.46 11.49 +0.12 at 293.2°K 
0.82 11.61 + 0.07 ae at about 
1.03 11.81 + 0.30 ; 

(average resistivity at 293.2°K)—(average resistivity at 77.4°K) 
293.2-77.4 


**Note: Number in brackets is the number of specimens for which values are included in the average. 
*4k\easured by B. Roessler on a single sample strained increasing amounts. See text for explanation of limits. 
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also the yield strength of the disordered alloy con- 
tinued to increase. 

Taylor and Quinney” found with decarburized 
steel and copper that the stored energy and the 
strength approached saturation at approximately 
the same strain. A comparison of Fig. 1 with 
Figs. 2 and 3 suggests a similar tendency of the 
disordered wire. The ordered alloy, however, be- 
haved differently. 

By integrating the yield strength vs strain up to 
any given strain, approximate values of the energy 
expended in the deformation may be found.*” The 
ratio of the stored to the calculated expended energy 
for initially ordered and disordered Cus Au is plotted 
in Fig. 4. 

At small strains the stored energy was a smaller 
fraction of the expended energy in ordered than in 
disordered Cu3;Au. This may be owing to the 
greater resistance to slip of the ordered alloy due 
to the presence of antiphase domains. At small 
strains changes in the stored energy of cold work 
were similar for both initial states, but the yield 
strength of the ordered alloy was higher than that 
of the disordered alloy. (It must be emphasized 
that since the measured values of the stored energy 
and yield strength are least accurate at very small 
strains, it is not possible to determine accurately 


the exact position of the maximum in Fig. 4. Added 
in proof, December 23, 1959: If smoothed curves 
rather than the individual measured values are used 
to represent the variation of the stored and expanded 
energy with strain, the maximum in Fig. 4 is no 
longer present.” This point is in need of further 
investigation.) At large strains, a larger amount of 
energy was stored by the initially ordered than by 
the disordered alloy and the ratio of stored to ex- 
panded energy was larger in the former. 


3) Electrical Resistivity—The resistivities at 
room temperature, in liquid nitrogen and in liquid 
helium are presented in Table I. (Since the values 
for a mixture of dry ice and trichloroethylene 
showed the same trend, they are not listed.) The 
temperature coefficients between liquid nitrogen 
and room temperature are given for wire speci- 
mens reduced different amounts. 

The resistivity of the ordered alloy changed with 
strain in a similar manner to the energy content. 
The resistivity of the disordered alloy went through 
a maximum at small strains. Data reported by 
Dahl? and Jaumot and Sawatzky*® showed similar 
maxima. The values measured at 4°K in the in- 
vestigation reported here also went through a maxi- 
mum. The existence of the maximum, therefore, is 
due to changes in the residual resistivity. The tem- 
perature coefficients of the disordered specimens 
decreased with cold work and at the largest strain 
the coefficient, as determined by a least-mean- 
square analysis, was 3 pct lower than that of the 
annealed material. 

The decrease of the resistivity of disordered 
Cuz Au at an intermediate strain may be due to the 
destruction of short-range order. Damask found 
that the resistivity of Cus Au quenched from above 
the critical temperature* decreased with an in- 
crease in the temperature from which the specimens 
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Table Il. Degree of Long-Range Order S as a Function of 
Cold Work by Rolling 


Order Parameter S 


{110} {100} 


110 
rat: from ratios 
True Strain {2003 
0.09 0.89 0.87 
0. 26 0.70 0.67 
0.49 0.63 —* 
0.89 0.55 —* 


*{100} too weak. 

Note: The ratios were compared with those in the unworked speci- 
mens of ordered Cu,Au to determine S. In the unworked specimens S 
was 0.85; it was determined by comparing the measured {1003/1200} 
ratio to the calculated value as described in the text. 


were quenched. The resistivities of Nis Mn? and 
copper-palladium alloys*® quenched from above their 
respective critical temperatures decreased continu- 
ously with cold work in contrast to the results for 
alloys with no appreciable short-range order.*® 

Although the resistivities of the wire specimens 
of ordered and disordered Cus; Au at the largest 
strain were almost identical at room temperatures, 
they had different temperature coefficients and at 
low temperatures the resistivities differed signifi- 
cantly. This difference was first observed by 
Seemann and Glander.* 


4) X-Ray Scattering and Structural Features— 
Long-Range Ordery—The degree of long-range order 
in the rolled strip was determined by comparing the 
ratios of the areas under certain peaks. These ra- 
tios appear in Table II. The use of the ratio of con- 
jugate fundamental and superstructure peaks elimi- 
nated the effects of texture introduced by cold work. 
The degree of long-range order in a specimen of 
annealed strip was determined by integrating the 
areas of the {100} and {200} peaks and comparing 
their ratio to the theoretical ratio.*® The latter was 
calculated, using the Hénl correction** of the scat- 
tering factors.*° The individual scattering factors 
were corrected for temperature.* The order pa- 
rameter S found in this manner was 0.85 for the 
annealed specimens. The values for the cold-worked 
specimens are listed in Table II. (Since the ratios 
of conjugate peaks varied at most 6 pct, the re- 
ported values of the order parameter S have a max- 
imum error of + 12 pct, as the ratio in the cold- 
worked alloy was compared to that in the annealed 
alloy to determine S at any reduction. The increase 
in long-range order after straining to 0.09 can be 
explained by this error and a possible decrease in 
extinction and is not considered real.) 

With increasing cold work the rolling texture, 
characterized by {1 10} planes parallel to the sur- 
face, tended to increase the area of the {110} peak. 
Although mechanical disordering by cold work re- 


duced the long-range order, the simultaneous devel- 
opment of preferred orientation was sufficient to 
keep the {110} peak strong even at the largest reduc- 
tion investigated. However, the integrated intensity 
of the {100} peak was reduced both by the develop- 
ment of preferred orientation and the reduction of 
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Fig. 5—Fourier coefficients, Cn» VS distance (A). Ordered 
and cold-worked Cu3Au. Coefficients corrected with those 
from peaks of annealed sample and normalized. 


order. At strains above 0.3, this peak was too weak 
to permit the evaluation of the {100}/{200} ratio. 

Line Broadening—An examination of the diffraction 
patterns of the ordered specimens showed that with 
increasing cold work, the superstructure lines 
broadened more than the fundamentals. The broad- 
ening was comparable to that occurring during an- 
nealing Cu; Au to obtain long-range order*”’ and was 
especially pronounced in the tails of the superstruc- 
ture lines. At a strain of 0.26, the {110} peak was 
slightly broader than the {100} peak regardless of 
whether a Gaussian or Cauchy correction was made 
using the line breadths of the annealed sample to 
isolate the effects of cold work. This effect was 
apparently masked in part, because the broadening 
due to distortion and that due to reduction of sub- 
grain size depended on crystallographic direction in 
a different manner from that of the broadening due 
to the reduction in order. As a result, the {200} 
peak was broader than the {220} peak. 

To examine the substructure quantitatively, the 
peaks were represented by Fourier series in re- 
ciprocal space, and the coefficients of this series 
were obtained by inversion with Lipson-Beevers 
strips. An ordered and a disordered specimen 
deformed to true strains of 0.26 and 0.29, respec- 
tively, were chosen as these strains caused ap- 
preciable broadening without overlap of the peaks. 
A general sine and cosine series was used to take 
into account any asymmetry of the peaks due to 
-unresolved doublets or cold work. The intensity 
of a peak at any angle 20, P,9, may be expressed 
by the Fourier series . 


Po = RUN, C,exp (—20inhs) [1] 
n 


where N,, is the total number of cells diffracting and 
hz, equal to (2a3 sin 6)/A, is a variable in reciprocal 
space; az is the lattice parameter of the orthogonal 
cell equivalent to the cubic unit cell of the alloy. 

Eq. [1] applies to the (00A) reflection from the 
equivalent orthogonal lattice. To obtain the changes 
due to cold work alone, the coefficients C, were 
corrected by dividing by the coefficients obtained 
from the corresponding lines of the annealed speci- 
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Table III. Subgrain Size and Microstrain in Initially Ordered and 
Disordered Strip After Cold Work by Rolling 


Ordered: True Strain = 0.26 Disordered: True Strain = 0.29 


Direc- Subgrain RMS Micro; Direc- Subgrain RMS Micro- 

tion Size, Strain at50A tion Size, Strainat SOK 
<llib 810 <11b 580 
<200> 540* 0.0012 <200> 560* 0.0014 
<220> 570 <220> 525 
<100> 320* Taken same 

as in <200> 

<110> 170 


*Strain eliminated; the strain contributed in other directions was 
neglected. 


men.** Typical coefficients are plotted in Fig. 5, 
which shows the difference in broadening of the 
fundamental and superstructure lines. 

Warren and Averbach*® have shown that the co- 
efficients of the series representing a fundamental 
reflection, after cold work, may be expressed as the 
product of a coefficient due to particle size and one 
due to microstrain: 


C, = Ch (1 — 20718 n? <e?>a3/a8) [2] 


cr is the particle size coefficient, <e?> is the av- 
erage of the square of the microstrains over a col- 
umn of length va; normal to the reflecting plane, 

1g = h? + k? + 17, and 4 is the true lattice parameter. 

The effects of particle size and microstrain may 
be separated. If In C, is plotted against 7%, the 
slope gives <e*> and the intercept the coefficients 
ce The initial slope of the curve of C;, vs na, 
yields the average size of the coherently reflect- 
ing regions normal to the reflecting plane. 

This analysis was performed with the first two 
fundamental orders of the {111}, {200}, and {220} 
reflections. (The {440} reflection was obtained with 
molybdenum radiation and a zirconium filter.) The 
second-order lines were broadened sufficiently to 
make it possible to obtain a microstrain in the di- 
rection normal to the {200} planes, but not in other 
directions. The elastic compliances calculated from 
published data for Cus Au,°”® suggest that the strain 
should be smaller in the <111> and <220> direc- 
tions than in the <200> direction. To obtain the 
particle-size contribution to the {100} reflection, the 
same microstrain was assumed as in the <200> di- 
rection and the {100} coefficients were extrapolated 
to h?+ k?+17=0. No correction for microstrain 
was made to the {110} peak. The results are listed 
in Table III. 

The effective particle sizes were smaller when 
obtained from the superstructure peaks than the 
sizes obtained from the fundamental peaks in the 
same crystallographic direction. This is shown in 
Appendix I to be due to the presence of antiphase 
domains. If the microstrains are independent of the 
domain size, the coefficients of the Fourier series 
may be written as: 


[3] 


ee , the term due to antiphase domains, is equal to 
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peaks. Initially ordered Cu,Au strip rolled to a strain of 
0.26. 


<exp (—7/sana;)> where aq is the probability density 
of finding a domain boundary in the distance na; and 
the average is taken over m cells. The assumption 
that the microstrains and domain size are independ- 
ent appears to be justified, because the microstrains 
in the ordered and disordered samples were similar 
at the reduction of the samples investigated, see 
Table III. 

By extrapolating a plot of InC, vs Jé obtained from 
the coefficients of the {200} and {400} peaks to the 
position of the {100} peak, and dividing the value at 
this point for each into the actual coefficient of 
the {100} peak, C42 may be obtained. The logarithm 
of this coefficient plotted vs na, should be a straight 
line, the slope of which is —%3 a. 

This extrapolation was possible for the {100} re- 
flection. The {110} peak was corrected with the 
coefficients from the {220} peak, since the strain 
normal to these planes was small, as previously 
mentioned. The results are presented in Fig. 6. 
The fact that the lines are straight is consistent 
with the model of deformation based on the assump- 
tion of reduction of antiphase domain size during 
cold working of an ordered alloy. The resulting 
domains appear to be of anisotropic shape. The 
anisotropy is similar to that which develops during 
ordering. 

5) General Discussion—The destruction of long- 
range order in CusAu by cold work is a gradual 
process. In particular, the resistivity and the en- 
ergy content, which are directly related to the state 
of order, increase to the values of the disordered 
state over a large range of strains. 

The ratios of energy stored to energy expended 
in cold working ordered and disordered Cu; Au are 
comparable to those measured after cold working 
random solid solutions. This is consistent with the 
assumption of larger forces required for the mo- 
tion of dislocations as the atomic configuration 
becomes more difficult to disturb. At low strains 
_ the ratio of stored to expended energy is smaller 
for ordered than disordered Cu; Au; this suggests 
an effect of hardening by domain reduction. Ata 
strain of about 0.7 the magnitudes of the ratios re- 
verse and at higher strains the ordered alloy stores 
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a larger percentage of the expended energy than the 
disordered alloy. 

The deformation of ordered and disordered Cu3Au | 
is accompanied by the usual development of sub- 
grains and microstrains. In the cold-worked or- 
dered, but not in the cold-worked disordered alloy, 
the subgrain size is larger in the <111> than in 
other directions. This may be attributed to the re- 
sistance to deformation offered by antiphase domain 
boundaries. An alternative explanation of the ani- 
sotropy of the subgrain size of the ordered alloy, 
which does not involve the effect of antiphase do- 
main boundaries on slip, is that stacking faults form 
more readily in the ordered than in the disordered 
alloy.°” In addition to anisotropy, stacking faults 
should produce a small decrease in the separation 
of the {111} and {200} peaks.” A further slight de- 
crease in their separation can be expected from the 
increase in lattice parameter on disordering.** The 
measurements were not sufficiently precise to es- 
tablish these effects with specimens worked only to 
a strain of about 0.3. 

The destruction of order is associated with a re- 
duction in domain size. Wilson® has considered 
several possible planes for antiphase domain bound- 
aries and the resultant probabilities of crossing a 
boundary in different directions. If the domain 
boundaries lie in any given family of planes, the 
difference in probability of crossing a boundary, 
obtained from different superstructure peaks, re- 
sults only from differences in the choice of direc- 
tion. The large difference of the probability 
density in the <110> and <100> directions found 
in this investigation is not consistent with domain 
boundaries lying in {100}, {110}, or {111} planes, but 
is consistent with one model suggested by Wilson. 

In this model domain boundaries are so situated that 
gold atoms tend to avoid each other. Boundaries in 
this model form in {100} planes by a displacement 
in the <110> direction. This model, however, would 
not explain the observed broadening of the {100} 
reflection; additional domain boundaries must lie 

in some other plane or planes, as pointed out by 
Wilson. After plastic deformation such additional 
boundaries are likely to lie in {111} planes. In 

this case the exponential term for eta is 


k+1 4y ut+v+w 
-L 3/3 Te ) tor the {100} re- 


flection, where u, v, w represent h, k, 1 arranged 
in order of decreasing magnitude. (h + k) replaces 
(k + 1) in the expression for the {110} reflection. 
The probability density, y, of finding domain bound- 
aries on the slip plane is then 0.00166A~? and the 
probability density, 8, for the {100} planes is 
0.00158A~*. Flinn® suggests a model which per- 
mits boundaries to lie partly in {111} and partly in 
{100} planes after deformation. He points out that 
paired dislocations may climb or separate to dif- 
ferent slip planes during deformation to allow the 
domain boundary between the members of the pair 
to form on {100} planes, where the energy of the 
boundary is lowest in Cus;Au. The reciprocals of 
the probability densities, 8 and y, represent the 
distance between domain boundaries, that is, the 
domain size. These distances in the <100> and 
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Table IV. Estimated Terms of Stored Energy in Cold-Worked Cu3Au 


Ordered: True Strain = 0.26 


Energy due to: 


Interfaces 
Anti-phase domain boundaries 
Elastic strain 


9 cal/g-atom 
2.6 —7.3 cal/g-atom 
0.5 cal/g-atom 


Sum of estimated terms 12-17 cal/g-atom 


Measured energy 90 cal/g-atom 


Disordered: True Strain = 0.29 


Energy due to: 


Interfaces 
Destruction of short-range order 
Elastic strain 


10.4 cal/g-atom 
20 cal/g-atom 
0.6 cal/g-atom 


Sum of estimated terms 31 cal/g-atom 


Measured energy 35 cal/g-atom 


<111> directions are 630 and 600A, respectively; 
that is, they are of the same magnitude as the size 
of the subgrains. The climb and separation may 
then be associated with the polygonization result- 
ing from deformation. 

The constituent terms of the stored energy were 
estimated for the two cold-worked specimens in- 
vestigated by analysis of line broadening. The ob- 
served values of antiphase domain size and subgrain 
size in various directions were weighted by the mul- 
tiplicity of the corresponding reflections. The en- 
ergies associated with these interfaces were found’® 
from published values of the domain boundary en- 
and interfacial energy. Strain energies 
were calculated with the observed microstrains and 
published elastic constants.® Destruction of short- 
range order in the disordered alloy was assumed to 
be approximately linear with true strain in this alloy 
or about one-eighth of the value calculated for the 
largest strain in Section 1) above. The estimated 
terms of the energy are listed in Table IV. The 
measured energy of the disordered alloy is satis- 
factorily accounted for, but this is not the case for 
ordered Cus Au. 

The large difference between the measured stored 
energy in ordered Cu; Au and the sum of the calcu- 
lated terms points to the need for refining the model 
used in the calculations, which assumes that the 
destruction of long-range order occurs entirely by 
reduction of antiphase domain size. The following 
additional factors should be considered: 

1) The specific interfacial energy is appreciably. 
larger in the ordered than in the disordered state 
or the specific domain boundary energy is an order 
of magnitude larger than reported values. Neither 
of these explanations, however, is likely. 

2) The domain size is an order of magnitude 
smaller than that determined from the X-ray dif- 
fraction data. Such a value could be calculated from 
the relation of Jones and Sykes*” applied to the val- 
ues of the resistivities of the annealed and cold- 
worked ordered strips. However, this relation was 
derived for thermal ordering of Cu3Au, where local 
order reaches equilibrium quickly followed by do- 
main growth, and not for mechanical disordering, in 
which the domain configuration is probably different 
and in which the reduction of domain size and local 
disordering may take place simultaneously. 

3) Isolated regions or a continuous network of 
disordered or partially disordered material may 
exist in the alloy after cold work. The average 
thickness of such a network, assuming it is com- 
pletely disordered would have to be about 24A to 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


account for the measured stored energy, if the net- 
work completely surrounds domains of the average 
size measured in this investigation. 

4) The long-range order within domains may be 
gradually reduced during deformation. 

The mechanisms suggested in 3) and 4) or a com- 
bination of them appear to be most likely, but the 
available information does not permit a definite 
choice. 

In contrast to the energy content and resistivity, 
which have different values in the ordered and dis- 
ordered alloys before deformation, the initial 
plastic yielding of the ordered and disordered al- 
loys occurs at similar stresses, but these stresses 
diverge rapidly because of the greater strain hard- 
ening of the ordered alloy, probably owing to the 
reduction of domain size by deformation. The re- 
sulting increase in domain boundary area makes 
further cold work more difficult than if no bound- 
aries were present. After a moderate strain a 
minimum size is reached. Alternatively, further 
size reduction is not effective because at a very 
small size the importance of the domain interior 
decreases relative to the boundary. The plastic 
properties of the initially disordered alloy then 
gradually approach those of the initially ordered 
alloy. 


SUMMARY AND CONCLUSIONS 


1) a) Cold work, by a process of mechanical dis- 
ordering, raises initially ordered Cu,;Au in its en- 
ergy well. At a true strain of 1.7, the energy content 
of drawn wire was the same as that of the unworked 
disordered alloy. With further cold work the en- 
ergy continued to increase. Ata scrain of 2.3, the 
total increase in energy was 628 + 12 cal per g-atom. 

b) Initially disordered specimens of Cu;Au also 
stored appreciable amounts of energy. At a strain 
of 2.3, the energy content of drawn wire of the dis- 
ordered alloy was 227 + 17 cal per g-atom. 

c) The rate of increase in energy content vs 
strain was larger for the initially ordered than the 
initially disordered specimens. 

2) a) At small strains the hardness of ordered 
Cu; Au increased more rapidly than that of the dis- 
ordered alloy. The values in the unworked state 
were nearly equal. 

b) The hardness of the initially ordered alloy 
passed through a slight maximum at moderate 
strains, while that of the initially disordered alloy 
continued to increase over the entire range. The 
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hardness of the two alloys was approximately equal 
at a strain of 2. 

3) a) The yield strength of the ordered alloy was 
larger than that of the disordered alloy, except in 
the unworked state, and increased more rapidly up 
to intermediate strains. 

b) The ultimate tensile strength of the ordered 
alloy was larger than that of the disordered alloy 
in the unworked state. Both increased with strain 
at comparable rates up to large strains. 

c) At large strains the yield strength and the ul- 
timate tensile strength of the ordered alloy de- 
creased slightly or at least leveled off, while the 
ultimate tensile strength and probably also the 
yield strength of the disordered alloy continued 
to increase. 

4) a) At large strains, initially ordered CusAu 
stored a greater fraction of the energy expended 
than did the disordered alloy; at small strains the 
reverse was true. 

b) Despite the large difference between the 
amounts of energy stored by the ordered and dis- 
ordered alloys, the ratio of stored to expended 
energy was of comparable magnitude in ordered 
and disordered Cu; Au and similar to that found in 
other systems. 

5) a) The resistivity of the initially ordered alloy 
increased with cold work rapidly toward the value of 
the disordered alloy. The temperature coefficient 
decreased with strain but remained larger than that 
of the disordered alloy. 

b) With cold work the resistivity of the disordered 
alloy went through a shallow maximum, followed by 
aminimum. The temperature coefficient of resis- 
tivity decreased by 3 pct after severe straining. 

6) a) The superstructure peaks in a diffraction 
pattern of initially ordered Cu; Au broadened more 
than the fundamental peaks as a result of cold work. 
The {110} peak was broader than the {100} peak. This 
was masked, however, by a greater broadening due 
to particle size and microstrain in the <200> than 
in the <220> direction. The additional broadening 
shows that domain size reduction occurs and an 
analysis yields values of the size. 

b) The subgrains were anisotropic in the cold- 
worked ordered, but not in the cold- worked disor- 
dered alloy. In particular in the <111> direction 
the subgrain size was larger in the cold-worked 
ordered alloy than in other directions suggesting 
that antiphase domain boundaries offered resistance 
to slip, or that stacking faults were more numerous 
in the ordered alloy after cold work. 
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APPENDIX I 
By J. B. Cohen 


The Additional Broadening Due to Antiphase Do- 
mains of the Superstructure Lines Diffracted from 
a Cold-Worked Ordered Alloy -FCC A;B—The deri- 
vation of the distribution of intensity in a peak dif- 
fracted from an ordered and deformed specimen 
follows that presented by Warren and Averbach*”*’ 
for broadening due to strains and incoherently re- 
flecting regions in a cold-worked crystalline 
material. 

The intensity per crystal (J), in electron units, 
diffracted from any point in reciprocal space may 
be expressed as: 


I = exp {8 ~ So) 
m, m, m, mit ms 
where: F = the structure factor 
(F* = its complex conjugate), 
S, S, = unit vectors representing the dif- 


fracted and incident beam respectively, 
dX = wavelength of the radiation, 
S— 80 = + + hsbs where the 
b’s are lattice vectors in the reciprocal lattice, 
r, = a lattice translation from any atom 
in a unit cell to the corresponding atom in another 
cell, 


= ™1a1 + M2a2+ M3a3 + 


The a’s are lattice vectors in the real lattice, the 
m’s are integers and 6, represents the additional 
translation due to distortion. 


X a3 


a1°a2X a3 


L= DED Ey FF* exp [- (m,— 


m 


m;)h, | 
—exp|- B= So) So) 


Consider an orthorhombic lattice and a (00A) re- 
flection: 


S— So 


S—So 


_ 2 sin @ 


where @ is the angle of diffraction or one-half the 
angle between S and So. 


= Hooa = 


exp R, |; 


where m = number of atoms in the unit cell and 
R, = Pa, + Qaz2+ Ra;. 
Letting (Z,,— Z,,) = Z, and integrating the intensity 
with respect to dh,, dh2 with h,d |b, | = ae 
the diffracted power as a function of 26 becomes: 

x exp [—277 Z hs]. 
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6, = X,,a,+ Y, a2+ Z,, a3. 


The intensity in the b,, bz directions has been 
projected onto the bs direction. The number of 
cells, N,, having a given separation n = (m,—™3), 
is summed over columns in the b, direction mul- 
tiplying each sum by the term FR* [exp — 27iZ nh; | 
averaged over all cells of the spacing n. Then: 


Bag <F F* exp(—21iZ,h,)> 


x exp (—27inhs). [1] 


Ne /N is a normalized particle size coefficient, OP. 
As the coherently reflecting particles decrease in 
size, C,, falls more rapidly with increasing n. 


If distortion is symmetrical around the reciprocal 
lattice point, then only the cosine term is needed in 
the first expontial term of Eq.|1]; using the cosine 
series expansion, with h, = A: 


<cos Z,h,)> = 20?A?n?<e2> [2] 
where <€*> is the average of the squares of the 
strains in a column of cells of length n. 

Wilson® has shown that the structure factor for 
fundamental reflections from an fcc A,B alloy is 
unchanged by the presence of domain boundaries. 
That is, FF* is independent of and may be fac- 
tored from [1]. The expression for particle size 
and strain broadening for the fundamental peaks 
diffracted from a cold-worked ordered alloy is 
that presented by Warren and Averbach.”” 


n 0 


x exp [— 277 nh, |. [3] 


It must be remembered that for the equivalent 
(00A) reflection from an orthorhombic cell: 


where a, is the true lattice parameter and 


However, when antiphase domains are present 
FF* cannot be factored from [1] in the expression 
for superstructure lines, since it depends on 7. 
Wilson has shown that in this case: 


FF*= exp 4aL)(f,, —f cu)” 


where q@ is the probability density of finding a do- 
main boundary in the distance L = va,. If the do- 
main size is considered independent of the strains, 
then, since the average of two independent products 
is the product of the averages of the two terms: 


=k” cP CP exp (—2rinh,) [4] 
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where: 
N, 
CAD <exp— aL> 


This general is suitable for separating 
antiphase faulting from broadening effects that may 
arise due to moderate amounts of plastic deforma- 


tion or from strains and substructure resulting 
from transformations or rapid quenches. 
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Influence of Crystallographic Order on 


Creep of 


lron-Aluminum Solid Solutions 


Creep curves at constant stress were recorded for solid 
solutions containing 0 to 28 at. pct Al, at temperatures in the 
neighborhood of the order-disorder transformations. The creep 
resistance changes very rapidly close to the critical tempera- 


tures; it is concluded that the state of order determines the 


A. Lawley 


creep resistance. The alloys exhibit initially accelerating tran- 


sient creep, which is attributed to a stress-induced change in 
order; in some instances this effect resulted in intermittent 


negative creep. 


WHILE the creep properties of pure face- 
centered-cubic and close-packed-hexagonal metals 
have been thoroughly investigated and are well 
established, body-centered-cubic metals have been 
studied less extensively. Moreover, very few fun- 
damental studies on the creep of solid solutions, 
irrespective of crystal structure, have been re- 
ported. The present study is concerned with the 
creep of a series of body-centered-cubic solid 
solutions. 

The present position concerning creep of pure 
metals is, briefly, as follows.’"* Creep at first 
takes place at a steadily decreasing rate; this is 
the stage termed primary or transient creep. Ex- 
cept at the lowest temperatures this is succeeded 
by a stage of secondary or steady-state creep. At 
high temperatures and stresses, this may be suc- 
ceeded by an accelerating stage, termed tertiary 
creep, with which we shall not here be concerned. 

There is no well-defined physical model at pres- 
ent for the transient stage; in general terms, tran- 
sient creep is best regarded simply as a manifes- 
tation of work-hardening. Steady-stage creep can 
certainly take place by several different mecha- 
nisms; the choice of dominant mechanism depends 
primarily on temperature. We shall here be con- 
cerned only with high-temperature steady-state 
creep, a term usually reserved for creep at ab- 
solute temperatures higher than 0.5 T,,, where T,, 
is the melting point. In this range, the activation 
energy for creep is, for many metals, equal to the 
activation energy for self-diffusion, and this is gen- 
erally interpreted in terms of a ‘‘climb mecha- 
nism.’’*-* The creep rate is determined by the 
speed at which dislocations, impeded by obstacles 
the nature of which is disputed but which are proba- 
bly established during transient creep, can climb by 
means of a diffusion process, until they are able to 
by-pass the obstacle. 

In solid solutions, the intrinsic resistance to the 
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slip motion of dislocations may be much larger than 
in the solvent, to the extent that the motion of dis- 
locations in the glide plane, rather than their es- 
cape by climb out of this plane, may become the 
rate-controlling factor. Weertman® has considered 
this possibility from a theoretical point of view, and 
concluded that some form of ‘‘viscous slip’’ is likely 
to be rate-controlling at comparatively low stresses. 
The resistance to slip may arise from ‘‘atmos- 
pheres’’ of impurities forming around dislocations; 


a high Peierls force in materials of high cohesion; 
or some structural peculiarity such as clustering 
or ordering of solute atoms.® We shall be con- 
cerned here with the case of ordering. 

The only published investigations concerned ex- 
plicitly with the effect of order on creep refer to 
creep in 6-brass by Herman and Brown,’ and in 
Ni-Fe alloys, by Kornilov and Panasyuk® and by 
Suzuki and Yamamoto.® Recently, Herman and 
Brown’s paper has been supplemented by a deter- 
mination of the tensile yield point of B-brass as a 
function of temperature.’® Both studies showed a 
sharp drop in resistance to deformation of B-brass 
over a range of a few degrees just above the cri- 
tical temperature T, at which order finally disap- 
pears. These observations are especially note- 
worthy, because in 8 brass the degree of order 
diminishes steadily to zero as the temperature 
approaches T,. It is, therefore, the disappearance 
of the last traces of long-range order which has the 
largest effect on the resistance of the alloy to plas- 
tic deformation. 

In the Ni/Fe alloys of various compositions, re- 
sistance to creep at a given temperature and stress 
is maximum at the stoichiometric composition, both 
below T, (long-range order), and above T, (short- 
range order).* Near T, , the creep resistance of an 
ordered alloy is much higher than that of the same 
alloy in the disordered condition. 

The aim of the present investigation was to study 
the creep behavior in the neighborhood of T,, of 
another system of ordering alloys. The iron-alumi- 
num alloys were considered the most suitable, be- 
cause: i) The order again diminishes steadily to 
zero as the temperature approaches T,; there is 
no sudden drop in order at T,, and it therefore is 
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Fig. 1—Crystal structures of “Fe3Al” and “FeAl” super- 
lattices. 


possible to study the effect of small amounts of 
order; ii) The crystallography and ordering be- 
havior of these alloys has been studied in detail in 
the authors’ laboratory, and elsewhere; the details 
of this behavior are, however, more complex than 
was suspected when the creep investigation was be- 
gun. iii) The alloys have a very high resistance to 
oxidation, which obviates the need for protective 
atmospheres. 


CONSTITUTION OF IRON-ALUMINUM SOLID 
SOLUTIONS 


The crystallographic structures of the ordered 
phases, which appear in the range 25 to 50 at. pct 
Al, were first determined by Bradley and Jay.”* 
Fig. 1 shows the two types, of superlattice which 
they found. Type (a), which we shall term ‘‘Fe, Al- 
superlattice,” is so arranged that each aluminum 
atom has only iron atoms as both first and second 
nearest neighbors. Type (b), the ‘‘FeAl superlat- 
tice’’ persists at aluminum contents much lower 
than the stoichiometric composition, and differs 
from type (a) in that first-nearest neighbors of 
aluminum atoms are iron atoms, insofar as the 
composition permits, while second nearest neigh- 
bors may be either iron or aluminum, at random. 

Fig. 2 shows the authors’ best estimate of the 
rather complex equilibrium relations in the iron- 
rich part of the Fe-Al alloy system.**”*° In field A, 
a Fe;Al-type superlattice exists. In field B there 
is a FeAl-type superlattice, necessarily highly 
imperfect because there is much less than the 
stoichiometric aluminum content. High-tempera- 
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Fig. 2—Constitutional diagram of iron-rich Fe/Al solid 
solutions. 


ture X-ray studies’* show that the degree of order 
diminishes steadily as the A/B boundary (~ 540°C) 
is approached, and at this boundary all second- 
nearest-neighbor ordering has vanished. 

Field C has no superlattice, but at compositions 
near the B/C boundary there is a considerable de- 
gree of short-range order.** In field D, there is 
again a form of long-range order, of an unusual kind 
in that the linear dimensions of the antiphase do- 
mains never exceed a few atomic diameters.**? In 
field E ordered transition structures are present; 
the exact structure depends very sensitively on 
composition here. 

The present knowledge concerning this equilibrium 
diagram will shortly be reviewed in a separate paper. 


EXPERIMENTAL METHODS 


Creep tests were carried out on pure iron and on 
alloys containing between 10 and 27 at. pct Al, 
Table I. These alloys were all made from high- 
purity components. The carbon content was 0.03 pct 
maximum; in the alloys cast at Eindhoven, specially 
purified carbonyl iron was used, and the carbon con- 
tent was very low. All alloys were chill-cast in 
vacuum, * hot-rolled, shaped into tensile specimens 

*The Eindhoven alloys were cast in a special furnace*® which per- 
mitted purification of the iron immediately before casting. 
and annealed in vacuo at 800°C. A typical recrys- 
tallized grain size was 0.07 mm. 

The specimens, of 17/,.in. gage length, were held 
in ‘‘Nimonic’’ grips in a tubular furnace, constructed 


Table |. Composition of Alloys 


At. Pct Al Source 

0 (Deoxidised high-purity iron) British Iron and Steel Research 

Association 

10.7 Birmingham (arc furnace cast) 
19.4 Ford Scientific Laboratories 
22.0 U.S. Naval Ordnance Laboratory 
23.5 Philips, Eindhoven 
24.7 Philips, Eindhoven 

24.8 Birmingham (vacuum cast) 

25.5 Philips, Eindhoven 

27.8 U.S. Naval Ordnance Laboratory 
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Fig. 3—Creep apparatus. 
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so that the temperature was uniform to +1°C along 
the length of the specimen. Before each test, the 
temperature was allowed at least 2 hr to become 
constant and uniform. 

The stress was applied by means of specially de- 
signed spiral springs, Fig. 3. The dimensions of 
each spring were such that, for a particular initial 
compression of the spring, the relaxation of the 
spring during creep just balanced the reduction of 
cross section of the specimen. The tensile stress 
was thus kept constant to a high precision. 

The creep extension was continuously measured, 
at the head of the loading spring, by the use of a set 
of four electric resistance strain gages, cemented 
to a semicircular ‘‘clip gage’’ of beryllium copper, 
and arranged in a bridge circuit. The out-of-balance 
voltage from the bridge circuit was recorded ona 
variable-range chart recorder. On the most sensi- 
tive range, a creep strain of 0.002 pct could be 
detected. 

The oxidation resistance of the alloys was so good 
in the temperature range used for the creep tests 
that no artificial atmosphere was needed. 
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EXPERIMENTAL RESULT 


Types of Creep Curve—Four distinct types of 
creep curve were encountered. The first, Fig. 4(a), 
was observed when pure iron was tested. A tran- 
sient stage with a steadily decreasing creep rate 
was followed by a steady state. The type of tran- 
sient shown by iron is termed a normal transient. 
Fig. 4(0) shows the type of creep curve shown by 
most of the alloys at temperatures near T.. A 
pronounced inverse transient, during which the 
creep steadily accelerates, is followed by a steady 
state. The type of curve shown in Fig. 4(c) was 
restricted to the 27.9 pct alloy, and comprises an 
inverse transient followed by a normal transient 
and then a steady state. The fourth type of plot, 
found for all alloys at temperatures well above or 
well below T,, was a straight line, devoid of any 
transient stage. 


Creep Recovery Tests—The primary aim of the 
experimental program was to determine the vari- 
ation of creep resistance with temperature. The 
apparatus used did not permit rapid changes of 
specimen temperature, and therefore it was neces- 
sary to find out whether the creep resistance of the 
material was altered by the anneal, in the absence 
of stress (during the period while the specimen was 
being stabilized at a new temperature). This ques- 
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tion was investigated by suddenly unloading the 
specimen during the period of steady-state creep, 
leaving the stress off for some minutes or hours, 
and then reloading to the same stress as before. 
In these creep recovery tests the temperature was 
held constant throughout. 

Pure iron behaved in the way shown in Fig. 5(a). 
Heating in the absence of stress restores the nor- 
mal transient. This kind of behavior appears to be 
characteristic of pure metals, and was thoroughly 
explored by Kennedy’ in experiments on the creep 
of lead. Such recovery effects follow naturally if 
the normal transient is regarded as a form of work- 
hardening and the steady-state creep as a balance 
between work-hardening and simultaneous recovery. 
The removal of the stress obviates the work-hard- 
ening, but recovery goes on. Kennedy showed that 
this interpretation permitted a quantitative under- 
standing of his results. 

Fig. 5(0) shows the behavior of an alloy which is 
liable to inverse transient creep. Here, the recov- 
ery anneal increases the resistance to subsequent 
creep. 

In each case, the renewed transient after recov- 
ery is again followed by steady-state creep, the rate 
of which is always identical with that found before 
the recovery anneal. The implication of this is that 
the duration of the stress-free anneal to which a 
specimen is inevitably subjected while it is settling 
to a new temperature, will not affect the value of 
the steady creep rate which is obtained at the new 
temperature. A series of steady-state creep rates 
at different temperatures can therefore be obtained 
from a single specimen, and a significant activation 
energy found from these rates, without reference to 
the thermal history of the sample. A rapid change 
of temperature, as was used by Dorn? and his col- 

‘laborators, is necessary only when measurements 
are made of transient creep rates. 
Creep-Rates as a Function of Temperature at 
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Fig. 6—Steady-state creep rate as function of temperature, 
24.8 at. pct Al (medium temperature range). 


Constant Stress— Figs. 6, 7, and 8 show the collected 
data for the steady-state creep rate, as a function of 
temperature, for the alloy containing 24.7 to 24.8 at. 
pet Al. The good agreement between the various 
sets of duplicate data is evidence that the anomalous 
changes in creep rate at certain temperatures are 
physically genuine. 

In most tests, the procedure was to measure the 
first creep rate at a low temperature, continue tests 
at progressively higher temperatures and then to 
cover the same temperature range once more ina 
descending sequence of temperatures. In some 
tests, a random sequence of test temperatures was 
employed; thus, in Fig. 6, numbers are placed 
against individual points to indicate the serial or- 


der of the tests. The aim of this procedure was to 


assure that any influence of heat-treatment history 
on creep rates should be detected. (At the lowest 
temperatures examined, near 500°C, the initial 
creep rate was often zero; after an induction period 
which might be-as much as 1 hr, creep began sud- 
denly). 

In the medium temperature range, above T,, 

Fig. 6, the plot of log (creep rate) against 1/T was 
always an accurate straight line. This implies that 
the creep rate is determined by a single thermally 
activated process, the activation energy for which 
is indicated in the Figure. The position of the 
individual points, subject to experimental scatter, 
is independent of the previous creep history of the 
specimen. In this temperature range there was 
hardly any transient creep, and initial creep rates 
are therefore not marked in Fig. 6. 

Certain points in the temperature range 540° to 
590°C are marked by a special symbol, Fig. 6. The 
corresponding creep records were of a highly un- 
usual form, of which some instances are illustrated 
in Fig. 9. The phenomenon of alternating elongation 
and contraction, which might be termed oscillating 
creep, was found just above T, during sequences of 
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Fig. 7—Steady-state creep rate as function of temperature, 
24.8 at. pct Al (low temperature range). 


tests at progressively diminishing temperatures, in 
24.8 and 25.5 pct alloys only. The effect does not 
arise during tests in rising sequence of tempera- 
tures, neither is it found when high stresses (fast 
creep rates) are used. Near 590°C, the phases of 
negative creep are not very pronounced; as the 
temperature approaches T,, the negative creep is 
enhanced. (The ¢iny irregularities on all the creep 
curves are probably instrumental in origin; they 
were generally found on creep records, but were 
smoothed out for reproduction in Figs. 4 and 5.) 
The mean creep rates used for plotting Fig. 6 are 
those indicated by the dashed lines in Fig. 9. 

One series of tests was carried out on a 25.5 pct 
sample with a very large grain size, of the order 
of 1mm. This sample had been subjected to a 
prolonged anneal at 1200°C in high vacuum. The 
activation energy was the same as for fine-grained 
specimens in this temperature range, and oscil- 
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Fig. 8—Steady-state creep rate as function of temperature, 
24.7 at. pct Al (high temperature range). 


lating creep was also observed in the appropriate 
temperature interval. The absolute creep rate, 
corrected to a given temperature and stress, was 
about twice as great as for a fine-grained sample 
of the same composition. 

The results of tests carried out on the 24.8 pct 
alloy at lower temperatures, using a higher stress, 
are shown in Fig. 7. These plots show a sudden 
change in slope immediately above T,. The dis- 
continuity came at slightly lower temperatures dur- 
ing a test sequence at decreasing temperatures, 
than in rising sequences, and the creep rate ata 
given temperature below T,. was generally slightly 
higher during a descending sequence. The inverse 
transient creep was pronounced just above and some 
way below T,, and the corresponding initial creep 
rates are included in the two lower plots. The time 
required to reach steady-state creep increased very 
rapidly as the test temperature fell. 

Oscillating creep was observed neither above nor 
below T,, not even during descending test sequences, 
at the stress level used in these experiments. 

A run was made on a 24.7 pct sample in the tem- 
perature range 680° to 757°C. There was a well- 
defined discontinuity, Fig. 8, at 740°C, which is the 
temperature at which the ‘‘FeAl”’ type of superlat- 
tice disappears. The two critical temperatures for 
this alloy (540° and 740°C), thus correspond to the 
A/B and B/C boundaries, respectively, Fig. 2. 

In Figs. 10 and 11 are shown some of the data ob- 
tained with a number of other alloys. Only a single 
stress level was used for any one composition. The 
25.5 at. pct alloy behaved very Similarly to the 24.8 


at. pet alloy, and it is excluded from the graphs to 
save space. 


The plot for the 23.5 pct alloy clearly has 
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two discontinuities, one just above T, for the 
“Fe, Al’’/‘‘FeAl’’ superlattice transformation, and 
one some 30°C higher (marked T,2) which is again 
attributed to the final loss of ‘‘FeAl’’ order. (Com- 
pare Fig. 2.)*. The 19.4 pct sample showed very 


* According to the phase diagram, 7, at 23.5 pct Al is about 650°C, 
whereas in Fig. 11 the upper discontinuity is at 565°C. However, an 
error of a few tenths of 1 pct in the chemical analysis suffices to ac- 


count for this disparity. 


pronounced inverse transient creep, and the initial 
creep rates are accordingly marked on the plot for 


this sample, Fig. 10, for comparison with the steady 


creep rates. 


The 27.8 pct alloy behaved in a remarkable man- 
ner in the vicinity of T,. The creep curves were 
sigmoidal in form, as shown in Fig. 4; the initial 
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Fig. 10—Steady-state creep rate as function of tempera- 
ture, 19.4 at. pct Al. 


rate is followed by an inverse transient leading to 
a maximum rate and then by a normal transient. 
The final, steady state is close to the initial rate. 
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Fig. 11—Steady-state creep rate as function of tempera- 
ture: 22.0, 23.5, and 27.8 at. pct Al (low temperature range). 
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Fig. 12—Steady-state creep rate as function of tempera- 
ture, 27.8 at. pct Al (high temperature range). 


The initial, maximum, and final rates are all indi- 
cated in Fig. 11. Just below T,, the creep rate 
actually decreases with rising temperature, but 
this anomaly is absent for the sequence of tests at 
decreasing temperatures. Above T,, the 27.8 pct 
alloy behaved normally, Fig. 12. 

Stress Dependence of Creep Rate— Tests were 
carried out with all compositions to discover how 
the steady-state creep rate at constant tempera- 
ture varies with the applied stress. In some cases 
such tests were carried out at several temperatures, 
which were always chosen above T, so as to avoid 
the anomalies that appear close to T,. In any one 
series of tests referring to a single specimen, the 
stress was varied by altering the compression of the 


Table II. Stress Exponents, n 


Stress Range, 


Composition, 

At. Pct Al Temperature, °C Tsi n 
0 584 tou 11.5 

8 to 13.5 4.6 

13.5 to 17.0 
22.0 578 10 to 18 55 
2395 580 11 to 18 5.9 
24.8 584 10 to 18 5.9 
24.8 639, 652, 665, 689 4to8 6.0 
24.7 763 1 to 3.5 5.6 
25.5 576 9 to 18 6.5 
25.5 617, 670, 685 4to9 6.8 
25.5 633, 650 5 to9 6.0 


(Coarse Grains) 


spring; wider variations of stress were attained by 
using specimens of different cross sections. 

In Fig. 13, log € is plotted against log 0. These 
plots are straight lines, from which it follows that 


Q 
é =Ace [1] 

Values of the stress exponents, n, are collected 
in Table II. Except for the 19.4 pct alloy, the value 
of m was invariant over the limited range of stress 
examined; the greatest range of stresses, from 4 
to 16 tsi, was applied to the 24.8 pct alloy. The 
very high value of m (= 11) found for pure iron is 
in approximate accord with the findings of Sherby 
and Lytton.*® However, according to their data, 

n diminishes from 11 to 7 as o decreases from 15 
to 4 tsi. 

Where 7 was determined at several different tem- 
peratures, its value did not vary with the tempera- 
ture. It follows from this observation that the ac- 
tivation energy for creep is not a function of the 
applied stress, at least in the temperature range 
above T,. The formulation of Eq. [1] is therefore 
valid. 

Dependence of Creep Resistance on Composition— 
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Fig. 13—Stress dependence of steady state creep rate—double logarithmic plot. 
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Fig. 14—Steady-state creep rate normalized at fixed stress 
and temperature, as function of composition. 


In order to compare the creep resistance of differ- 
ent alloys, the creep rate has been plotted in Fig. 14 
as a function of aluminum content, at constant stress 
and temperature. Experimental data were reduced 
to a standard stress of 15 tsi by making use of the 
experimentally determined stress exponent m for 
each alloy; this was done for three temperatures: 
above, near, and below T,. 

The creep rates observed for pure iron, at the 
actual stress used, were also compared with the 
mean creep rates found for Armco iron at closely 
similar stresses and temperatures, by Jenkins and 
Mellor.*® The values agreed within a factor of two. 

In Fig. 14, the creep rates of different alloys 
tested in the long-range order fields (A and B in 
Fig. 2) are indicated by filled symbols. The creep 
rates do not vary much in this range. At lower 
aluminum contents which correspond to field C of 
Fig. 2, the creep rates at all temperatures in- 
crease sharply. 


Dependence of Activation Energy on Composition— 
In Fig. 15, the activation energies determined for 
the various temperature ranges are plotted as a 
function of composition. In evaluating these data, 
it should be remembered that the activation ener- 
gies above T, could be determined over a larger 
temperature range, and therefore with higher pre- 
cision, than those referring to creep tests below T,. 

Several of the activation energies obtained above 
T, are close to 73 kcal per mole, which is the best 
available figure for the activation energy for self- 
diffusion in pure a -iron.” It is not known whether 
this activation energy is also applicable for diffu- 
sion of iron in Fe-Al alloys. 

The only activation energy which is lower than 
this value is that for the 27.8 pct alloy. The activa- 
tion energy for high-temperature creep of this alloy 
is 65 kcal per mole, which approaches the activa- 
tion energy, 58 keal per mole, for chemical diffu- 
sion of aluminum in iron (Grobner,” Shyne and 
Sinnett?). 

The activation energies obtained for the range of 
temperature and composition in which the Fe 3Al 
superlattice is stable, Figs. 2, 14, are abnormally 
high. 

Kinetics of Transient Creep—The time required 
to complete transient creep and establish steady- 
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Fig. 15—Activation energy for steady-state creep as func- 
tion of composition at three temperatures. 


state creep was a sensitive function of temperature. 
This time (7) ranged from ~ 1 min at 580°C to 

~ 10 min at 520°C, for the 19.4 pct alloy, whereas 
in the case of the 24.8 pct alloy, 7 increased more 
sharply with falling temperature, decreasing from 
~ 1 min at 580°C to ~ 70 min at 520°C. It is prob- 
able that the more sluggish transient creep of the 
second alloy below 540°C is due to the introduction 
of the ‘‘Fe,Al’’-type superlattice. 

In this connection, it should be noted that the 
initial creep rate after a creep-recovery anneal 
was generally close to the initial creep rate found 
in the previous test, and the relaxation time charac- 
terizing the transient creep was also roughly re- 
producible, Fig. 5. A few exploratory experiments 
were done to test the influence of the duration of a 
recovery anneal. In the neighborhood of T,, an 
anneal of a few minutes did not bring back the full 
reduction of initial creep rate, whereas an anneal 
of some hours did so. 

The time required to adjust the loading spring and 
the strain recording mechanism was almost a min- 
ute. Consequently above about 580°C the transient 
creep is over before the chart record begins, in 
accord with observation. 


INTERPRETATION 


Origin of Inverse Transient Creep—The temper- 
atures at which singularities appear in the creep 
rate/temperature plots are all near to the critical 
temperatures for order-disorder transformations. 
Moreover, inverse transient creep is significant 
only in the neighborhood of the singularities. This 
suggests that the inverse transients may be con- 
nected with some change in the state of order of an 
alloy, caused by the influence of the applied stress 
at temperatures near T,. If such an influence 
exists at all, it would be expected to be most notice- 
able near T,, since the free energy difference be- 
tween the partially ordered equilibrium structure, 
and the disordered alloy, is very small in this tem- 
perature region. 

The hypothesis is proposed that inverse transient 
creep is caused by a directional short range order, 
induced by the applied tensile stress. It is suggested 


VOLUME 218, FEBRUARY 1960-173 


that this stress diminishes the degree of long-range 
order, whether of ‘‘Fe,Al’’ or ‘‘FeAl’’ type, and 
induces a superimposed short-range order which is 
characterized by a difference in the number of ‘‘un- 
like’’ interatomic bonds respectively parallel and 
perpendicular to the direction of the stress. 

The proposed atomic rearrangement brought about 
by the applied stress is similar to the atomic proc- 
ess which causes internal friction in interstitial and 
substitutional solid solutions at certain tempera- 
tures and frequencies,” and which is usually as- 
sociated with the name of Snoek. The recent study 
of the ‘‘Snoek peak’’ in the internal friction of iron- 
aluminum alloys, by Shyne and Sinnett”’ shows that 
these alloys are liable to this particular type of in- 
ternal friction. Moreover, the relaxation strength, 
which is a measure of the readiness with which 
solute atoms move under the influence of the stress, 
reaches a maximum at the composition 19.6 at. pct. 
This is also near the composition for which the most 
pronounced inverse transient creep was obtained in 
the present study. 

Directional short-range order can also be gen- 
erated by annealing ferromagnetic solid solutions 
in a magnetic field; the ‘‘memory’’ of such treat- 
ments, retained subsequently, is believed, on ex- 
tensive evidence, to be due to such order.*’” (The 


topic has been excellently reviewed by Graham.”’) 
Recent magnetic annealing experiments on Fe, Al” 
point to the existence of magnetically induced di- 
rectional order of this material (with a special 
tendency to ordering of second-nearest neighbors) 
and further such experiments, recently completed 
at Birmingham, not only confirm the efficacy of 
magnetic annealing, but show that annealing under 
stress produces a very large magnetic anisotropy. 

The fact that the magnitude of the inverse tran- 
sient (z.e., the factor of disparity between initial 
and steady-state creep rates) is a maximum at tem- 
peratures near T,, is in accord with recent statis- 
tical mechanical calculations by Iwata’? which show 
that the directional short range order induced by 
magnetic annealing or stressing should be greatest 
just below T,. 

The fact that a stress applied in the region of T, 
actually effects a crystallographic change in an al- 
loy has been elegantly confirmed by Vergne,*® who 
stressed Ni, Fe wires elastically at 500°C and 
quenched them while under stress. The magnetic 
properties of these samples were substantially dif- 
ferent from those of wires quenched without being 
stressed, and the data were quantitatively in accord 
with the hypothesis that the stress had actually pro- 
duced directional order. Ni; Fe is similarly affected 
by magnetic annealing at ~ 500°C; the similarity 
lends support to the notion that magnetic annealing, 
and elastic stressing at high temperatures, have 
basically the same effect upon the distribution of 
atoms. 

It remains to establish why the proposed atomic 
rearrangement induced by stress should diminish 
the creep rate. 

The creep rate in all the alloy specimens here 
investigated is believed to be controlled by the 
isotropic long- or short-range order present in all 
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the samples. As is explained below, the rupture of 
bonds between unlike atoms, and their replacement 
by bonds between like atoms, effectively exerts a 
retarding force upon the glide of dislocation. If it 
were possible, however, for an alloy to be in a con- 
dition of purely directional short-range order, then 
all the “‘like’’ bonds between solute atoms would be 
aligned parallel to one direction; if the alloy is 


fairly dilute, so that solute-solute bonds are ina . 
minority, slip along any lattice plane not parallel 

to this unique direction would then, on balance, de- 
stroy ‘‘like’’ bonds and create ‘“‘unlike’’ bonds. This 
process would not exert any restraining force on the 
dislocations concerned in the slip. In actual fact the 
ratio of frequency of like bonds in the unique direc- 
tion (here, the tensile stress vector), and perpen- 
dicular thereto, differs only slightly from unity.“”™ 
The above argument is then reduced to the assertion 
that a directional order, superimposed upon a pre- 
dominantly isotropic long- or short-range order, 
somewhat increases a creep rate which is still es- 
sentially controlled by the isotropic component of 
order. 

The relaxation times 7 for the completion of in- 
verse transient creep are much greater than the 
relaxation times deduced from internal friction 
data”? and which correspond to the mean time taken 
for individual atomic jumps. Thus at 520°C, the 
creep relaxation time 7 = 70 min for the 24.8 pct 
alloy, whereas the relaxation time deduced from 
internal friction data is less than 1 sec. These fig- 
ures show that some thousands of atomic jumps 
must take place before directional order is fully 
established and transient creep is over. 

The Factors Controlling the Creep Rate—The ex- 
planation offered above for the phenomenon of in- 
verse transient creep depends upon the basic postu- 
late that the ordered structure of the solid solutions 
entirely determines their creep behavior. It could 
do this in either of two ways: 

i) The state of order (including states of direc- 
tional short-range order) could affect the diffusion 
coefficient, and thereby the rate of climb, if this 
determines the creep rate. 

ii) The state of order could determine the velocity 
of glide of dislocations in the glide plane. In this 
case, climb is not rate-determining at all. 

Alternative i) is improbable because of the great 
disparity of observed creep rates between pure iron 
(the creep of which is climb-controlled),*® and all 
the alloys. To accept this alternative, it would be 
necessary to postulate that the coefficient of self- 
diffusion of iron at a given temperature is lowered 
by a factor of about 10° by the addition of 10 pet of 
aluminum. This is not credible. At a given tem- 
perature, aluminum diffuses much faster than iron; 
thus if climb were rate-controlling, the addition of 
solute might be expected to increase the creep rate. 

If the second alternative is accepted, a distinction 
has to be made between i) imperfect long-range 
order of the ‘‘Fe,Al’’ type, ii) imperfect long-range 
order of the ‘‘FeAl’’ type, iii) isotropic short-range 
order, and iv) directional short-range order super- 
imposed upon any of the foregoing. The last of these 
alternatives has been discussed already and will not 
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be further considered. The other three types of 
order all can control the rate of glide of dislocations 
in fundamentally the same way. As a dislocation 
moves through a structure initially in equilibrium, 
it increases the total number of bonds between like 
atoms on opposite sides of the glide plane (i.e., 
“‘wrong bonds’’), at the expense of bonds between 
unlike atoms (‘‘right bonds’’). If the applied stress 
is less than the critical stress for athermal motion 
of the dislocations, then the latter can only move if 
the like bonds are produced by thermally activated 
jumps of atoms (either solvent or solute). The 
creep rate is thus controlled by diffusion, biased 
by the influence of the applied stress. It is im- 
material whether many like bonds are concentrated 
in antiphase domain ribbons [alternatives i) and ii)] 
or are scattered evenly across the glide plane [al- 
ternative iii)]. The theoretical creep rate can be 
estimated most simply for alternative iii), and this 
will be done for the 19.4 pct alloy, which possesses 
only short-range order in the experimental tem- 
perature range (500° to 600°C). The treatment is 
closely related to Flinn’s® treatment for the case of 
long-range order. 

Without specifying any particular mechanism, 
Weertman’ has worked out the general expression 
for the rate of creep of a solid solution in which 
dislocations glide in a viscous manner. His equa- 
tion is: 

Creep rate = € = UAB [2] 
Here, o is stress, b is the Burgers vector of the 
gliding dislocation, is the appropriate shear mod- 
ulus. A is a temperature-dependent quantity which 
determines the rate of viscous flow of the disloca- 
tion, and B = ub?/27(1— v), where v is Poisson’s 
ratio. It must be pointed out at once that the stress 
dependence of the observed creep rates was much 
steeper than predicted by Weertman; but this ap- 
plies to climb-controlled creep also, at fairly high 
stresses such as were used in the present tests. 

If v is the drift velocity of the dislocation, then 


= Force per b/A [3] 


Weertman™ has pointed out that A can be readily 
estimated if the viscous flow rate is determined by 
the rate of destruction of ‘‘like’’ bonds across the 
glide plane. The critical or escape stress, o,, is 
given by o, = y/b, where y is the energy increase 
per unit area traversed by the dislocation, due to 
the replacement of right bonds by wrong bonds. 
Adopting an argument used by Schoeck,*” it can be 
shown that the velocity v, of the dislocation, at a 
stress just below o,, is given by 


v, = D/b [4] 


where D is approximately equal to the diffusion co- 
efficient of either solute or solvent. From [3] 
and [4], 


= y b/D [5] 
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Substituting for A and B into Eq. [2], 


“0.350 °D 
[6] 


In Eq. [6], the numerical constant has been so 
chosen that € is the tensile creep rate and o is an 
unresolved tensile stress. 
The magnitude of y can be estimated**** from the 
appropriate short-range order parameter a,.* This 
*By definition, o, = 1—-P4/C,. Here RB, is the probability of 


finding an A atom in any one first nearest neighbor site, and Ca is 
the atomic fraction of A atoms. 
is not accurately known for the 19.4 pct alloy, but a 
rough estimate based on diffuse X-ray scattering 
intensities obtained from solid samples quenched 
from 500° or 600°C** leads to the conclusion that 
in the range 500° to 600°C, the 19.4 pct alloy has 
a, = 0.05 to 0.10. While the calculation is carried 
out for a, = 0.10, the computed creep rate is not 
acutely sensitive to the value of a, chosen. 
According to Flinn**’** 


a 


(— a,)2 = C,Cz exp (2 E/kT) [7] 


where Ca, Cg are atom fractions of the constituents, 
and E = /2(E,, + Egy — 2Eqg), is an ‘interaction 
energy.’’ E can be related to y by computing, for 
the body-centered lattice, the number of unlike bonds 
destroyed per unit distance moved by a dislocation 
in its glide plane. Adopting Flinn’s arguments, and 
assuming a (110) glide plane and [111] glide direc- 
tion, 


= 8 [8] 


where a is the lattice parameter. Taking a: = 0.10 
and T = 850°K, E is calculated from [7], and one 
obtains for the 19.4 pct alloy that y ~ 46 ergs per 
sq cm. 

The relevant values of D at 575°C, are:™”™ D,, = 
8 x cm?/sect, Dy, = 3 10°” cm*/sec (for 
pure iron). Presumably, the slower diffusion of the 
iron atoms will be rate-controlling. Diffusion of 
aluminum alone would lead to local enrichment of 
aluminum where the dislocation has climbed, and 
this would be opposed by the ordering forces. More- 
over, experiment shows that the activation energy 
for creep is in many cases equal to that for self- 
diffusion of iron. 

_For comparison with the experimentally deter- 
mined creep rate for the 19.4 pct alloy at 575°C, 
Fig. 10, o = 13.4 tsi and for pu it will be good 
enough to take the bulk shear modulus for pure 
iron. Then 


-6 
sec 


This compares with an observed value of 8.5 x 107° 
per sec. 

Even if these two values had agreed for the par- 
ticular stress used, they could not then agree for 
other stresses, since the stress exponents are 3 
(theoretical) as compared to 4.6 (experimental). 
Again, if the short range order parameter a, had 
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been taken as 0.05 instead of 0.10, the calculated 
creep rate would be greater by a factor of about 4. 

For the range of stresses and temperatures used 
in this work, then, and taking into account uncer- 
tainties in the variables that enter the theory, the 
ratio € obs./€calc, Varies from 2 to 65. This can be 
considered to be adequate agreement. 

Dependence of Creep Resistance on Composition 
and State of Order—The variation of creep resist- 
ance with composition, and for a given composition, 
with the nature of the order present, cannot as yet 
be interpreted in detail. In general terms, the 
creep rate would be expected to drop rather sud- 
denly at the critical temperatures T,, for the inter- 
action energy E (cf. Eq [7| above) rises rapidly as 
the temperature falls through these critical values. 
In particular, at T, for the ‘‘FeAl’’/‘‘Fe, Al’”’ trans- 
formation, second neighbor interactions begin to be 
important and add their influence to first neighbor 
interactions. 

The high creep resistance of the most dilute alloy 
(10.7 pet) is probably due to the stability of its iso- 
tropic short-range order. While X-ray diffraction*® 
indicates that short-range order is less strong in 
this alloy than in the 19.4 pct composition, it is 
noteworthy that alloys containing less than about 
12 pct Al show no internal friction of the Snoek 
type,’ contrary to experience with other alloy sys- 
tems, and this suggests that the isotropic order in 
these dilute alloys is very stable. On the other 
hand, the 19.4 pct alloy has very strong internal 
friction and pronounced inverse transient creep; 
its low creep resistance is thus probably a case 
of exceptionally pronounced stress-induced loss 
of isotropic order. 

Activation Energies for Creep—The results col- 
lected in Fig. 15 can be summarized as follows: 
There is a basic activation energy for creep of 
~ 73 kcal per mole, equal to that for self-diffusion 
of iron. When ‘‘FeAl’’ type order is present, the 
apparent activation energy rises to over 88 kcal 
per mole, while ‘‘Fe,Al’’ type order raises it to 
over 100 kcal per mole. The 27.9 pct alloy is again 
an exception, with an activation energy of only 
65 kcal per mole; this is attributed to the progres- 
sively greater importance, as the solute content 
rises, of the diffusion of solute, with its low activa- 
tion energy of 58 kcal per mole. It may be that the 
sigmoidal transient creep of this alloy is connected 
with the succession: predominant solute diffusion 
(inverse transient), followed by predominant self- 
diffusion (normal transient). 

Weertman™ has pointed out that since the degree 
of short- (or long-) range order decreases with in- 
creasing temperature, a fictitious component of 
activation energy may arise from this cause. In 
Eq. [6], if y falls steadily with rising temperature, 
this is equivalent to an ‘‘extra activation energy”’ 
added to that associated with the diffusion coef- 
ficient D. The 19.4 pct alloy loses its short-range 
order quite gradually as it is heated;’* the cor- 
responding ‘‘extra activation energy’’ is estimated 
at 4 to 5 kcal per mole at most. Near T,. for long- 
range order the ‘‘extra activation energy’’ should 
be much larger since the order parameter changes 
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rapidly with temperature, and this is proposed as 
the explanation for the high values of activation 
energy found near T, for the alloys with long-range 
order. 

Oscillating Creep—The intermittent contractions, 
superimposed upon a mean creep rate which falls 
smoothly in line with creep rates at higher temper- 
atures, are attributed to a cyclic structural trans- 
formation. Negative creep has recently been noted 
in age-hardening alloys,*° and was attributed to a 
once-only precipitation reaction, and associated 
change in lattice parameter of the matrix. In the 
present case, it appears, negative creep could be 
attributed to periodic destruction, or diminution, 
of a state of order; this results in a change in lat- 
tice parameter, and therefore a change in length. 
The contractions are of the same order of magnitude 
as the lattice parameter changes due to ordering in 
these compositions.”° However, there is no apparent 
physical cause for a periodic change in the degree 
of order. 
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The Effect of Grain Boundary Migration on the 


Formation of Intercrystalline Voids During Creep 


The influence of grain boundary migration on the formation 
of intercrystalline voids during creep has been investigated. Grain 
boundary migration minimizes or even prevents void formation. 


This effect gives rise to the abnormally high ductility and the 


C. W. Chen 


transcrystalline mode of fracture observed in copper at high tem- 


peratures. 


Recentiy Chen and Machlin’ proposed a mechan- 
ism for intercrystalline cracking in metals during 


high-temperature stressing. According to this mech- 


anism the formation of voids at grain boundaries is 
primarily responsible for intercrystalline cracking. 
A model has been provided to demonstrate the initia- 
tion of submicroscopic cracks and voids at jogs of 
grain boundaries where grain boundary sliding is 
inhibited. Submicroscopic cracks can grow as a re- 
sult of either further grain boundary sliding or loca- 
lized tensile stress. In the former case, it is be- 
lieved that grain boundary sliding produces more 
voids which link together to produce macroscopic 
cracks and which may lead to the eventual failure of 
the metal. 

Concurrently, Nield and Quarrell? reported their 
interesting results obtained in a systematic investi- 
gation of intercrystalline cracking in two aluminum 
alloys under various creep conditions. Their ob- 
servations are generally in agreement with the above 
mechanism, especially the conclusion that voids are 
formed as a direct consequence of grain boundary 
sliding. On the basis of the volume fraction occupied 
by voids, they could find no confirmation of vacancy 
condensation as the mechanism for void growth. 
Furthermore, an important feature of intercrystal- 
line cracking has been likewise pointed out by them 
that the majority of cracks are not formed at grain 
corners, 

Nield and Quarrell meanwhile emphasized the im- 
portance of grain boundary migration by designating 
it as one of two main processes operative in the 
mechanism of crack formation during creep. The 
designation seems unnecessary because overem- 
phasis of grain boundary migration only complicates 
the mechanism of void formation. There are two 
reasons which militate against the inclusion of grain 
boundary migration in the mechanism of void forma- 
tion. In the first place, the formation of intercrystal- 
line voids per se does not require grain boundary 
migration. Secondly, in addition to grain boundary 
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migration, void formation may be minimized by any 
other process such as plastic deformation which is 
capable of relieving localized stresses around jogs. 
Chang and Grant® have shown that intercrystalline 
cracking is prevented in aluminum by lattice bending 
in high stress regions. 

The influential role played by grain boundary mi- 
gration in creep has also been realized in our stud- 
ies. In several cases, voids did not appear at all in 
grain boundaries whenever grain boundary migration 
took place prominently during creep. The purpose of 
this paper is to discuss the effect of grain boundary 
migration on the formation of intercrystalline voids 
and other related rupture properties. Experimental 
evidence indicates that in an unstable grain struc- 
ture void formation may be markedly modified by 
structural changes. The abnormally high ductility 
and the transcrystalline mode of fracture observed 
in copper at elevated temperatures reveals that ef- 
fective grain boundary migration minimizes void 
formation. 

Grain boundary migration has long been known as 
a common high-temperature phenomenon in metals 
with the grain configuration in a nonequilibrium 
state. Its effect on ductility and mode of fracture 
has not been recognized until recently.* Since the 
introduction of the term “Equicohesive Tempera- 
ture,” the conventional belief has been that below 
the equicohesive temperature the ductility of metals 
increases moderately with decreasing temperature 
until the ductile-to-brittle transition temperature of 
fracture is reached. In this temperature range, 
metals fracture in a ductile mode with a “cup-and- 
cone” fracture surface. Above the equicohesive 
temperature, ductility remains invariably low and 
decreases slightly with increasing temperature. 
The mode of fracture is strictly brittle and inter- 
crystalline. Typical examples have been shown for 
q@ brass and copper in Fig. 1 and 9, respectively, in 
the paper by Greenwood, Miller, and Suiter.° The 
observation in the upper temperature range that 
ductility of metals is low and insensitive to tempera- 
ture may be explained in terms of void formation at 
grain boundaries. It is also in accordance with the 
findings of McLean® and Fazen, Sherby, and Dorn’ 
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Fig. 1—Ductility of OFHC and vacuum-melted 99.99 pet Cu 
observed at different temperatures in vacuum and in air. 


that for a given stress, grain boundary slip contri- 
butes a small (< 10 pct) and essentially invariant 
portion to the total strain regardless of tempera- 
ture, strain rate, or the amount of total strain. 


By contrast, it has been reported for pure alumi- 
num and some aluminum alloys’ that ductility of 
these materials increases with increasing tempera- 
ture above the equicohesive temperature. The mode 
of fracture also undergoes a gradual change. This 
departure from the conventional rupture behavior 
may be ascribed to grain boundary migration for 
the following reason: If voids are generated by grain 
boundary sliding, then a necessary condition for the 
development of voids is that jogs “exist” until voids 
are initiated at them. Because boundary migration 
eliminates jogs, extensive void formation is not ex- 
pected at migrating boundaries. 


EXPERIMENTAL PROCEDURE 


To critically elucidate the effect of grain boundary 
migration on void formation, a series of creep-rup- 
ture tests have been conducted on copper of two 
grades, OFHC and vacuum-melted 99.99 pct Cu. In 
these tests conditions were provided to favor grain 
boundary migration by subjecting the high-purity 
copper to slow stretching at high temperatures in 
vacuum. Since grain boundary migration is a ther- 
mally activated process,its rate increases markedly 
with temperature. It was predicted that above a 
certain temperature, grain boundaries might mi- 
grate at a rate fast enough to relieve the stress con- 
centration at jogs of grain boundaries. Consequently 
the void formation should be substantially minimized 
or even prevented. 

Cylindrical specimens of 5/16 in. diam and 1.50 in. 
gage length were prepared and annealed 20 hr at 
950°C in tank hydrogen for the purpose of stabilizing 
the grain structure. The prolonged anneal did not 
produce any surface cracks or voids in the interior. 
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Table |. Ductility and Mode of Fracture of VicGumsMeled Cu Stretched 
at a Constant Rate of 1 Pct per Hr in (2-5) x 1074 Mm Hg Vacuum 


Ductility 
Testin Elonga- Reduction of 
Temp., ~C tion, Pct Area, Pct Mode of Fracture 
13 Intercrystalline with no 

noticeable necking-down. 
Intercrystalline with slight 

necking-down. 
Intercrystalline with 

Ductile and transcrystal- 

760 >80 ~ 100 line; specimens necked- 


down completely toa point. 


In the creep tests, unless otherwise stated, a con- 
stant strain rate of 1 pct per hr and a vacuum of 
(2-5) X 10-* mm Hg were employed. Percentage 
elongation to fracture and reduction of area at frac- 
ture were adopted as measures of ductility. In most 
cases the error in the determination of elongation 
and reduction of area was +1 pct and occasionally as 
high as + 3 pct when the fracture surface was too 
distorted to be refitted together. The large experi- 
mental error coupled with the occasionally incon- 
sistent results which were caused by uncontrollable 
structural variables introduced some scattering in 
the ductility data. However, the trend indicating the 
temperature variation of ductility in a vacuum of 
(2-5) x 10°* mm Hg was not difficult to rationalize. 


RESULTS AND DISCUSSION 


The ductility and the mode of fracture of vacuum- 
melted copper observed over the temperature range 
of 355° to 760°C are summarized in Table I. The 
percentage elongation is plotted as a function of test 
temperature for both grades of Cu in Fig. 1. The 
ductility of Cu increases at an accelerating rate 
above 500°C and attains a maximum value with the 
specimens necking-down completely to a point at 
760°C. (See Specimen C in Fig. 2). The mode of 
fracture shifts progressively from strictly inter- 
crystalline at 355° (Specimen A in Fig. 2) to trans- 
crystalline above 650°C. At 450° and 530°C, both 
intercrystalline and transcrystalline cracking oc- 
curs. 

The results confirm the foregoing prediction that 
void formation may be minimized by grain boundary 
migration. The evidence of grain boundary migration 
is furnished by a microscopic examination of the 
specimens. There is a marked increase in the grain 
size. The originally equiaxed grains are enlarged 
and elongated in the direction of the applied stress. 

The above results are similar to those of Gemmell 
and Grant*, but different from those for OFHC Cu 
obtained under similar creep-rupture conditions by 
Greenwood, Miller, and Suiter. Compare Curves I, 
II, and V in Fig. 1. One reason for this difference in 
the rupture behavior of OFHC Cu may be the unequal 
qualities of vacuum (10°? to 10°* mm Hg recorded by 
Greenwood e¢ al) used in the creep tests. The effect 
of partial pressure of oxygen in test atmosphere on 
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the rupture behavior of Cu is described in the next 
paragraph. Another possible, but not likely, reason 
is that since OFHC Cu is a commercial product, 
specimens prepared from various batches could dif- 
fer sufficiently in composition to cause the difference 
in the rupture behavior at high temperatures. 

In order to be certain that the ductile behavior of 
Cu observed in the previous tests is definitely due to 
grain boundary migration, additional experiments 
have been conducted in the following manner. Creep 
tests were repeated under the same conditions ex- 
cept that air replaced vacuum. It was anticipated 
that the change of test atmosphere would prevent 
grain boundary migration through the anchoring ac- 
tion of oxides formed during the tests and hence 
would convert the rupture behavior from ductile to 
brittle. 

The results are plotted in Curves III and IV in 
Fig. 1. Again, the observations are in good agree- 
ment with the prediction. Ductility of Cu becomes 
low and intercrystalline cracking prevails in the en- 
tire temperature range, similar to the observations 
of Greenwood ef al.(Curve V in Fig. 1). Above 550°C, 
Cu tested in air exhibits lower ductility than that 
tested in vacuum. The grain size of the specimens 
tested in air remains constant. An increase of strain 
rate from 1 pct to 5 pet per hr does not alter the re- 
sults, indicating that even with the higher strain 
rate, the diffusion rate of oxygen in Cu is sufficiently 
fast for the formation of oxides to inhibit grain 
boundary migration. 

Wood® has reported a similar-effect of annealing 
atmosphere on the grain boundary mobility of Cu. 

In his findings, grain growth was prevented in Cu 
when heated in an oxide pack. Subsequent heating in 
argon which was gettered with titanium enabled 
grains to grow, but the original heating of the copper 
in the gettered argon did not prevent grain growth. 

Finally, it is possible to produce an outer rim that 
fails intercrystallinely in a brittle manner about a 
ductile core. The specimen of the vacuum-melted Cu 
has been first oxidized in the surface layer and sub- 
sequently ruptured at 760°C in vacuum. The fracture 
appearance in this case is shown in Fig. 2(b). From 
these results it is apparent that oxygen may enhance 
‘brittleness at high temperatures by preventing grain 
boundary migration. This indirect effect of oxygen 
on ductility may be as important as its assumed ef- 
fect on fracture strength of boundaries. 

In view of the above findings, it can be concluded 
that grain boundary migration may exert a pro- 
nounced effect upon the fracture mode of metals. 

The results are consistent with the concept that 
formation of intercrystalline voids is minimized or 
even prevented when grain boundaries migrate at a 
rate fast enough to relieve stress concentration 
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Fig. 2—Fracture of vacuum-melted 99.99 pct Cu in vac- 
uum at temperatures (from left to right (2) 355°C, (5) and 
¢c) 760°C with and without partial oxidation prior to creep 
tests respectively. X1.5. Reduced approximately 30 pct for 
reproduction. 


caused by grain boundary sliding at jogs. When grain 
boundaries migrate, the mode of fracture changes 
from brittle and intercrystalline to ductile and trans- 
crystalline and the ductility is greatly improved. Un- 
fortunately, ductility improvement by grain boundary 
migration has little practical value in application. 
The gain in ductility may be offset by the undesired 
mechanical properties associated with an unstable 
grain structure. 
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The Growth of Ni,(Al, Ti) Precipitates in 


Ni-Cr-Ti-Al Alloy 


X-ray line broadening was used as a measure of precipitate 
particle growth during aging of a vacuum melted, wrought Ni-Cr- 
Ti-Al alloy. The variation of matrix lattice parameter, precipitate 
composition and hardness was related to the particle size. Elec- 
tron microscopy was used to determine particle shape. An arrest- 
ment of particle growth was found at a particle diameter of 600A 


and the particles were spherical in shape. No consistent relation- 
ship was found to exist between precipitate particle size and hard- 
ness. Chromium participated in the early stages of particle growth. 


Wu direct measurements of the growth of pre- 
cipitate particles during aging is of fundamental 
value, few such measurements have been made. Di- 
rect’ measurements by means of optical or electron- 
microscopy and X-ray techniques are preferred, 
however, many of the aging studies have been based 
on indirect methods such as electrical resistivity and 
hardness. 

Because of the minute size of most precipitate 
particles (less than 1000A) the light microscope is of 
limited use while electron microscopy is subject to 
slowness, etching problems and consequent resolu- 
tion problems. 

It is fortunate that alloys of the Nimonic type, 
based on Ni-Cr-Ti- Al, lend themselves to accurate 
and relatively easy particle size measurements. With 
proper balance of titanium and aluminum, the only 
aging precipitate is the gamma prime (y’) Ni;(Al, Ti)* 
phase and this phase is the basis of the high-tempera- 
ture strength of these alloys.*”° 

The Ni,(Al, Ti) phase is a face-centered-cubic, 
ordered structure with nickel atoms occupying the 
cube faces. Titanium atoms can replace three out of 
every five aluminum atoms and when substituting do 
so preferentially.” Electron microscopy has shown 
that during aging of most of the commercial alloys of 
this type, precipitate particles are unusually uniform 
in size and distribution, and that the volume of (y’) 
phase is large (20 pct).”” 

The aim of this investigation was to measure the 
growth of (y’) phase during aging. In so doing, it was 
hoped that a clearer understanding of the aging 
process would be attained. X-ray line broadening 
was used as the measure of precipitate particle size. 
This technique was selected because it can measure 
and average the diameter of thousands of particles 
in one operation. The variations in hardness and 
matrix lattice parameter with aging were also stud- 
ied and related to the particle size. 


EXPERIMENTAL PROCEDURE 


An alloy of the following composition was studied: 
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cr Ti Al 6 Ni 
Wt pct 20.71 2.98 1.43 0.04 bal. 
At. pet 22.06 3.47 2.95 0.18 bal. 


The alloy, a 15-lb vacuum melt, was forged to 1/2- 
in. diam at a temperature of 1900° to 2200°F; was 
solution heat treated for 4 hr at 2000°F and water 
quenched; and was then aged in various ways. The 
ASTM grain size was 4 to 5. No (y’) phase could 
be detected by X-ray analysis after solution treat- 
ment and electrolytic extraction. 

Aging was performed on 2-in. long specimens at 
1400°, 1500°, and 1600°F for increasing times. One- 
half inch sections were removed after each time in- 
crement and were then electropolished in a solution 
of H3PO, saturated with chromium trioxide at a po- 
tential of 30 v and rectified with a tantalum elec- 
trode. 

Rockwell hardness measurements were taken using 
one side of the polished specimen. Matrix lattice 
parameter determinations were made on the other 
side using filtered chromium radiation references 
with the position of the (220) line of a silicon stand- 
ard. 

To enable the precipitate particles of the (y’) phase 
to be measured using X-ray line broadening tech- 
niques, it is first necessary to separate and concen- 
trate this phase by electrolytic extraction. Extrac- 
tion is necessary because the difference between 
matrix and precipitate lattice parameters is only 
approximately 0.5 pct and intensities of-the (y’) phase 
lines are very weak relative to those of the matrix. 

The extraction techniques employed have been 
described before and found to produce a reasonably 
quantitative separation.** A water solution of 15 pct 
H3PO, is used at a current density of 0.5 amp per 
sq in. at 6v. The precipitate particles are separated 
from the liquor by centrifuging and decanting and are 
then washed, dried and repowdered. 

A plot of the X-ray intensity vs diffraction angle 
for the (111) line of the precipitate particles was 
used as a measure of particle size. The intensity 
curve approximated the shape of Gaussian distribu- 
tion function and its breadth was measured at the 
half height. The (220) line of a silicon standard was 
used to correct the measured line breadth for in- 
strumental and other broadening errors. The 
Scherrer formula was used to calculate particle 
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- Fig. 1—The variation of particle diameter and hardness 
during aging at 1400°, 1500°, and 1600°F. 
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size° using the value 0.89 for the constant. 
During the investigation it became evident that it 
would be valuable to determine the particle shape 


during aging. For this purpose, electron microscopy 


was employed. 


A water suspension of extracted precipitate par- 
ticles was used to spread the particles over par- 
lodion coated nickel grids that had been precoated 
with albumin. At a magnification of X40,000 the 
spherical shape of the particles was clearly re- 
vealed. 

The composition of the (y’) phase was determined 
by chemical analysis of the extracted precipitates. 


RESULTS 


Table I shows that the misfit between matrix and 
precipitate was approximately 0.6 pct. Hardness 
changes are normal in that peak hardness and over- 
aging is reached in shorter periods of time with in- 
creasing aging temperature. 


Fig. 1 shows the variation of particle diameter with 


time and temperature. This growth curve can be 
divided into three sections for the 1400° and 1500°F 


Table |. Variation of Matrix Lattice Parameter with Aging Treatment 


Aging Time Matrix Lattice Parameter A 
Hr 1400°F 1500°F 1600°F 
5 = - 3.566 
if 3.566 3.565 
9 - 3.566 - 
ial - - 3.566 
16 - 3.566 - 
21 - 3.568 
27 - 3.565 - 
40 3.567 - - 
91 3.569 - - 
148 3.564 - - 
216 - 3.566 - 


Precipitate lattice parameter was approximately 3.59 A for all treat- 
ments. Hardness after 2000°F 4 hr solution treatment was R, 11. 


curves. The first section shows the initial growth of 
the particles. At 1400° there is a slightly increasing 
rate of growth up to about 600A diam. At 1500° and 
1600°F the initial growth is nominally constant. After 
nucleation the growth rate is generally assumed to be 
constant or decreasing (barring a compositional or a 
transformational change). Therefore, this slight in- 
creasing initial growth rate at 1400° appears to be 
anomalous. 

The second section of the 1400° and 1500°F curves 
is a plateau caused by an arrestment of particle 
growth. Because the average initial growth rate at 
1500°F is approximately 6.5 times that at 1400°F, 
and the plateau at 1400°F is about 6-1/2 times as 
long as the plateau at 1500°F, the extent of the 
plateau appears to be related to the initial average 
growth rate. If this relationship is extended to the 
curve at 1600°F, approximations indicate that this 
plateau should be of less than 1-hr duration and 
would be expected to be missed during experimenta- 
tion. 

Finally, in the last section of the curves, there is 
a decreasing rate of particle growth as is generally 
expected for the growth of precipitate particles. The 
rate of growth remains a function of the aging tem- 
perature. 

Table II shows the variation of chemical compo- 
sition of the (y’) phase during aging at 1400°, 1500°, 
and 1600°F. 


DISCUSSION 


A comparison of peak hardness with particle diam- 
eter, Fig. 1 does not reveal a consistent relationship. 
After only a short aging period, it is likely that a 
considerable quantity of solute atoms is still in solu- 
tion. If this is the case, then peak hardness for this 
alloy is possibly the combined effect of dispersed 
particle strengthening (with possible coherency ef- 
fects) and solid solution strengthening. 

One possible explanation for an arrestment of 
growth (such as is noted near 600A) during aging is 


Table Il. Chemical Analysis of (y’) Precipitates After Aging, At. Pct 


1400°F 
Aging Time 
Ti Al Cr Ti/Al TitAl Ti+Al+Cr Ni* 
24 11.0 14.4 0.76 25.4 Be 
40 9.9 12.9 4.6 0.76 22.8 27.4 72.6 
72 10.0 13.2 4.3 0.76 23.2 27.5 72.5 
91 10.2 13.5 3.9 0.75 23.7 27.6 72.6 
120 10.1 1207; = 0.79 22.8 = = 
148 10.9 13.9 3.8 0.78 24.8 28.6 71.4 
216 12 13.6 0.82 24.8 = 
1500°F 
1 9.2 11.9 4.9 0.77 21.1 25.0 75.0 
3 8.4 = 0.72 20.1 
7 3.9 12.0 = 0.74 20.9 
7 12.2 4.5 0.96 23.9 28.4 71.6 
11 9.8 13.1 4.3 0.75 22.9 DTD TNS 
16 10.6 13.6 3.9 0.77 24.2 28.1 71.9 
21 11.4 12.7 = 0.89 24.1 = = 
27 12 14.7 4.1 1.04 23.9 28.0 72.0 
60 10.9 13.4 = 0.81 24.3 2 = 
1600°F 
5 11.8 11.8 = 1.0 23.6 a = 
7 10.8 13.1 3.2 0.82 23.9 Dhak 72.9 
11 11.8 12.2 = 0.97 24.0 = = 


*By difference 
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Fig. 2—Electron 
micrograph of ex- 
tracted (y’) par- 
ticles, aged 16 hr 
at 1500°F. X40,000. 


Reduced approxi- 
= mately 45 pct for 
reproduction. 

. 


that during this period the precipitate particles 
change their shape. A series of extracted precip- 
itate particles, taken from each section of the growth 
curves, were studied under the electron microscope 
at X40,000. Fig. 2 is a typical electron micrograph 
of the extracted precipitate particles. In all cases 
the particles were spherical and of uniform size. 
The difference between particle size measured by 
electron microscope and X-ray line broadening was 
always less than 10 pct. 

Table II shows the variation of precipitate com- 
position during aging. The electrolytic extraction 
method used is sufficiently accurate to allow meas- 
urement by chemical analysis to indicate significant 
trends in compositional variation. During the initial 
growth period the titanium content of the precipitate 
decreases, and then increases when the plateau is 
reached. The chromium content of the (y’) precip- 
itate, previously unreported, is relatively large in 
the early stages of precipitation but is seen to de- 
crease during aging. During the time when chromium 
is decreasing, titanium plus aluminum is increasing. 
This might suggest early chromium participation in 
the precipitation process due to mass action con- 
siderations. Since the Ti + Al + Cr content exceeds 
25 at. pct in the precipitate, it is possible that the 
chromium was substitutional for the nickel in the 
face-centered-cubic lattice rather than for either 
titanium or aluminum. 

This alloy has a Ti/Al ratio of 1.18 in the solu- 
tion-treated condition. The work of Taylor” has 
shown that in Nimonic type alloys the Ti/Al ratio 
can go as high as 1.5 before the solubility for 
titanium in (y’) phase is exceeded. When this solu- 
bility is exceeded, the hexagonal Ni,Ti phase (7) is 
precipitated. Since the Ti content of the (y’) phase 
is observed to decrease during the initial growth 
period, the matrix must become progressively richer 
in titanium. Further, the Ti/ Al ratio of the precip- 
itate is considerably less than the equilibrium ratio 
of approximately 1.18, for this alloy. 

If the titanium content of the matrix increased suf- 
ficiently, due to preferential precipitation of alumi- 
num in the (y’) phase, so that the Ti/Al ratio at the 
phase boundary reached 1.5 or higher, the (7) phase 
could be expected to precipitate. No (n) phase has 
been detected, however, during aging of this alloy; 
thus it must be assumed that the Ti/ Al ratio of the 
matrix never exceeded 1.5. 

If one assumes a maximum matrix Ti/Al ratio of 
1.5, however, knowing the total Ti/ Al content and the 
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Ti + Al composition of the (v’) precipitate, one can 
estimate the amount of (y’) phase present during the 
aging process. 


At. Pct Ti in Alloy — Amount of (v’) 
At. Pct Al in Alloy — Amount of (y’) 


At. Pct Ti in (y’)_ Ti in matrix = 
At. Pct Alin (y’) Al in matrix 


The maximum (y’)phase present at the plateau of 
the growth curve is approximately 10 pct. If all the ; 
Ti + Al present in the alloy should precipitate as (vy ) 
phase the amount of secondary phase would be 25.68 
pet. This maximum is never even approached. For 
all aging treatments, the amount of (y’) phase is al- 
ways less than 20 pct. 

A possible explanation for the arrestment of 
growth during aging is that the matrix Ti/Al ratio 
has approached 1.5 at the start of the plateau. To 
continue precipitating (y’) phase, the matrix must 
decrease its Ti/Al ratio. Table II shows that the 
titanium content and Ti/Al ratio of the (y’) precip- 
itates increase along the plateau even though the 
diameter of the particles remains constant. There- 
fore, during the arrestment of growth the precipitate 
particles may be exchanging aluminum atoms for 
titanium atoms with the matrix. This process would 
be expected to continue until the titanium content of 
matrix is low enough to support further growth of 
(y’) phase precipitates. 

A second possible explanation is suggested by the 
fact that particle growth is arrested at approximately 


the same diameter for the 1400°F and the 1500° F ag- 
ing treatment. The misfit of 0.6 pct and precipitate 
lattice parameter of approximately 3.6A may produce 
a change in the strain field around the precipitate par- 
ticles at the 600A diam. This variation in the strain 
field could produce the particle growth arrestment. 


Conclusions—The (y’) precipitates growth is ar- 
rested at approximately 600A diam. Two different ex- 
planations are proposed for the arrestment of growth. 
The first explanation suggests that the arrestment 
occurs when the Ti/AI ratio in the matrix is maxi- 
mized. The second explanation proposes that the ar- 
restment is due to a variation in the strain field 
around the precipitate particles. The particle shape 
was found to be spherical for all aging treatments 
and chromium was found to participate in the initial 
stages of the precipitation process. 


The authors appreciate the support of the Depart- 
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grateful to the Utica Metals Division, Kelsey-Hayes 
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Technical Notes 


Ductile Beryllium-Silver Alloys 
Produced by Casting 


J. B. Cohen 


Earty investigators’* reported that additions of 
beryllium to silver caused embrittlement. The in- 
termetallic phases which are now known to exist**® 
were not known at the time. Solidification appeared 
to occur by a simple eutectic reation.*’’ (The pri- 


mary beryllium-rich phase appeared globular, when 


the liquidus temperature was near the melting point 
of pure beryllium, and angular. when the liquidus 
was much lower; in discussion of Sloman’s work,* 
it was suggested that this difference was due to an 
intermetallic compound which was not revealed by 
the polishing technique.) In the investigation re- 
ported here, it was found that if the compounds now 
known to exist were avoided, certain beryllium- 
silver alloys containing large amounts of the pri- 
mary beryllium phase possessed sufficient ductility 
to be cold formed. 

Alloys containing 14 and 20 at. pct Ag were pre- 
pared from vacuum-cast beryllium containing 1.0 
to 1.2 pct impurities and silver, 99.99+ pct pure. 
The elements were melted together by induction in 
beryllia or alumina crucibles under argon at less 
than 1 atm pressure. The cooling rate was ad- 
justed by regulating the temperature of the melt 
and by reducing the power to zero without stopping 
the water flow in the induction coils, which were in 


contact with the crucible. Ingots were about 0.75 in. 


in diam with a grain size of 0.12 to 0.25 in. 

Microscopic investigation of transverse or lon- 
gitudinal sections of an ingot cast from a tempera- 
ture well above its melting point showed that, in 
general, the compounds did not form, presumably 
because of rapid cooling; the alloys consisted of 
beryllium-rich particles in a silver-rich matrix 
as shown in Fig. 1. A eutectic structure was not 
observed, probably.due to the low beryllium con- 
centration of the eutectic composition and eutectic 
divorcement. Within a given grain, the small glob- 
ules of the primary phase were all oriented in the 
same direction, as indicated by examination under 
polarized light; the orientation varied from grain 
to grain. This suggested that the globules were 
branches of the same dendrites. 

If cooling was too slow, a third constituent was 
observed in the microstructure; because it formed 
around the primary beryllium-rich globules it was 
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Fig. 1—Ag-Be alloy, 18.6 at. pct Ag, as-cast. Bright field 
illumination. Etched with an aqueous solution of NH,OH 
and H,O2. X500. Reduced approximately 21 pct for repro- 
duction. 


probably the 6 compound. A thin ring around an 
ingot often contained this constituent. When this 
compound was present in large quantities, or the 
silver segregated so that large regions occurred 
with the beryllium-rich globules in contact, sec- 
tions from the ingot were brittle. When the com- 
pound was initially absent, it was possible to carry 
out reductions in thickness of 50 pct by cold rolling 
with only limited edge cracking; failure did not oc- 
cur until reductions of 80 pct. A typical cross 
section after cold rolling is shown in Fig. 2. After 
simple bend tests, microcracks were found; these 
apparently were difficult to propagate in the two- 
phase structure, as the specimens continued to be- 
have in a ductile manner after the cracks appeared. 
Similar cracks would probably be closed during 
rolling. It is apparent in Fig. 2 however, that the 
primary beryllium particles undergo extensive 
plastic deformation. Hardness values of the alloys 
indicated that some work-hardening occurred during 
cold working. 


= 


Fig. 2—Ag-Be alloy, 18.6 at. pct Ag, reduced 83 pct in 
thickness by cold rolling. Bright field illumination. Etched 
with an aqueous solution of NH,OH and H,O,. X500. Re- 
duced approximately 21 pct for reproduction. 
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The density of certain alloys was measured by 
weighing in air and in water; within 5 pct, the den- 
sity was the same as that calculated by assuming no 
mixing of the component elements. The density of 
an 18.6 at. pct Ag alloy was 4.5 g per cc. 

These results are in agreement with those of 
Cooper’ who found that by hot working and an un- 
specified heat treatment, two-phase beryllium- 
silver alloys could be made ductile. Apparently, 
this treatment was below the temperature at which 
the intermetallic compounds were stable. 


Alloys with lower silver contents, which did not 
have a continuous silver network, were brittle. 

The author thanks W. Chesley, P. Haritos, and 
J. Boyd for technical assistance. 
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A Solidus Measurement Technique for the 
Tantalum-Rhenium System to 3000°C 


J.H. Brophy and P. Schwarzkopf 


A. modification of the Mendenhall wedge blackbody* 
has been used to determine solidus temperatures 
and to anneal alloys in the tantalum-rhenium binary 
system. The technique has proven to be simple and 
accurate with modest power requirements. 

For temperatures up to 2800°C a piece of 10-mil 
tantalum sheet was folded double and formed as 
shown in Fig. 1. The middle of the resulting ribbon 
filament was a cylindrical-shaped crucible with less 
than a /s-in. opening. After inserting a specimen 
in the cavity, the filament was clamped between 
molybdenum electrodes in a high vacuum chamber. 
A representative filament 2 in. long and */, in. deep 
was heated to 2800°C with a current of 700 amp at 
4 v. The specimen temperature was determined by 
sighting into the cavity with a Leeds and Northrup 
optical pyrometer. The twisted filament shape was 
necessary to avoid serious geometric changes dur- 
ing thermal expansion. 

For temperatures between 2800° and 3000°C a 
4-mil tungsten filament was employed. To facilitate 
fabrication it was warm-folded, and a twisted seg- 
ment of 10-mil tantalum was used to support one 
end to absorb thermal expansion. This element as- 
sembly required about 700 amp at 10 v to reach 
3000°C. 

Two geometric modifications of the filament were 
helpful for solidus temperature determinations. A 
shallow chamber, with depth to opening ratio of 
3 to 1, permitted direct observation of the specimen 
through the optical pyrometer. The fact that the 
specimen was visible permitted the melting point 
to be determined when sharp features on the speci- 
men surface became rounded; it also indicated that 
blackbody conditions did not prevail. By standard- 
izing against the melting point of molybdenum, the 
observed melting temperature was corrected by the 
following form of Wien’s Law: 
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1, 
in which T is the true temperature, To is the ob- 
served temperature, and K is a constant character- 
istic of the filament geometry and determined ex- 
perimentally for the molybdenum standard. The 
resulting corrected melting point for each alloy 
served as a reference temperature for the second 
more precise filament geometry. With a6 tol 
depth to opening ratio, the specimen was indistin- 
guishable from the filament interior, indicating good 
blackbody conditions. 

Using this technique, a series of specimens was 
isothermally treated at temperatures above and be- 
low the corrected direct reading. Incipient melting 
was detected by visual or micrographic examination 
of the specimen after cooling. This procedure was 
checked with specimens of pure chromium, molyb- 
denum, and tantalum. Table I represents the values 
obtained, together with the solidus temperatures in 
the tantalum-rhenium binary system determined by 
the Same technique. The alloy specimens were ap- 
proximately 7s in. in diam. They were pieces of 
10-g buttons melted four times in a nonconsumable 
tungsten electrode arc furnace on a water cooled 
copper hearth in 73 atmos of titanium gettered 
helium. 

Several sources of error are possible in such 
temperature measurements. Within the accuracy 
of the pyrometer no gradients were detectable near 
the specimen, and element distortion was virtually 
eliminated by twisting the tantalum. Compensation 
was made for the 7/s-in. sight glass by inserting 
several identical thicknesses and extrapolating to 
zero thickness. As a result an additional 10°C 
correction was added to all observations in the tem- 
perature range of 2500° to 3000°C. The principal 
source of error was then in the operation of the 


Fig. 1—Folded tantalum resistance element. 
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Table 1. Solidus Temperature Measurements in the Tantalum- 
Rhenium System 


Temperature °C 


No Melting Melting Direct 
Alloy, Wt Pct Observed Observed Observation 
87 Ta—Re 2890* 
70 Ta 2800* 
51Ta 2660 2690 
43 Ta 2660 2690 2660 
39 Ta 2710 2740 2730 
30 Ta 2720 
25 Ta 2720 2730 
20 Ta 2760 
13 Ta 2740 2760 2760 
8 Ta 2760 
Mo 2610 2610** 
Cr 1890 
Ta 2945* 


*Tungsten resistance filament. 
**Reference temperature. 


optical pyrometer itself. The instrument used in 

the present investigation was checked against one 
newly calibrated by the manufacturer, and duplicate 
observations agreed to +10°C. With this informa- 
tion and the study of optical pyrometers by Forsythe? 
a justifiable accuracy estimate for the present tech- 
nique is +20°C. 

It should also be noted that the deep tantalum fila- 
ment was suitable for refractory alloy heat treat- 
ments. Specimens on the order of /e in. diam were 
cooled slowly by gradually reducing the power input, 
and quenched by shutting off the current entirely. In 
the latter case the filament cooled from above 
2500°C to 1000°C in less than 15 sec. During such 
heat treatments no joining, and therefore no diffu- 
sion, has as yet been observed between specimen 
and filament. In the tantalum-rhenium alloy in- 
vestigation a single tantalum element served in 
several heat treatments near 2500°C for a total 
hr. 

The authors are indebted to the Wright Air Devel- 
opment Center for the support of the research dur- 
ing which the present observations were made. 

1C. E. Mendenhall and W. E. Forsythe: The Relation between Blackbody 

and True Temperature for Tungsten, Molybdenum and Carbon, and the Tem- 


perature Variation of Their Reflecting Power, Astrophys. J., 1913, vol. 37, 


Pp. 380. 
2W. E. Forsythe: Optical Pyrometry, J. Appl. Phys., 1940, vol. 11, p. 409. 


Some Aspects of Martensitic Transfor- 
mation in Copper Aluminum Alloys 


Rajendra Kumar and V. Balasubramanian 


IlsoTHERMAL formation of martensite in a copper- 
aluminum-nickel alloy was previously reported by 
Hull and Garwood.’ In the present work an attempt 
has been made to investigate some of the character- 
RAJENDRA KUMAR, Junior Member AIME, is with the College of 
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istics of the formation of isothermal martensite in 
binary copper-aluminum alloys containing 14.00 and 
14.50 pct Al, respectively. 

Chill-cast alloys were prepared from OFHC cop- 
per and aluminum of greater than 99.5 pct purity. 
They were homogenized for 24 hr at 950°C. Polished 
samples were soaked at 1000°C and quenched in 
water to retain the 6 phase untransformed; marten- 
site did not form during the quench. The surface 
was then repolished for isothermal microscopic 
studies at room temperature. 

The salient features of the martensitic transfor- 
mation in copper-aluminum alloys observed in this 
investigation are: 

a) The transformation progresses (i) by nuclea- 
tion at new sites and (ii) by simultaneous slow iso- 
thermal growth of existing martensite plates. Slow 
isothermal growth of martensite has previously been 
observed by Holden? in an uranium-chromium alloy 
and by Hull and Garwood in copper-aluminum-nickel 
alloy. 

b) Martensite plates nucleate preferentially at the 
pin holes formed during the casting of the specimen, 
Fig. 

c) Some of the martensite plates pass right 
through other plates lying in their path, Fig. 1. 

d) Martensite plates cross grain boundaries 
without any change in the direction of growth. 

e) An irregular network of markings, Fig. 2, ap- 
pears simultaneously with the formation of marten- 
site. It was less prominent in the case of 14.5 pct 
alloy. The markings may arise due to spontaneous 
deformation under the lattice strains of the mar- 
tensitic transformation. 

Crossing of martensite plates was first observed 
by Kulin and Cohen® when a high-nickel steel was 
cooled to 77°K. They suggested that the rapidly ad- 
vancing plates acquire considerable kinetic energy 
and strike the obstructing plate with a momentum 
so as to nucleate the process on the other side of 
the plate. This, however, fails to explain the pres- 
ent observation where the slow isothermally grow- 
ing martensite plates cross each other. Such plates 
would not possess large momentum to bodily dis- 
place the obstructing plate. Fig. 1 shows the mar- 
tensite plates crossing each other without body dis- 
placements. This should be contrasted with Fig. 3 
of Kulin and Cohen’s paper where crossing of plates 
is accompanied by shearing or body displacements 
of the plates. The present observations can, how- 


Fig. 1—Cu 14.5 pet Al alloy, 15 days after the heat treat- 
ment. X180. Reduced approximately 46 pct for reproduc- 
tion. 
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Fig. 2—Cu-14.0 pet Al alloy 17 days after the heat treat- 
ment showing the development of an irregular network of 


markings. X325. Reduced approximately 46 pct for repro- 
duction. 


ever, be explained if it is assumed that the trans- 
formation progresses through successive small 
shears over discrete regions during the slow iso- 
thermal growth. The transformation would then not 
possess large kinetic energy necessary to bodily 
dislodge the obstructing plate. This would simul- 
taneously explain the morphology of the deformation 
markings. A deformation marking is believed ini- 
tially to be straight and naturally bends at the mar- 
tensite shear plane when subsequent transformation 
‘occurs. Successive shears over small adjoining 
regions will give the marking a smoothly bent 
appearance. 

The authors wish to record their thanks to 
Dr. Daya Swarup for’ his encouragement and pro- 
viding facilities in the Department of Metallurgy. 


1p. Hull and R. D. Garwood: J. Inst. Metals, 1958, vol. 86, p. 485. 
2A. N. Holden: Acta Met., 1953, vol. 1, p. 617. 
3S. A. Kulin and M. Cohen: AJME Trans., 1950, vol. 188, p. 1139. 


A Substructure in Omega-Hardened Alloys 
of Cobalt in Titanium > 


G. R. Purdy and R. Taggart 


Durinc a study of the tempering of B-quenched 
alloys of cobalt in titanium, parallel lines were ob- 
served crossing certain faces of retained-8 crys- 
tals in the early stages of tempering, Fig. 1. The 
lines closely resemble stress-induced martensite’ 
or substructures attributed to clusters of faults in 
titanium-nickel’ and copper-silicon? alloys. 

The markings were observed only in intensely 
etched quenched and tempered alloys having com- 
positions ranging from 4.5 pct* Co (the composi- 

*Atomic percent is used throughout this paper. 
tion at which 8 is just retained by rapid quenching) 
to 10 pet Co. The depth and width of the lines de- 
pended upon the severity of the etch, and the pattern 
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search Associate with the Dept. of Mining and Metallurgy, University of 
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Fig. 1—Ti-6 pct Co. 
Quenched, tempered 
350°C for 10 min, 
etched 2 pct HF. 
X100. Reduced ap- 
proximately 32 pct 
for reproduction. 


Fig. 2—Ti-7.5 pet 
Co. Quenched, 
tempered 350°C for 
100 min, etched 

2 pet HF. Phase- 
contrast photomi- 
crograph. X500. 
Reduced approxi- 
mately 32 pct for 
reproduction. 


Fig. 3—Ti-7.5 pet 
Co. Quenched, 
cold-worked, tem- 
pered 350°C for 

1 min, etched in 

2 pet HF. X450. 
Reduced approxi- 
mately 32 pct for 
reproduction. 


Fig. 4—Ti-7.5 pet 
Co. Quenched, 
tempered 350°C for 
10 min, etched in 

2 pet HF. X375. 
Reduced approxi- 
mately 32 pct for 
reproduction. 


formed by the lines was reproduced upon repolishing 
and reetching. Close metallographic examination 
indicated that the markings were troughs, Fig. 2, 
and that the characteristic surface substructure 
persisted within the troughs. 

The occurrence of the troughs was associated 
with the age hardening reaction due to the metastable 
w phase (previously reported in titanium-cobalt 
alloys by Raub and Beeskow’* and indicated in this 
work by the broadening of 8 diffraction peaks and 
by hardnesses approaching 600 Dph). The troughs 
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appeared first when the aging reaction started 

(Fig. 3— 490 Dph) and increased in number and 
length as maximum hardness was approached 

(Fig. 4—560 Dph). Stress-induced martensite, 
produced by severe cold work, is shown co-existing 
with the troughs in Fig. 3 to preclude any confusion 
between the two phenomena. 

The troughs are orientation sensitive, appearing 
only on certain grain surfaces. The grains display- 
ing the troughs were found to be about 35 points 
Dph (1-kg load) harder than the clear grains. A 
grid pattern, Fig. 4, with an average Spacing of 10u 
was found on some grains. 

Omega is believed to be either body-centered 
cubic” or hexagonal.° If the structure is body- 
centered cubic, the two phases are coherent across 
cube faces; if the structure is hexagonal, the phases 
are related such that [001],,// [111], and (110), // 
(110)s. In any case a strong structural relationship 
exists between w and £. The occurrence of the 
troughs is thought to be due to coherency strains 
produced when the £ phase, on tempering, becomes 
enriched in cobalt. Planes of stress set up by the 
accompanying parameter shift would result in etch 
troughs, provided that the w reaction were nu- 
cleated on, and proceeded along, specific crystal- 
lographic planes. 
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The Germanium- Tellurium Phase Diagram 
in the Vicinity of the Compound GeTe 


J. P. McHugh and W. A. Tiller 


Tue phase diagram of the Ge-Te system was first 
investigated by Klemm and Frischmuth.* They ar- 
rived at the phase diagram shown in Fig. 1 indicat- 
ing the presence of a peritectic phase boundary at 
the 50 at. pct Ge composition. Later, Schubert and 
Fricke’ obtained data which suggested to them the 
possible existence of a eutectic at about 55 at. pct 
Ge. In order to resolve these differences, we have 
carefully studied this system in the region 40 to 60 
JAMES P. McHUGH and WILLIAM A. TILLER are Research Chemist 
and Advisory Physicist, respectively, Dept. of 


Laboratories, Westinghouse Electric Corp., Pittsburgh, 
Manuscript submitted July 29, 1959. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


1000 


=| 


800 


500 


400 |— 


300 | | 
O 20 40 60 80 


Ge Atomic % Te 


100 
Te 


Fig. 1—Ge-Te phase diagram of Klemm and Frischmuth. 
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at. pct Ge using both the conventional thermal an- 
alysis technique and a new solidification technique.” 
The alloys were prepared from semiconductor 
grade germanium and 99.999+ Te by reacting the 
elements in evacuated, graphite coated, vycor tubes. 
The samples were placed in a thermal analysis ap- 
paratus described elsewhere* and cooling curves 
were taken of each alloy to determine the liquidus 
surface. The cooling curve for a 50 at. pct alloy 
shows two distinct arrests about 1°C apart which 


4 


790 T T 


=| 


Q Q 


f 
49.85% 50.6 
| 
| 


Atomic % Te 


Fig. 2—Ge-Te phase diagram in the region of “GeTe,” 
present work. 
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Table |. Thermal Analysis Data 


Arrest Temperatures, °C 
43 815 723.0 _ 
45 783 723.8 _ 
48 745 723.8 = 
49 = 723.0 = 
49.5 - 
50 - 723.8-722.8 
50.5 724.0 
51 - 723.5 ~375 
52 - 722017 ~375 
55 709.4 ~375 
60 675.5 
Table II. Controlled Freezing Data 
Composition of Composition of 
Starting First Material Last Material 
Composition to Freeze to Freeze 
At. Pct Te At. Pct Te At. Pct Te 
45 <40.0 49.85 
50 50.61 49.85 
52 50.61 >57.4 


immediately suggests the presence of a phase 
boundary close to the 50-50 composition. Data from 
the thermal analysis are shown in Table I. How- 
ever, from the thermal analysis alone it is im- 
possible to uniquely determine whether itis a 
eutectic or a peritectic phase boundary. 

In order to uniquely determine the type of phase 
boundary observed by the thermal analysis a number 


of alloy samples were analyzed using the solidifica- 
tion technique.” In this technique the alloy sample is 
placed in a tube, melted and slowly solidified from 
one end with the melt being stirred. The resulting 
solid is then analyzed to determine the composition 
as a function of distance along the sample. In this 
instance the composition of the first solid to freeze 
and the last solid to freeze is of interest to us. If the 
last solid to freeze is richer in Te than the first 
solid, the liquidus slope (d7/dCye) is negative. If the 
last solid to freeze is richer in Ge than the first 
solid, the liquidus slope (dT/dC;,) is positive. From 
the data in Table II for alloy samples of initial com- 
position i) 45.00 at. pct Te, ii) 50.00 at. pct Te and 
iii) 52.00 at. pct Te, it can be seen that a eutectic 
occurs at 49.85 at. pct Te between the Ge phase and 
a compound containing 50.61 at. pct Te. The correct 
phase diagram for this region is given in Fig. 2. 

We can see from the foregoing that a eutectic 
phase boundary occurs at 49.85 at. pct Te in the Ge- 
Te system rather than a peritectic phase boundary 
and that the nonstoichiometric compound Ge 
Te 012 is produced from liquid of the same compo- 
sition. This data illustrates the ease with which the 
solidification technique can be combined with the 
thermal analysis technique to uniquely determine 
such phase boundaries. 
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Effect of Orientation on Creep of 
Aluminum Single Crystals at 4.2°K 


R. L. Fleischer and W. A. Backofen 


An effect of orientation on the creep behavior of 
aluminum at 4.2°K has been observed. Stress re- 
laxation was measured in a hard-type tensile de- 
vice after stopping the drive. From the spring con- 
stant of the device the load-time record could be 
converted to strain as a function of time. The strain 
sensitivity was 2-10°°, and the usual creep time of 

1 min normally allowed a stress drop of about 25 g 
per sq mm. Further details of the apparatus and 
sample preparation appear elsewhere.’ 

It should be noted that neither stress nor strain 
were constant, so that quantitative comparison with 
current creep theories will not be made. Shear 
strain (y) as a function of time (¢) was consistent 
with logarithmic behavior: y = A Int, where A isa 
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constant. In some cases ¢ was made as large as 
10* sec. In the results the quantity A divided by 7 
(the resolved shear stress, which is the driving 
force for creep) is plotted as a function of strain 
prior to creep. The quantity A/7 is thought to in- 
dicate qualitatively the ease with which dislocations 
can move during creep. 

In Fig. 1 are drawn tensile stress-strain curves 
and A/t-strain measurements for single crystals 
of three orientations: 1(a) and 1(0) for the maximum 
resolved shear-stress orientation, 1(c) for an orien- 
tation 2 deg from [211], and 1(@) for a[111] stress 
axis. The following observations were made: 

1) At low strains the A/7 values are nearly the 
same for the three orientations. 

2) As strains increase, A/T drops most rapidly 
for [111] and less rapidly for [211], while for the 
maximum Shear-stress orientation it is constant 
during easy glide and drops abruptly at the termin- 
ation of easy glide. 


3) In stage II, A/T values are again approximately 
the same for the three orientations. 

These observations are regarded as evidence that 
1) the initiation of slip produces obstacles of es- 
sentially the same effectiveness for all of these 
orientations, while 2) the rate at which slip obstacles 
are produced before stage II is fully developed is 
strongly controlled by the amount of Slip on more 
than one system. This second statement is consis- 
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tent with the fact that extent of secondary slip should 


increase as the maximum shear-stress orientation, 
_ [211], and [111] orientations are considered in turn. 

Finally, (3) the effectiveness of obstacles to creep 

early in stage II is essentially independent of orien- 


tation. 
The financial support of the Atomic Energy Com- 


mission is gratefully acknowledged. 
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A New Method to Test Steel for Temper 
Brittleness 


Abdul-Fattah K. Kaddou and Philip C. Rosenthal 


Tue authors have studied the problem of temper 
brittleness in steel’ employing an internal friction 
method. The specimens are in the form of wire, 
14B and S gage (0.064 in diam), 6 in. long. 

It was very desirable to have an apparatus to test 
the wire specimens for temper brittleness without 
making standard notched-bar Izod or Charpy impact 
tests. Such a device would have two favorable ad- 
vantages: the first is that no standard impact speci- 
men would be necessary, thus saving time and labor; 
the second is that there would be a direct correla- 
tion with internal friction results, thus eliminating 
the size factor if standard impact specimens had to 
be used. 

A search was made without result to find a com- 
mercial apparatus for this purpose. The literature 
was surveyed to investigate if such a test had been 
utilized. No such work has been reported in the 
literature; however, Zapffe* has described an appa- 
ratus used for testing for hydrogen embrittlement in 
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Fig. 1—Schematic diagram of the wire-wrap bend appa- 
ratus. 
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stainless steel by a wire-wrap bend method. Conse- 
quently, a wire-wrap bend apparatus was designed 
and constructed to meet the requirements, as shown 
in Fig. 1. The apparatus is made up of a heavy 
bakelite plate calibrated in degrees. A hole is drilled 
in the moving arm to hold the 2-in. wire specimen. 
One end of the specimen is laid flat on the stationary 
arm, while the other end is attached to the rotating 
arm. A fixed pin (0.100 in. diam) is placed in the 
center of the calibrated dials, such that the wire is 
tangent to this pin. The wire is notched by hand with 
a triangular file to a consistent depth. The notch is 
placed directly under the pin, facing downward. Dur- 
ing the test the wire is wrapped around the pin by the 
rotating arm which is driven by an electric motor 
and speed reducer (800:1 ratio), while the whole 
assembly is held at constant temperature in an ace- 
tone-dry ice bath. The angle at which the wire fails 
and the temperature of the bath are recorded. 

Both embrittled and tough steel wires* were tested 

*AISI 3310 steel specimens are austenized 1 hr 1700°F in a salt 
bath, WQ, then tempered 1 hr 1150°F and WQ to produce a tough steel. 


For embrittlement, the tough wires were given an additional tempering 
of 50 hr at 930°F, and WQ. 


over a range of temperature. The data thus obtained 
are plotted in Fig. 2. The resulting curves have 
striking similarity to the impact test curves, where 
a transition from brittle to a ductile failure is evi- 
dent. The results show that the sensitivity of this 
test to embrittlement is high, showing an approxi- 
mate shift of 106°C in the transition temperature 
from — 70° to 36°C due to embrittlement. These 
results are comparable to notched-bar impact 
test results obtained from the same material.* The 

*Charpy impact specimens were undersize 0.356 by 0.356 in. for both 
the embrittled and tough specimens, and tests were made with a Sonntag 
Universal Impact Machine. 
results of the latter tests indicated a shift of 116°C 
in the transition temperature from —44° to + 72°C. 
Here again it may be seen that this steel is highly 
susceptible to temper embrittlement. 

Another interesting result is seen when the 
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curves of the embrittled and tough wires tested by 
the wire-wrap bend test are compared at tempera- 
tures above their transition temperatures. This 
wire-wrap bend test indicates that there is still 
some difference in the breaking behavior of the 
two steel wires, with the embrittled wire breaking 
at a smaller angle of bend than the tough; such 
distinction is not evident in the Charpy impact test. 

Thus it may be concluded that this wire-wrap 
bend test has potentialities as a research tool for 
studying temper brittleness in steel wires and 
Similar problems. 

1Abdul-Fattah K. Kaddou: Ph.D. Thesis, University of Wisconsin, 1958. 
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The Graphical Representation of Roasting 
Equilibria 


D. H. Kirkwood and J. Nutting 


Ir is clearly of great metallurgical interest to know 
the conditions of temperature and gas composition 
under which different products will form in sulphide 
roasting. A method of graphically presenting the 
relevant thermodynamic data will be demonstrated, 
such that these conditions are readily obtainable. 

The products of sulphide roasting may be oxide, 
Sulphate, or oxysulphates, and the equilibria between 
these may be represented in the following way: 


2 MSO, = MO-MSO, + SO; 
MO-MSO, = 2 MO + SO, 


D. H. KIRKWOOD, formerly at the University of Cambridge, England, 
is now Research Fellow, Dept. of Metallurgy, Mas Institute 
of Technology, Cambridge, Mass. J. NUTTING is Lecturer, Dept. of 
etallurgy, University of Cambridge. 
Manuscript submitted March 30, 1959. EMD 
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Fig. 1—Phase diagram of PbO-SO 3 system. 


This system may be regarded as being made up of 
two components (MO and SO,) and the phase rule 
demands that: 


degrees of freedom = 4 — no. of phases 


Because the gaseous phase is always present, there 
will be two degrees of freedom for one condensed 
phase, and one for two phases, and none for three 
condensed phases. Hence if we plot partial pres- 
sure of SO; against temperature, there will be fields 
of single condensed phases whose boundaries are 
the conditions of equilibrium between two phases. 
Three such phase fields will meet at a point which is 
unique. It is an advantage to plot RT Inp,,, against 
temperature’ since this leads to approximately 
straight boundaries, with slopes of AS °(the standard 
entropy of reaction between the appropriate phases). 

The diagram in Fig. 1 is drawn in this manner 
for the PbO-SO, system. This system is more com- 
plex than most owing to the existence of three 
oxysulphates.* The standard free energies for the 
reactions between all pairs of possible products 
have been calculated for 298. 16° K and 1000°K, from 
the work of Kellogg and Basu,’ 
for the free energy of formation of yellow PbO.* 
From this information, RT Inpso, was plotted for 
the two temperatures, ‘and the points joined to give 
the boundary between the appropriate phases. Some 
of these boundaries were found to be metastable, 
since one or both phases may be unstable over part 
or all the temperature range. The diagram shows 
the complete range of conditions in which the oxide, 
sulphate, and oxysulphates can exist up to 1100°K. 

The equilibria between the products and lead or 
lead sulphate may be written: 


PbS + 3 SO, = PbO + 4 SO, 
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and Coughlin’s value 


or 
Pb + SO, = PbO + SO, 


In order to represent these equilibria on the dia- 
gram as a phase boundary, the partial pressure of 
SO, must be given. This boundary has been drawn 
for Pso, equal to 152 atm, and it will be seen that 
under these reducing conditions, sulphide is stable 
at the lower temperatures but the metal at high 
temperatures. A calculation on the oxygen partial 
pressure at 500°K shows it to be 107 ° atm, while 
at 1000°K it rises to 10” atm. The much higher 
oxidizing conditions normally encountered in roast- 
ing will shift this lead and lead sulphide boundary 
even further to the left of the diagram. The operat- 
ing conditions of a conventional roaster is marked 
on the diagram (2 pct O, and 8 pct SO, at 1100°K). 
It is seen that sulphate is the stable product of 
roasting under these conditions. 

Kellogg and Basu show in their paper a thermo- 
dynamic phase diagram for the Pb-S-O system. In 
this, they plot ),., against po, for a given tem- 
perature and obtain fields of single condensed 
phases, whose boundaries represent bivariant 
equilibria between two phases. Since roasting 
atmospheres are usually analyzed for SO, and O,, 
this information can be directly applied to this 
type of diagram, and also the reducing conditions 
necessary to produce sulphide or metal can be © 
more satisfactorily represented. Against this, 
however, the inability to show in the same diagram 
the effect of varying the temperature, seriously 
limits its usefulness. Also it has been pointed out 
that in normal roasting conditions, which are neces- 
sarily oxidizing, the equilibrium with lead or lead 
sulphide is not of practical interest. 

As part of a series of experiments on lead sul- 
phide roasting the authors investigated the stable 
product of roasting in air at different temperatures. 
This was done by roasting a thin film of sulphide, 
prepared chemically, and analyzing the product by 
transmission electron diffraction. It was definitely 
established that sulphate was stable up to around 
570°C. Above this temperature, the film disinte- 
grated to give a new phase, which was probably 
PbO-PbSO, though the analysis was not conclusive. 
According to the phase diagram in Fig. 1, this de- 
composition should occur at 580°C if the atmosphere 
contains 10°"* atm of SO,. Some calculations from 
the data of Meetcham and Monkhouse” who studied 
the distribution of SO, and SO, in the atmosphere, 
show that this is a reasonable value for a nonin- 
dustrial area and provides an independent check on 
the diagram. 


1Pourbaix and Rorive-Bouté: Disc. Faraday Soc. 1948, vol. 4, p. 142 and dis- 
cussions. 

2J, J. Lander: Trans. Electrochem. Soc., 1949, vol. 95, p. 174. 

3H. H. Kellogg and S. K. Basu: AIME Trans., to be published. 

4J. P. Coughlin: U.S. Bur. Min. Bull. No. 542, 1954. 

5A, R. Meetcham and A. C. Monkhouse: The Industrial Chemist, July 1947. 
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Deformation Twins in Re-Mo Alloys of 
Body-Centered-Cubic Structure 


C. Feng 


Tue sensitivity of twinning in molybdenum alloys 
containing 20 or more at. pct Re was reported by 
Dickenson and Richardson’ and Sims ef al.” The 
latter* also studied the effect of twinning on plastic 
deformation of these alloys. Recently, in this 
laboratory, the twinning planes in a series of Mo- Re 
alloys were successfully identified by tracing their 
boundaries on two known surfaces of the crystals, 
with the aid of stereographic projection. The nomi- 
nal alloy composition and the results of the deter- 
mination are listed in Table I. 

Metallic powders of molybdenum and rhenium 
with 99.9 pct purity were mixed, pressed and arc- 
melted into buttons under purified argon in a water- 
cooled copper hearth; the buttons were annealed at 
2400°C in vacuum (10°*mm Hg) for 1 hr, remelted 
under argon and finally reannealed in vacuum at 
2400°C for another hour. This treatment yielded a 
homogeneous alloy. Large-grain specimens devoid 
of subgrains were obtained with grain diameter 
varying from 1/8 to 1/2 in. A typical specimen 
weighed about 15 g. Orientations were determined 
by taking X-ray back reflection photographs for 
each grain on a polished surface of the specimens. 
Two surfaces were cut and polished; the angle be- 
tween the two surfaces was measured with an ac- 
curacy of +2°. 

The twins were produced by compression in a 
hydraulic press at room temperature. Usually, 
several sets of twins could be obtained within each 
grain. Except in cases where no twins were formed, 
(Crystals 7, 8, and 9) the twinning planes were iden- 
tified consistently as the {1 12} family over a wide 
range of alloying compositions and surface orienta- 
tions of the crystals, as indicated in the stereo- 
graphic triangle in Fig. 1. The twins, however, 
were not broad enough to accommodate a conven- 
tional X-ray beam and no identification could be 
made of the twinning direction. Nevertheless, the 


Table |. Twinning Elements in a Series of Mo-Re Alloys 
of Body-Centered-Cubic Structure 


Planes of 
Crystal No. Twin Boundaries At. Pet 
it {112} 35 
2 {112} 35 
3 {112} 35 
10 {112} 26 
11 {112} 26 
4 {112} 18 
5 {112} 18 
6 {112} 18 
Uf No twins 12 
8 No twins 12 
9 No twins 13 


C. FENG is with Research Division, Raytheon Co., Waltham, Mass. 
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Fig. 1—Surface orientation of specimens for twin bound- 
ary determination. 


direction must be one that lies in a plane of sym- 
metry perpendicular to the twinning plane. There 
are only two such possible planes in a bcc lattice, 
namely the {110} and the {100} planes. Of these, 

only the {110} planes are perpendicular to {112}, and 
the <111> direction is the intersection of the two 
perpendicular planes. It can thus be concluded that 
<111> is the twinning direction. 

The twinning elements of molybdenum have been 
reported as the {112} planes and the <111> direc- 
tions,* which are also the operative elements in 
other body-centered-cubic metals, such as W, a-Fe, 
and 6-brass.° Thus, the present finding of the 
twinning elements in Mo-Re alloys supports the con- 
cept that twinning formation is mainly governed by 
the lattice structure. 

It is of interest to note that for specimens con- 
taining 12 at. Pct Re or less, no twins were found 
after being plastically deformed to as much as 30 pct 
reduction in height by compression, while for the 35 
at. pct Re alloy, twins were formed with less than 
1 pct deformation. This, of course, does not exclude 
the possibilities that for Re-Mo alloys containing 
12 pct Re or less, twins could be formed under dif- 
ferent conditions, such as at liquid air temperature 
or under impact loading. The present results, how- 
ever, suggest that under the same conditions twinning 
is increasingly sensitive with increasing rhenium 
content. Consequently, the plastic strain at which 
twinning starts was found inversely proportional to 
the amount of rhenium in solid solution with molyb- 
denum. This plastic strain necessary to cause twin- 
ning may be used as a criterion in the study of 
twinning characteristics. 


1]. M. Dickenson and L. S. Richardson: Trans. ASM, 1959, vol. 51, p. 1055. 

2C, T. Sims et al.: Investigation of Rhenium for Electron-Tube Applications; 
Battelle Memorial Inst. Scientific Report, AFCRC—TN—58-176, June, 1958. 

3C. T. Sims: Written Discussion, Trans. ASM, 1959, vol. 51, p. 1068. 

4R. W. Cahn: J. Inst. of Met., July 1955, vol. 83, p. 493. 

5C. S, Barrett: Structure of Metals, p. 377, McGraw-Hill, New York, 1952, 
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